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Preface

This book is based on the author’s lectures, given at the Technical University 
of Budapest. It has benefited from many other sources, in particular the 
lectures given by Prof. E. W. Fischer at the Polytechnic Institute of Brooklyn 
in 1964/65, the excellent book by F. Billmeyer, and of course experimental 
results from the Department of Polymer Micromorphology at the Polymer 
Research Institute where the author has been a coworker since 1952.

The first version of this book was written in 1968 69, fór special 
postgraduate courses, the second was printed in proper book form by 
Műszaki Könyvkiadó, Budapest in 1982. In the intervening years polymer 
characterization techniques have developed so rapidly that this revised 
edition has been prepared in English at the suggestion of many colleagues 
from abroad.

The book is intended fór graduate students working in the field of 
polymers, fór research workers in the polymer industry and fór those, who 
are simply interested in polymer characterization.

The structure of polymers is described and closely related to their 
morphology, and the methods of investigation are outlined sufficiently to pút 
relevant questions to the experts in these methods. The author would be 
pleased, if scientists, working in the field of polymer analysis could alsó make 
use of this presentation, at least on related subjects.



VI Preface

Finally, the author wishes to thank Dr. György Bánhegyi who nőt only 
translated the text from Hungárián bút alsó contributed important 
comments and advice during the translation. The manuscript was prepared 
by Mrs. Irén Szlancsók, to whom the author would like to express thanks fór 
her patience and diligence.

Géza Bodor
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INTRODUCTION

Low molecular inorganic materials can be definitely identified by determining 
their Chemical composition and allotropic modification.

Fór low molecular organic materials containing tertiary carbon, somé 
further data are required to describe steric isomers usually available from 
tables in standard references.

In the case of macromolecules (polymers), in addition to Chemical 
composition, the structure of molecular chain, molecular mass, distribution of 
molecular mass, distribution of amorphous and crystalline areas, orientation 
of molecules, size and distribution of crystalline areas and crystalline 
structure formed within these areas are required fór characterization. All 
these factors together determine the properties of polymers and by changing 
any of them the final properties of the polymer can be influenced in a 
predictable way.

Sorting out and measuring those properties characteristic of polymers 
has nőt yet been solved in all cases. Characterization of branched and cross- 
linked polymers is especially difficult, since the latter ones are insoluble so 
several methods are inapplicable in their cases. Because of this, the de- 
scription of linear macromolecules will be the main subject treated.





PART ONE

CHARACTERIZATION OF 
POLYMER MOLECULES





CHAPTER 1

Chemical composition and 
configuration of polymer 
chains

Position and arrangement of atoms in a polymeric chain can be divided intő 
two categories:
— Position fixed by Chemical bonds, fór example cis- or trans-isomers or 

stereo-isomers (D- or L-forms). This kind of order which can be changed 
only by disrupting Chemical bonds and is known as configuration.

— Structural differences originating from rotations around single bonds. 
These structures, including the various forms of polymer chains in 
solution, are called conformations.

In solution or in the melt where the mobility of the molecules is relatively 
high, several different conformations can follow each other within a short 
period. By cooling the melt, molecular mobility becomes more and more 
hindered. The mechanical properties of the solid product will depend on the 
molecular mass of the polymer chain and on the crystallinity. If the molecular

< 1000 1000. 10000 10000
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Hí lh
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0
। 
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Fig- 1.1. Dependence of polymer properties on molecular mass and crystallinity.
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mass exceeds about 10,000, and the matéria! is crystallizable, the product will 
be fairly hard and tough. If no crystalline order has been formed, the matéria! 
will be rigid and brittle below its secondary transition temperature, and soft 
and flexible above this point. If the molecular mass is lower than about 10,000, 
crystallizable polymers yield a rigid product, while non-crystalline types give 
soft, wax-like ones (Fig. 1.1).

1.1. HEAD-TO-TAIL LINKAGE

From a structural point of view polyethylene is the simplest polymer. In this 
case it is of no importance which end of the molecule is linked to the nearest 
ethylenes during chain formation. In the formation of other polyolefins, 
however, there are still more possibilities fór linkage. As an example, take 
polypropylene. If the methyl groups follow each other regularly (Fig. 1.2a, the 
head-to-tail scheme), the structure will be different from that produced when 
the methyl groups follow each other immediately in the chain (Fig. 1.2h, the 
head-to-head linkage). Of course head-to-head and head-to-tail linkages may 
occur in the same molecule (Fig. 1.2c).

Fig. 1.2. Linkage possibilities of monomers containing asymmetric carbon atoms. a Head-to-tail 
structure, isotactic order; b head-to-head structure; c mixed structure; d head-to-tail structure, 
alternating, or syndiotactic order; e head-to-tail structure, with disordered atactic steric order; f 
head-to-tail structure, with steric order alternating after every second monomer; g mixed 
structure, with disordered atactic steric order.
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1.2. STEREOREGULARITY

The structure of molecular chains containing asymmetric carbon atoms 
cannot be defined by the mode of linkage (head-to-head or head-to-tail) only. 
Properties are over-ridingly influenced by the sequence of steric activity of the 
asymmetric centres following each other in the same mode of linkage (e.g. 
head-to-tail). Somé possibilities are: regular (d-d-d or 1-1-1) (Fig. 1.2a), 
alternating (d-l-d-1) (Fig. 1.2d) or random sequence (Fig. 1.2e). Study of the 
spatial arrangement of side groups and synthesis of polymers with a given 
spatial configuration has become a Central theme fór polymer Chemical 
research in the pást few years. Natta et al. (1955) synthesized a whole series of 
polymers with regular configuration (stereospecific polymers) by means of 
stereoselective catalyst systems. If the activity of the asymmetric centres in the 
chain is uniform (see Fig. 1.2a), the polymer is referred to as isotactic, if it is 
alternating (see Fig. 1.2d), the chain is syndiotactic, and if it is random (see Fig. 
1.2e), the polymer is atactic. Polymer chains with asymmetric carbon atoms 
can be synthesized in a variety of forms (as e.g. d-d-1-1-. ..) (Fig. 1.2f), bút the 
description and nomenclature will be omitted here.

The dependence of physical properties on structure can be characterized 
by the fact that the melting point of atactic polypropylene is around 60-70°C, 
whereas that of isotactic polypropylene is 175°C.

a)

b)

c)
Fig. 1.3. Steric structure of molecular chains containing asymmetric carbon atom, a Isotactic, h 
syndiotactic, c atactic.
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Schematic representation as shown in Fig. 1.2 helps in understanding the 
situation, bút it can be misleading. It gives the impression that stereospecific 
polymers could be transformed intő each other simply by rotations around 
single covalent bonds. In fact such a transformation is impossible because of 
the tetrahedral configuration of carbon atoms (Fig. 1.3).

1.3. CIS-TRANS ISOMERY

Other kinds of rotational isomers can be formed if one of the initial 
compounds shows cis-trans isomery. An example fór this is the copolymer of 
styrene with the esters of maleic or fumaric acid. From the two dicarboxilic 
acids, maleic acid shows cis- while fumaric acid trans-structure.

CH—COOCH3 HC—COOCH3

II H
CH—cooch3 ch3coo—ch
Maleic acid dimethyl ester Fumaric acid dimethyl ester

If rotation is free in the resulting polymer, both compounds yield the 
same product. If, however, rotation is impossible or greatly hindered, two 
polymer products are possible with the following, quite different structures:

CH

Styrene fumaric ester copolymer

[ 0 c

Styrene-maleic ester copolymer

COOCH,
.—CH—CH—CH—CH—CH,—Cl

COOCH,

J 1.
COOCH," 

1 4 —CH—CH--- 1 COOCH,
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These two products exhibit different physical properties: if the 
composition is similar, the maleic product is soft and rubber-like, whereas the 
fumaric is rigid and brittle. Differences are due to the fact that rotation is nőt 
free around the chain because of the steric hindrance of the ester groups.

If there are double bonds in the main chain of the polymer, the resulting 
cis-trans isomers can significantly modify its properties. Natural rubber and 
guttapercha are classical examples fór such differences bút in the case of other 
diene-polymers with rubber-like qualities (as polybutadiene, polyisoprene, 
polychloroprene) cis-trans isomery plays an equally important role.

Cis-trans isomers are alsó present in polymeric chains containing 
cycloaliphatic rings.

An important example is the Kodéi polyester fibre, which is poly (1,4- 
cyclohexyl-terephthalate) with the following repeat unit:

Because of the 1,4-disubstituted cyclohexane ring the melting points of 
the resulting cis- and trans-isomers are 260°C and 320°C respectively.

1.4. BRANCHING

Polymerization of a bifunctional monomer (as e.g. vinyl derivatives) results in 
a regular chain, without branching, at least in principle. In practice, however, 
fór several reasons various branching processes occur, the product therefore 
contains several different side groups. In polyethylene, e.g. one can find 
methyl groups and often longer side chains comparable with the main chain 
itself. Appearance of side chains is determined by several factors, mostly by 
production technology. Side chains strongly influence polymer properties. 
Highly branched polyethylene is e.g. softer, less crystallizable, its melting 
point is lower, and is more soluble than its linear or slightly branched 
counterpart.
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1.5. THE EFFECT OF COPOLYMERIZATION
ON THE STRUCTURE OF POLYMERS

During copolymerization four basic structural types of macromolecule can 
be formed:

(i) Alternating copolymers in which different monomeric units follow 
each other regularly, and can be characterized by the following regular 
structure:

A-B-A-B-A-B-.

(ti) Statistical or random copolymers in which monomeric units follow 
each other irregularly, and various monomer sequences are possible, e.g.:

A-A-B-A-A-A-B-B-A

Properties of such copolymers are usually close to the average of those of the 
homopolymers prepared from the monomeric components. Structure of such 
random linear copolymers is usually looser, and dye or solvent molecules can 
penetrate them relatively easily. Regular linear copolymers sometimes form 
new types of crystals, the structure of which is nőt characteristic of any of 
the components.

(iii) Block copolymers contain the components in uniform segments of 
various length that link to each other, e.g.:

' A-A-A-A-A-A-A-B-B-B-B-B-B-B-A-A-A-A-A

Block copolymers are nőt synonymous with bulk-polymerized products. The 
latter term refers to a solvent-free polymerization technique.

(iv) In the case of graft copolymers the second component is subse- 
quently polymerized onto the synthesized polymeric chain of the first 
component. A typical structure is:

A-A-A-A-A-A
i i
B B
i i
B B
i i

A very interesting technique of graft-copolymer synthesis is the irradiation of 
the base polymer with X- ory-rays. In such cases free radicals are formed on 
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the polymeric chain, and by adding a monomer (polymerizable by a free 
radical mechanism) grafts of a desired length can be synthesized.

Properties of block and graft copolymers are usually nőt the average of 
the components bút somé of them add to each other. If, fór example, one 
of the components is watersoluble and the other one is soluble in apolar 
solvents, the block or graft copolymer can dissolve in both types of solvent. 
The reason of this is that the soluble part can solubilize the other. Such 
phenomena appear if the two components are otherwise compatible. In such 
cases micellar structures appear in the solution.





CHAPTER 2

Molecular mass of polymers

The size of a polymer molecule can be characterized by its molecular mass 
(before the introduction of the Sí system, by molecular weight) or the degree 
of polymerization. Degree of polymerization (P) gives the number of basic 
monomeric units in the macromolecule:

No
(2-D

where N is the number of macromolecules formed, No is that of the original 
basic units.

Similarly one can speak about the degree of polycondensation if the 
macromolecule is formed by polycondensation, bút frequently the term: 
degree of polymerization (stepwise polymerization) is used in the case of 
polycondensates as well.

Molecular mass of a polymer can be calculated if the molecular mass of 
the basic molecule, Mo is multiplied by the degree of polymerization:

M = PM0. (2.2)

In the case of polycondensates elimination of by-products (e.g. water) 
takes piacé in parallel with the formation of the macromolecule; so when 
calculating the molecular mass, the mass of the structural repeat unit has to be 
multiplied by the degree of polymerization.

The lengths of the chains are determined by stochastic processes during 
both stepwise polymerization and polycondenzation. If the reaction proceeds 
stepwise, the length of the chain will be determined by the local occurrence of 
the reactive groups at the ends of the growing chains. In the case of radical 
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polymerization the length of the chain will be determined by the time 
available fór chain growth before dezactivation of the growing macroradical 
sets on. In any event, polymerization yields chains of different length, the 
length distribution of which can be determined by statistical methods used 
fór each type of polymerization. This means that a polymer system can be 
characterized by molecular mass distribution and by its measurable averages 
rather than molecular mass.

As molecular masses of polymer samples are always averages, different 
methods yield different results depending on the method of averaging. 
Methods based on counting the molecules in a given mass of matériái yield 
the so-called number average, which is usually designated by Mn. In many 
cases the number average is close to the maximum of the mass distribution 
curve.

Other methods measure quantities proportional to the mass of 
molecules, in this case the mass-averaged molecular mass in obtained. Since 
weighing is proportional to the mass, and molecules with higher molecular 
mass will achieve higher weight factors in the averaging procedure, then the 
mass average is higher than (or in the case of uniform molecules at best equal 
to) the number average. The term weight average molecular weight, Mw, has 
been used extensively in the literature bút here Mm, mass averaged molecular 
mass is preferred. The Mm[Mn ratio can be used to characterize the spread of 
the molecular mass distribution curve. This ratio fór most polymers varies 
between 1.0 and 50. A single molecular mass average characterizes the size of 
the particles in such a system only where they are uniform, i.e., if the system is 
monodisperse.

In order to show how averages depend on the measuring method, let us 
consider the following two systems:
— System 1: 90 molecules with a molecular mass of 1000;

10 molecules with a molecular mass of 10,000;
— System II: 10 molecules with a molecular mass of 1000;

90 molecules with a molecular mass of 10,000.
Number average is the ratio of the totál mass and the number of the 
molecules:

X AíMí

Mn= —--------  (2.3)

i

where Nt is the number of the i-th type of molecule. Mass average is obtained 
by the multiplication of mass fraction and molecular mass:

= (2.4) 
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where the mass fraction can be given as:

m-, = Nj M J £ Nj Mi (2.5)
i

and from this it follows that:

Mm=---------- ■ (2.6)

i

Certain methods measure the so called z-average which can be defined as:

Mz=~--------- • (2.7)

i

These three averages can be related to the first, second and third moment of 
the molecular mass distribution function. Table 2.1 summarizes the various 
averages of the two systems mentioned.

Table 2.1

Various molecular mass averages fór the
systems given in the text

m System I System II

1,900 9,100
5,737 9,902
9,257 9,990

In generál the following system of inequalities is valid fór the various 
average values:

Mz>Mm>Mn. (2.8)
Practical polymer samples contain molecular chains of different size, that 

is, they are polydisperse, therefore molecular mass distribution is more precise 
than simple averages. This is particularly important if the distribution 
function exhibits several peaks, that is, if the system is bi- or polymodal. The 
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relationship between various average values and the distribution curve is 
shown in Fig. 2.1.

The most important methods of molecular mass (or degree of poly- 
merization) determination are the following:

— methods based on the measurement of colligative properties;
— sedimentation and diffusion methods;
— light scattering;
— viscometry;
— Chemical methods.

Fig. 2.1. Distribution of polymer molecules with respect to chain length (molecular mass) and 
> various averages.

Methods listed under the first three headings are regarded as absolute 
methods, because they make possible the direct determination of the 
molecular mass of macromolecules by measuring experimental constants (as 
fór example, density, refractive index, gas constant etc.).

Viscometry is only a relatíve method since the average molecular mass 
can be determined only if an empirical relationship based on absolute 
methods is available.

Chemical molecular mass determination can only be considered as an 
approximation, as it is based on end-group determination. This method works 
only if there is no branching during polymerization or polycondensation and 
if the end-group can be precisely characterised by analytical methods. 
However, if these conditions are fulfilled, the method is absolute. Molecular 
mass determination is always performed in solution and the derived 
mathematical equations are strictly valid in ideál Solutions only. Bút ideál 
Solutions can be obtained at infinite dilutions only, therefore molecular mass 
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determination is based on values extrapolated to infmite dilution. Extrapola- 
tion is performed from values measured at different concentrations by 
determining the c->0 limit.

2.1. SOLUBILITY OF POLYMERS

Macromolecular materials can be divided intő two main subgroups: 
amorphous and partially crystalline. The difference between them is based on 
X-ray study of the molecule. This structural difference is important from 
the point of view of solubility, since in the case of partially crystalline 
materials the crystalline areas have to melt before dissolution. In generál 
partially crystalline materials dissolve at temperatures close to their melting 
point, fór example, polyethylene dissolves in various solvents only when 
heated and poly(tetrafluoro ethylene) (melting point 327 °C) does nőt dissolve 
at all in any known solvents. If, however, there are specific interactions taking 
piacé between the polymer and the solvent (e.g. hydrogen bonds) dissolution 
can occur at lower temperatures. (Energy needed fór dissolution is supplied 
by Chemical energy.) Fór example nylon-6 and nylon-66 dissolve in cold 
formic acid. Interaction between amorphous polymers and liquids is similar 
to that arising between two liquids. It is well known that in processes occurring 
spontaneously free enthalpy must decrease. Solubility occurs only if dG, the 
free enthalpy of dissolution is negative. It is known from thermodynamics 
that:

z1G = dH-TdS (2.9)

where G is the free enthalpy or Gibbs-potential (Guggenheim 1949), H is 
enthalpy, and T absolute temperature, S is entropy.

In American literature G is sometimes designated as F, unlike in 
European convention.

JS, the entropy of dissolution is normally large and, in the case of non- 
aqueous Solutions, positive. The sign of AG is therefore usually determined 
by AH, the enthalpy mixing. If there exists an exothermic interaction bet­
ween liquid and polymer, AH is negative, the system heats up, and the poly­
mer dissolves. If the Chemical effect is endothermic, AH is positive and the 
system cools down. In such cases the magnitude of AH determines the sign 
of the free enthalpy change, that is, whether the polymer dissolves or nőt.

In order to study the conditions fór polymer dissolution molecular 
interactions present in polymers have to be reviewed.
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2.1.1. Chemical bonds and intermolecular forces in polymers

The natúré of bonds between the atoms in a molecule is studied by quantum 
chemistry. In the following somé relevant definitions will be needed from this 
field.

2.1.1.1. Primary bonds

(i) lőnie bonds are formed by electron transfer between atoms. An electron 
octet of the negative ion is formed by taking up eleetrons from another atom. 
Electrostatic charges are characteristic of this type of bond. A typical example 
is table salt (NaCl).

(ii) Covalent bonds are those valence bonds which are formed by 
eleetrons distributed between two or more atoms forming a stable electronic 
cloud. This kind of bond occurs, fór example, in the methane molecule and is 
typical fór polymers.

(iii) Coordinative bonds are similar to covalent ones, since electron octets 
are formed by sharing eleetrons, bút in this case both eleetrons are furnished 
by the same atom, the so-called donor. Such products are exemplified by the 
addition products of borontrifluoride.

Table 2.2

Somé typical bond length and bond energy 
values

* Bond length decreases, and bond energy increases 
if further fluorine atoms are present.

Bond Bond length 
nm

Dissociation 
energy 

kJ/mole

C—C 0.154 349
c=c 0.134 613
C—H 0.110 416
C—N 0.147 307
C=N 0.145 895
c—o 0.146 361
c=o 0.121 752
C—F* 0.132-0.139 433-517
C—Cl 0.177 340
N—H 0.101 391
O—H 0.096 466
0-0 0.132 147

After Billmeyer 1984.
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(iv) Metallic bonds, which are virtually absent in polymers, are formed 
by electrons distributed freely among the atorns forming a mobile electronic 
cloud. The number of electrons in such systems is nőt sufficient fór the 
formádon of stable nucleus-electron octet arrangements. Good electronic 
conductivity is characteristic of this type of bond. Of all the above types this is 
the least understood and studied.

Table 2.2 lists somé typical bond energies and lengths.

2.1.1.2. Secondary bonds

The existence of secondary intermolecular forces became known from the 
studies of van dér Waals on reál gases and they are often called van dér Waals 
forces.

2.1.1.2.1. Dipolar forces

Ifin a molecule there are charges of equal magnitude bút ofthe opposite sign, 
the molecule is called polar, and it has a dipólé moment. At large distances 
this system behaves in a neutral manner. At molecular distances, however, 
charge separation becomes significant and plays an important role in 
intermolecular attraction. Interaction energy depends on the magnitude of 
dipoles, and in this kind of interaction thermal motion always acts against 
orientation, consequently the dipolar forces strongly depend on temperature.

2.1.1.2.2. Induction forces

Polar molecules influence their originally apolar neighbours with no dipólé 
moment. The electric field of the molecular dipólé causes a slight displace- 
ment of the nuclei and electrons in the neighbourhood of the dipolar 
molecule, and this leads to the formation of induced dipoles. Intermolecular 
interaction between a permanent and an induced dipólé is called induction 
force. The magnitude of electrical and nuclear displacements is characterized 
by the molecular polarizability. Interaction energy in this case is always small 
and independent of temperature.

2.1.1.2.3. Dispersion forces

The fact that intermolecular forces alsó exist among apolar molecules 
indicates that there is a third type of intermolecular forces besides those 
already mentioned above.



18 Molecular mass of polymers Ch. 2

Existence of such forces is shown by the slight temperature dependence 
of intermolecular forces even if dipolar interaction dominates over induction. 
Every molecule possesses a time dependent dipólé moment, the average of 
which is zero fór apolar molecules. This dipólé moment is the result of the 
instantaneous position of electrons and nuclei.

These fluctuations disturb the electronic clouds of the neighbouring 
atoms giving rise to attractions that are referred to as dispersion forces. This 
type of interaction exists between all molecules and plays a dominant role 
among intermolecular interactions unless there are very strong dipoles 
present. In apolar systems only dispersion forces occur and are independent 
of temperature.

Interaction energy between dipolar molecules is inversely proportional 
to the sixth power of intermolecular distances. Similarly to primary forces, 
repulsion becomes dominant if atoms are getting much closer to each other 
than the equilibrum bond distances, i.e. at distances in the order of O.3-O.5 nm.

Typical values of secondary intermolecular interaction energies rangé 
between 8 and 40 kJ/mole depending on the polarizability and dipólé moment 
of the molecules.

2.1.1.2.4. Hydrogen bond

The hydrogen bond in which the hydrogen atom is bound to two other atoms, 
is especially important in polymers. In biopolymers it is believed to play a 
decisive role in biological processes.

The classical theory of Chemical bonds regards hydrogen as being 
capable of participating in only one bond, which is partly ionic and partly 
covalent in character. If, however, hydrogen is bound to an electro-negative 
atom, and electron density around the proton is low, this proton can attract 
other electron-rich groups by electrostatic forces. A hydrogen bond thus 
appears between two functional groups within the same molecule or between 
two different molecules. One of these groups is usually acidic in character 
(proton donor). Such as hydroxyl, carboxyl, amine or amidé groups. The 
other group must be basic in character. This group can contain oxygen (as in 
carbonyl or in hydroxyl groups) or nitrogén (as in amines or in amides) or 
sometimes halogén. All these considered the hydrogen bond is the strongest if 
formed among secondary forces. Somé of the typical hydrogen bond lengths 
(between the bridging atoms) and dissociation energies are shown in Table 
2.3.

Association of polar molecules in liquids (such as water, alcohol and 
hydrogen-fluoride), dimerization of simple fatty acids and important
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Somé typical hydrogen bond lengths and 
bond energies

Table 2.3

Bond
Bond length

nm

Dissociation 
energy 
kj/mole

C—H—N — 13
O— H—N 0.28 —
O—H—O 0.26—0.28 . 13—26
O—H—Cl 0.31 —
N— H N 0.31 13—21
N—H—O 0.29—0.30 17
N H—Cl 0.32 —
N—H—F 0.28 —
F—H—F 0.24 30

After Billmeyer 1984.

structural characteristics of polar polymers (as, fór example, polyamides, 
cellulose and proteins) can be explained by the existence of hydrogen bonds.

Secondary forces usually do nőt influence significantly the formation of 
stable Chemical compounds, rather, they lead to the formation of agglo- 
merates of discrete molecules in the liquid or solid State. A number of phy- 
sical properties (such as volatility, viscosity, surface tension, frictional prop­
erties, miscibility or solubility), can, however, be mainly explained by inter- 
molecular forces.

Cohesion energy is by definition that amount of energy needed to part a 
molecule from its neighbourhood in the liquid or solid State and takc it to 
infinite distance. This is close to the heat of evaporation or sublimation at 
a constant volume and its value can be estimated from thermodynamic data. 
Cohesion energy per unit volume—alsó called specific cohesion energy or 
cohesion energy density (CED)—is characteristic of the particular matériái. 
Somé relevant data are shown in Table 2.4, reflecting the effect of Chemical 
structure on this property.

2.1.2. Dissolution, miscibility. The relationship between volatility and mole­
cular mass

1 he tendency fór evaporation in liquids is a function of the totál kinetic 
energy, and therefore highly depends on temperature. Boiling point depends 
on the ratio of cohesion energy to translational kinetic energy, so that, within 
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a homologous series, it is a function of molecular mass. In substances with 
high molecular mass, cohesion energy can exceed that of primary bonds, and 
the molecule decomposes before evaporation. This point is reached by 
polymers far below the usual molecular mass rangé.

Melting point is alsó a function of cohesion energy bút here other 
important factors must be taken intő account. Such as the effect of molecular 
order or entropy. It is known from thermodynamics that Chemical changes 
occur spontaneously, only if free enthalpy (the Gibbs-potential) decreases. 
This can happen if, during the configurational change, AH is overcom- 
pensated by the T- AS term.

In generál, a matéria! with a high melting point alsó has a high boiling 
point, bút this interrelation is nőt strict. In the case of symmetric molecules 
having low fusion entropy, the melting point is lower than when molecules 
with similar molecular mass exhibit a lower degree of symmetry.

2.I.2.I. Effect of polariíy

Molecules having strongly polar groups attract their neighbours significantly. 
This is reflected in higher boiling and melting points, and other properties of 
the matéria! alsó prove the presence of high cohesion energy density. 
Miscibility and solubility are alsó properties determined by intermolecular 
interactions. Solution or mixing energy (which can be either positive or 
negative) is the difference between the cohesion energy of the mixture and that 
of the pure components. A highly negative heat of solution promotes 
dissolution, whereas positive mixing energies decrease solubility. In the case 
of a positive mixing energy, the enthalpy of the system increases, and the 
reaction is endothermic, heat is consumed; whereas in the case of a negative 
mixing energy (dH<0), enthalpy decreases, and the process is exothermic, 
heat evolves. Limited solubility appears in the case of endothermic 
dissolution only, since dG=0, then:

H = TAS (2.10)

and since zlS>0, then d 7/must be positive, so that heat is consumed during 
mixing. The miscibility of exothermic Solutions is usually unlimited.

2.1.3. Types of polymer and intermolecular force

Somé generál conclusions can be drawn from the data shown in Table 2.4. 
Properties of polymers highly depend on secondary intermolecular inter- 
action energies. If intermolecular attractive forces are weak so that the
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Cohesion energy density of linear polymers

Table 2.4

Polymer Repeat unit

Cohesion 
energy 
density, 
J/cm3

Polyethylene —ch2—ch2— 260
Polyisobutylene —CH2—C(CH3)2— 275
Polyisoprene —CH 2—C(CH 3>=CHCH 2— 283
Polystyrene —CH2CH(C6H5)— 312
Poly(methyl methacrylate) —CH2C(CH3) (COOCH3)— 350
Poly(vinyl acetate) —CH2CH(OCOCH3)~ 370
Polyfvinyl chloride) —ch2chci— 385
Poly(ethylene terephthalate) —ch2ch2ococ6h4coo— 470
Poly(hexamethylene adipamide) —NH(CH2)6NHCO(CH2)4CO— 770
Poly(acrylonitrile) —ch2chcn— 1,000

After Billmeyer 1984.

cohesion energy is low, and molecular chains are flexible enough, the 
matéria! can be easily distorted under the action of external forces. Materials 
with these properties are known as elastomers. If cohesion energy density is 
somewhat higher, the chain becomes more rigid—these are typical thermo- 
plasts. If cohesion energy is high, the matéria! becomes resistant to shear and 
tension which is characteristic of fibres.

Polyethylene stands out in the Table with its relatively low cohesion 
energy, bút, because of its symmetrical chain structure, it belongs to the 
thermoplastic group.

2.1.4. Polymer solubility criteria. Solubility paraméter

Dissolution of polymers is a two-step process; first the polymer swells. and the 
swollen polymer then dissolves. This second step can be promoted by stirring 
It there are too many cross-links or hydrogen bonds in the polymer, which 
cannot be broken by the solvent, the process stops in the swelling stage.

Somé empirical rules of polymer solubility became known even before 
the advance of theoretical studies.

1. The “similar dissolves similar” principle is applicable to polymers as 
well. It is frequently true that the polymer dissolves best in its own monomer 
or in a structurally similar solvent.
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2. Increasing molecular mass decreases solubility. This is the prmciple of 

solution fractionation.
3. With increasing melting points solubility decreases. As a result, 

crystalline polymers dissolve to a lesser extent and they frequently become 

soluble only close to their melting point.

2.I.4.I. Solubility paraméter

It has already been mentioned that dissolution of a matéria! is possible only if 
the free enthalpy of the solution decreases with respect to the sum of the pure 
components. It has alsó been established that if the polymer- o vént 
interaction is strong, and AH negative, dissolution is always pos^b e. If the 
are only dispersion interactions between the components AHis usuaIly 
positive and its magnitude decides whether the matéria! is soluble or nőt 
P According to Hildebrand and Scott (1950), in such cases the mixing heat

per unit volume can be expressed as:

AH = v1v2(^i-^2)2 (2.11)

where r is the volume fraction, indices 1 and 2 refer to the solvent and the 
polymer respectively, and ö is the solubility paraméter, which is the square 
root of the cohesion energy density (CED).

In the case of low molecular mass materials, CED is the evaporation heat 
per unit volume at a given temperature, bút fór polymers, where the molecu- 
lar chain cannot be evaporated, determination of CED is somewha mo 
difficult. According to the method of Gee (1946) swelling of shgy 
crosslinked polymers was studied in different solvents. Eq. 2.1^ how a 
minimum if <5, and ö2 are close to each other, then AG is maximig 
Following this train of thought swelling of the network may be compared in 
different tlvents, and it is assumed that the CED value of the polymer is 
equal to that of the solvent which causes maximum swelling.

Small (1953) developed a method to calculate CED fór polymers from 
group increments and-similarly to parachor-hquid data are used to 
establish these increments and to calculate the cohesion energy density

P°ly^n the history of polymer chemistry solubility of poly-acrylomtrile has 

proven to be an interesting problem. This polymer has been regarded as cross- 
hnked fór a long time, since it could nőt be dissolved in any known solvent at 
that time The polymer itself has been known since 1925, moreover it hasbeen 
utilized by industry in the production of oil-resistant acry onitnle- butadiene 
rubbers, bút its solvent was found by Rein one and a hall decades later.
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Table 2.5

Solubility parameters of somé solvents and polymers

Solvent
(J/cm3)"2

Polymer (J/cm3)1'2 
á2

n-Hexane 14.80 Polyethylene 16.2
Decalin 16.00 Polystyrene 18.9
Cyclohexane 17.00 Poly(methyl methacrylate) 18.6
Carbon tetrachloride 17.60 Poly(vinyl chloride) 19.45

Poly(ethylene terephthalate) 21.9
2-Butanone 18.52 Nylon 6/6 27.8
Benzene 18.75 Poly(acrylo nitrile) 26.3

Chloroform 18.90
Tetrahydrofuran 19.45
Acetone 20.00
Methanol 29.70
Cyclohexanone 32.80
Dimethyl formamide 25.00

After Billmeyer 1984.

fibres were produced from this matéria! in Germany as laté as 1943, and the 
first pilot plánt was built in 1945 in the USA.

Solubility of poly-acrylonitriles has been analyzed by Walker (1952) in 
terms of cohesion energy density and polarity. As shown in Table 2.5 the 
solubility paraméter of poly-acrylonitrile is 26.3 (J/cm3)1/2. From the solvents 
mentioned in Table 2.5, the solubility paraméter of dimethyl formamide 
stands closest to this value (25.0 (J/cm3)1/2) and in fact it is a good solvent fór 
poly-acrylonitrile, bút other solvents or solvent mixtures with slightly 
different solubility parameters cannot dissolve this polymer.

Solubility paraméter values shown in Table 2.5. are the square roots of 
cohesion energy density (CED) given in Table 2.4. (In earlier Tables these 
values are given in (cal/cm3)1/2 units.)

Such tables frequently help in solving solubility problems. It is generally 
true that if there is no special Chemical interaction between the solvent and the 
polymer, and their solubility parameters are far apart, then the polymer will 
nőt dissolve in the solvent. The reserve is nőt always true; even if the 
difference is minimál, the polymer will nőt necessarily dissolve. (There are 
polymers which do nőt dissolve in their own monomers, so during búik 
polymerization they will precipitate.)



24 Molecular mass of polymers Ch. 2

Sometimes a polymer can be dissolved in mixed solvents if the solubility 
paraméter of the mixture approximates that of the polymer. Polystyrene (í 
= 18.9) e.g. dissolves in a mixture of acetone (20) and cyclohexane (17) bút 
does nőt dissolve in either of the pure solvents.

These considerations cannot be applied to crystalline polymers, polar 
polymers in apolar solvents, or to apolar polymers in polar solvents, as 
solubility parameters are calculated from dispersion forces only.

There is no direct relation between the rate of dissolution and the 
principles presented above, since even if dissolution is possible from a 
thermodynamic point of view, diffusion of the solvent intő the polymer 
influences the rate of dissolution. Solvents with smaller, more mobile 
molecules dissolve the polymer faster even if they are nőt very good solvents

Table 2.6

Most important solvents fór somé polymers

Polymer Solvent

Poly(acrylonitrile)
Polyethylene
Poly(methyl methacrylate)
Polystyrene 
poly(tetrafluoro ethylene) 
Poly(vinyl acetate)

Dimethyl formamide, nitro phenol, ethylene carbonate 
Aromatic and chlorinated solvents, above 70 °C 
Esters, chlorinated and aromatic hydrocarbons 
Aromatic and chlorinated hydrocarbons
Nőt known
Aromatic and chlorinated hydrocarbons, low molecular 
mass esters, methanol

Poly(vinyl alcohol)
Poly(vinyl chloride)

Water (if the polymer is fully hydrolized) 
Tetrahydrofuran, toluene, dioxane (at lower molecular

Poly(vinylidene chloride) Tetrahydrofuran (warm), dioxane (warm, at lower mole­
cular mass)

Natural rubber
Butadiene-styrene copolymer

(G.R.S.)
Polychloroprene (Neoprene)

Hydrocarbons

Chlorinated and nitrated hydrocarbons
Chlorinated hydrocarbons, phenol, formic acid, trifluoro 
ethanol

Poly(ethylene terephthalate)
Linear polyesters (alkyd resins)

Benzyl alcohol (warm), nitrobenzene (warm) 
Hydrocarbons, chlorinated hydrocarbons, low molecular 
mass alcohols, ketones, esters

Polypropylene
Cellulose nitráté
Cellulose acetate

Above 135 °C decaline, tetraline, paraflins 
Low molecular mass alcohols, ketones, esters 
Ketones, low molecular mass esters

After Billmeyer 1984.
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thermodynamically. To achieve fást and effective dissolution, a mixture of 
both thermodynamically and kinetically good solvents is frequently used.

The more important solvents of somé polymers are listed in Table 2.6.

2.1.5. Conformation of macromolecular chains in solution

As mentioned previously various molecular arrangements resulting from 
rotations around single bonds of the polymeric chain are called con- 
formations. In solution the polymer forms a random coil. The effective 
volume of this coil far exceeds many times that of the polymeric segments 
because of the great variety of different conformations. The density of 
segments in a typical polymer solution is around 0.01 g/cm3. The size of the 
random coil is highly influenced by the polymer-solvent interactions. In 
thermodynamically good solvents, where there is a strong interaction 
between the polymer and the solvent, the coil is extended. In poor solvents 
the reserve is true.

In the following section the conformational properties of macro­
molecules in ideál and reál Solutions will be treated.

2.I.5.I. The random coil

Fully extended chains can never be found in practice in Solutions of polymers 
Chains are always coiled to somé extent, and this is characterized by the root- 
mean-square of the chain-end distances, the so-called average chain-end 
distance:

W = (P)0'5. (2.12)

Another possible characteristic feature is the radius of gyration, which is the 
root-mean-square of distances between the mass centre of the molecule and 
the segments:

This value is used to characterize the degree of intramolecular twisting, and 
can be calculated from light scattering or gél permeation chromatographic 
measurements. It can alsó be obtained from small angle X-ray scattering data 
and is frequently referred to as the “scattering mass radius”.
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In the case of linear polymers with a random distribution of end-to-end 
distances there is a very simple relationship between these two data:

F = 6s2
or

(H)2 = 6(S)2. (2-14)

The simplest model of a polymer chain consists of x linear elements (with 
length a) joined without any restriction on the angle between the consec- 
utive bonds. The probability (IF) that this system will exhibit a given 
end-to-end distance, r, can be determined using classical probability theory. 
In the calculations it is assumed that the polymer consists of a very high 
number of point-like (i.e. extensionless) segments with a distance of x. The 
mass points can be placed on any point of a spherical surface with radius x 
around each other.

The result of this calculation is that the average end-to-end distance is 
proportional to the square root of the number of segments:

H0 = (R20)°-5 = ax°-5 (2-15)

where the subscript 0 refers to the unperturbed molecules without 
interactions. Since the number of segments is in direct proportion to the 
molecular mass, the average end-to-end distance will be proportional to M° A 
The expression:

Ro/M or (Ho)2/M (2-16)

is characteristic of the chain structure of the polymer which, in turn, is inde­
pendent of the molecular mass and environmental factors (e.g. solvent) as well.

Spatial distribution of end-to-end distances can be described by the 
Gaussian distribution function shown in Fig. 2.2. According to the diagram, 
the probability of finding the other end at a given distance from the first 
segment decreases with the distance, the most probable situation is therefore 
when the two ends of the same chain are close to each other.

The probability of the occurrence of the other chain end within a spher­
ical shell with a thickness of dr at a distance r relative to the first segment 
can be described by the function shown in Fig. 2.3. This exhibits a maximum 
at a non-zero radius, which can be explained by the fact that H=(^o) is 
alsó nőt zero. This Gaussian distribution function gives non-zero values 
even at distances longer than the totál length of the straight chain without 
folding, that is. it does nőt describe the realistic situation. In somé cases, 
however, where more realistic functions are available (e.g. tor the descrip- 
tion of rubber elasticity) much better approximations are available.
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Fig. 2.2. Probability distribution of chain end-to-end distances in a polymer consisting of 104 
segtnent of length 0.25 nm. VKfxyz) is given in nm"3; r in nm units.

Fig. 2.3 Radial distribution of end-to-end distances in the same polymer shown in the previous 
Figure.

End-to-end distances calculated by finer methods (e.g. by the restriction 
of segmental angles) give similar results. These calculations are complicated 
by the determination of rotational hindrance. Actual molecular dimensions of 
polymers can be best determined experimentally.

2.I.5.2. Non-linear chains

Branched chains exhibit more chain-ends than their linear counterparts 
consequently the radius of gyration is more adequate fór their character- 
ization. Assuming equal numbers of segments the volume of the branched
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molecule is smaller than that of the linear one. 1 his volume contraction is 
usually described by the so-called g-factor:

g = s2 (branched)/s2 (linear). (2.17)

The value of g can be calculated by statistical methods fór various types, and 
degrees, of branching. In the case of random branching, e.g. five nodes per 
molecule with three functional branching decreases the g value to 0.70. By 
measuring the contraction of the radius of gyration the number of branches 
can be determined.

2.I.5.3. Excluded volume

A certain portion of the random conformations does nőt exist, since if one 
segment is present at a particular point, it excludes other segments from that 
volume occupied by the first. Calculations under these conditions cannot yet 
be performed exactly.

Because of these interactions the average end-to-end distance will exceed 
the value indicated by calculations. The ratio of reál and ideál (unperturbed) 
molecular dimensions has been named the Flory expansion coefficient:

(F)0S = a(^)0-5 
or
, H = otH0.

(2.18)

2.2. THERMODYNAMICS OF POLYMER SOLUTIONS

Studies of macromolecular Solutions yield data concerning the shape and size 
of macromolecules. First we shall deal with phenomena related to the 
equilibrium of two phases: one is the pure solvent, and the polymer solution.

If these two phases are in equilibrium, the free enthalpy change associated 
with dilution can be given as:

dG^kTln^/p?] (2.19) 

where d G t is the free enthalpy change of the solvent dilution which evői vés if a 
single molecule of the pure solvent (vapour pressure p,) is added to an infinite 
amount of solution (vapour pressure pj, k the Boltzmann-constant, and T 
the absolute temperature.

This expression describes all of the so-called colligative properties, such 
as vapour pressure depression, freezing point depression, boiling point 
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elevation and osmotic pressure. All these properties cannot, however, be 
calculated a priori using thermodynamic principles alone; at least one has to 
be measured as a function of concentration, and the rest may then be 
calculated.

(i) Ideál Solutions. The simplest case of mixing is the admixture of 
components 1 and 2 with molecules of similar size and force field. In this case 
the vapour pressure of both components will be proportional to the mole 
fraction of the given component, in accordance with the Raoult law. Such 
that: 

„ „0P1=PI
N, 

Ni + N 2
(2.20)= P?^i

where Nj and N2 are the number of molecules and is the molar fraction of 
component 1. The free enthalpy change per molecule in this case is given by:

dG^kTlnT!. (2.21)

The totál free enthalpy difference of mixing is as follows:

AG = NiAGi+N2AG2,

AG = kT(Ni\nYi+N2\nY2). (2.22)

In the case of ideál mixing no energetic change occurs during mixing, that is, 
AH — 0. Since

AG = AH—TAS, (2.9)

it follows that:

d^-IcOVJn^ + lVJn Y2). (2.23)

As this expression is positive fór all compositions, the second law of thermo­
dynamics suggests that spontaneous mixing should occur at any molar 
ratio.

(ii) Reál Solutions. In practice very few liquids can be described by the 
Raoult law exactly. Three main types of liquid mixture may be distinguished:

1. athermic Solutions where AH=0, bút entropy cannot be calculated 
from Eq. (2.23).

2. regular Solutions where AS is ideál, bút AH is finite.
3. irregular Solutions where both AH and dS deviate from the ideál 

values.
In practice it has been found that fór molecules of similar size AS is nearly 

ideál if AH = 0, therefore athermic Solutions are nearly ideál.
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If force fields around the molecules of the components are dissimilar, AH 
is finite, and has to be calculated from the cohesion energy density values 
mentioned earlier.

2.2.1. Entropy and heat of mixing in polymer Solutions

Polymer Solutions exhibit extraordinarily high deviations from the Raoult 
law and approximate ideál behaviour only at extremely low concentrations. If 
the concentration of the solution exceeds a few per cent, the deviation from 
ideál behaviour becomes so great that the Raoult law cannot be used even to 
estimate the thermodynamic properties of polymer Solutions (Fig. 2.4).

Fig. 2.4. Deviation of polymer Solutions from the ideál. (After Gee and Treloar 1942.)

In this Figure activity (p^p?) is plotted versus v2, the volume fraction of 
the polymer. The upper curve is a theoretical one fór the benzene-natural 
rubber system; the Central curve represents experimental points, whereas the 
lower curve has been calculated using the approximation that the activity of 
the solvent is equal to its volume fraction (after Gee-Treloar).

2.2.2. Entropy of mixing. The Flory-Huggins theory

Deviation of polymer Solutions from ideál behaviour is mainly due to low 
mixing entropy. This low mixing entropy is, in turn, the consequence of the 
rangé of difference in molecular dimensions between polymer and solvent.
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To describe this situation Flory (1942), and Huggins (1942), developed 
theories independently. Since these theories differ from each other only 
slightly, they are usually referred to as the Flory-Huggins theory.

As a model experiment, let us assume two liquids with molecules of 
similar size. Their mixture can be represented in two dimensions by a 
rectangular network with the molecules of the two components in the nodes 
(Fig. 2.5). If there were only one pure matériái present, a single 
configuration of the network would exist, since the exchange of two identical

Fig. 2.5. Two-dimensional lattice model tor the distribution of the components in a two- 
component non-polymeric mixture. (After Billmeyer 1984.)

\
Nevertheless, if two types of molecule are present, a wide variety of 

configurations is possible.
Let us assume that we have and N2 molecules of components 1 and 2 

respectively. Let us alsó assume a model network with Nj + N2 nodes. Any of 
the molecules can occupy any of the nodal points with equal probability. If the 
molecules can occupy the nodes in W different ways then the thermodynamic 
probability of the system, from which the entropy can be calculated, is equal 
to W. If the A, + A, molecules are distributed over the network, the first 
piacé can be füled with any of the molecules, that is, it can be fiiled in A, + A, 
different ways. The second node can be fiiled in Ar + A2 - 1 ways and so on 
so that the nodes can be fiiled in (Ai + A2)! different ways. One has to take 
intő account, however, that the exchange of molecules of component 1 does 
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nőt give a new configuration, and, similarly, the molecules of component 2 
are freely interchangable, thus the number of different configurations can be 
given as:

W =
(Ni + N2)! 
AJAJ

(2.24)

Before mixing the pure liquids can fill the network in a single way, so the 
thermodynamic probability of the pure components is equal to 1.

Since according to the Boltzmann formula, the entropy of mixing can be 
calculated as:

M = k [In Wfinai— In W<nitial] (2.25)

the entropy difference can be determined.
The logarithm of the initial thermodynamic probability is equal to zero. 

In the calculation of final probability, Nj and N2 are large numbers so the 
Stirling-approximation can be used:

In M = 7Vln N-N

and so

zlS = — ki In N, 
N1 + N2

+ N2ln N2 \ 
^1+^2/

(2.26)

(2.27)

v?here Ny/(Ny + N2) is the mole fraction of component 1, denoted as Yy, 
whereas the mole fraction of the other component is Y2. Such that:

zfS=-k(N1lnT1+N2lnT2). (2.23)

In the case of polymers, one of the mixing components consists of chain 
molecules with x (a large number) segments. All of these segments occupy 
one piacé in the aforementioned network. The arrangement is shown in 
Fig. 2.6.

The value of x is equal to the number of segments (monomeric units) of 
the polymer which are assumed to have the same volume as the solvent 
molecules themselves. In other words x is equal to the ratio of the volumes 
occupied by the polymer molecule and the solvent molecule (that is, the ratio 
of the molar volumes):

X = V2/Vy. (2.28)

One can see from Fig. 2.6 that qualitatively the entropy of mixing of the 
polymer solution must be much lower than that of normál Solutions, since the
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number of different occupational configurations is much lower. If a 
macromolecular segment is fixed at a given node, the neighbouring segment 
can occupy only certain nodes, and the position of the next segment is alsó 
limited and so on. To cope with this situation a method has been developed

Fig. 2.6. Two-dimensional lattice model fór the distribution of polymer segments in solution. 
(After Billmeyer 1984.)

by Flory and Huggins to calculate the mixing entropy of polymer Solutions 
with the following result:

dS= —k(Ni lnvi + /V2lnv2) (2.29)

where indices 1 and 2 refer to the solvent and polymer respectively, and ttj 
and v2 are the volume fractions defined as:

^1=^1/^! + xN2), 

v2 = xN2/(Ni+xN2).

(2.30)

(2.31)

2.2.3. Heat of mixing and free enthalpy of 
polymer Solutions

As we have seen in the study of conditions fór polymer dissolution, the mixing 
enthalpy (AH) can be described by the Hildebrand-Scott formula:

AH = v1v2(öl-ö2)2. (2.11)
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Flory rearranged this equation intő a form similar to the van Laar 
equation applied to the mixing heat of two-component systems. Let us 
introduce the following notation: 

where N1/v1 is the number of molecules in a unit volume of the solvent; k 
the energy difference evolved when a single solvent molecule is placed in a 
large volume of pure polymer (r2 = 1).

Putting this expression intő the mixing enthalpy equation (Eq. (2.11)) we 
obtain the following result:

AH=xíkTN1v2 (2.33)

where Xi denotes the interaction energy per solvent molecule divided by kT, 
and is known as the Flory-Huggins polymer-solvent interaction paraméter.

Taking intő account the Flory-Huggins mixing entropy (Eq. (2.29)) and 
using the mixing enthalpy according to Eq. (2.33) the free enthalpy of mixing 
of the polymer solution can be calculated from Eq. (2.9) as:

AG = kT(N1\nvl + N2\nv2 + xiN1v2). (2.34)

This equation is very important, since others can be derived from it which are 
related to experimentally measurable quantities. The equation can alsó be 
expressed using the molar quantities of the components (n = N/NXv):

AG = RT(nl\nv1+n2 lnt)2 + Zi«i t^)- (2.35)

In the course of this derivation it has been assumed that the 
configurational mixing entropy is equal to the totál mixing entropy. It has 
to be noted, however, that entropic effects due to the possible orientation of 
the components, or to intermolecular interactions, have been neglected. 
Because of this, in future sections the entropy change originating from 
configurational changes only will be denoted as zlS* (Flory 1953) in order to 
distinguish it from the experimentally measurable totál entropy change, AS.

2.2.4. Partial molar quantities

It is well known from previous work (Guggenheim 1949) that the Chemical 
potential of a given component is equal to the partial differentiation of the free 
enthalpy with respect to the number of moles of the given component. Partial 
molar quantities are denoted by a bar over the quantity. Chemical potential



Sect. 2.2 Thermodynamics of polymer Solutions 35

difference between the solvent and solution can be obtained from Eq. (2.34) by 
differentiating with respect to Nv It has to be taken intő account, however, 
that Un and v2 are themselves a function of Nt. The result is:

l-~ »2 + Zl»2 ■AG^kT In (1 -v2) + (2.36)

If Eq. (2.36) is multiplied by the Avogadro number the Chemical potential per 
mole is obtained:

ln(l -n2)+ 1- - (2.37)

Eq. (2.37) thus gives the free enthalpy difference if an athermal polymer 
solution is made from an amorphous polymer.

If the entropy given by Eq. (2.29) is multiplied by the Avogadro number 
and differentiated with respect to Nlt the molar configurational entropy of 
the solvent is obtained:

ln(l—d2) + ( 1- - ]v2 (2.38)

By comparing Eqs (2.37) and (2.38), the difference in the Chemical potential 
can be expressed as:

^-H^-TAS^+RTx^ (2.39)

where the final term is the relatíve partial molar enthalpy difference, or heat of
dilution: 

__ \ 
^^RTx.vl (2.40)

From this equation a useful formula can be derived fór the osmotic pressure. 
There is a well-known relationship between osmotic pressure and Chemical 
potential difference:

(2.41)

where n is the osmotic pressure, and iq the molar volume of the solvent. And 
so:

RT n=--------  
”1

ln(l —t>2) + í 1 — ^b2 + Zi^
(2.42)

1
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Expanding the logarithmic expression intő a Taylor series:

In(1 — a) = ~[a + a2/2 + a3/3 + ...], (2.43)

^1-^1 = ~RT v2/x+ --Zi ^ + rl/3+ ... (2.44)

RT
[v2/x + ll/2-zílvl + v32/3+ ..

V1
(2.45)

This expression can be simplified if the solution concentration, c, is 
introduced. If we denote the specific volume of the polymer by [t^|, and, since 
from Eq. (2.31) the volume fraction of the polymer is v2. And so:

(2.46)

The ratio of the molar volumes of the polymer and the solvent is equal to x 
according to Eq. (2.28):

x = r2/ui. (2.28)

The ratio of the molar volume, v2 and the specific volume is equal to the 
molecular mass of the polymer:

v2 = M ml/mole _ g 
[771 L mVg mole

Using this notation:

v2 v2 c[Tj _ c
VjX (^/njüj v2 m'

and introducing intő Eq. (2.45):

RTc c3 (l/2-Zi)c2+([r7]3)— + ..

(2.47)

(2.48)

(2.49)

The first term of the right hand side of the equation is the ideál or van’t Hoff 
formula, which is valid fór infinite dilution. Higher terms indicate deviations 
according to the previous theory. The coefficients are called virial coefficients. 
These play an important role in experimental techniques, and, if their values 
are known experimentally, important conclusions can be drawn regarding the 
thermodynamic State of the polymer-solvent system.
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2.2.5. Experimental results in determining the entropy 
of mixing in polymer Solutions

The Flory-Huggins theory has been checked—among others—using the 
rubber-benzene system (Gee 1946, 1947). The free enthalpy change of the 
system has been determined from vapour pressure measurements, and the 
heat of dissolution has been measured by calorimetry. The concentration 
dependence of the latter has been described previously as:

AHx=RTxtV2. (2.40)

The result was that the entropy of mixing calculated from the enthalpy of 
mixing and the heat of dissolution was in good agreement with theoretical 
values fór very low concentrations (Fig. 2.7).

Fig. 2.7. The dependence of mixing entropy on the volume fraction of the polymer component. 
The dashed line indicates experimental results, full lines are theoretical curves calculated with 
different values. Coordination numbers are 4 and infinity respectively. (After Gee 1946, 1947 )

The concentration dependence of partial molar dilution heats predicted 
by Eq. (2.40) could nőt be verified experimentally. This is shown in Fig. 2.8 
where Afííjv^ is plotted versus v2.

Other systems studied alsó show considerable deviations from this 
theory. Fór example, according to Eq. (2.40) should be independent of v2. 
However, Fig. 2.9. shows experimental values determined fór several systems 
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It is clear that, in practice, the Flory-Huggins interaction paraméter varies as 
a function of v2, the volume fraction of the polymer.

In spite of all these discrepancies the Flory-Huggins theory was a great 
step forward compared to the classical theory of ideál Solutions in 
understanding the behaviour of polymer Solutions. It has highlighted the 
Principal differences between the thermodynamic treatment of ideál and 
polymer Solutions.

Fig. 2.8. Heat of dilution plotted versus the volume fraction of the polymer. Experimental data 
are taken from a natural rubber-benzene system. (After Gee 1946, 1947.)

Fig. 2.9. Dependence of x, on concentration. Curve 1 poly (dimethyl siloxanc) in benzene 
(Newing 1950); Curve 2 polystyrene in benzene (Bawn 1950); Curve 3 natural rubber in benzene 
(Gee 1946, 1947); Curve 4 polystyrene in toluene. (Bawn 1950.)
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2.2.6. Dilute Solutions. The Flory-Kriegbaum theory

The network model applied to the Flory-Huggins theory has neglected the 
fact that, in highly dilute Solutions, the polymer molecules are arranged so 
that there are polymer-free solvent regions, and other regions where the 
polymer molecules occur almost exclusively like clouds. Flory and Krieg- 
baum (1950) developed a model in which isolated segment clouds are assumed 
at great distance from each other with solvent in between. These clouds are 
nearly spherical, the segment-density reaches its maximum in the centre, and 
decreases monotonically, according to a Gaussian distribution function, with 
increasing distance from the centre. If a molecule is present in certain 
segments, all other molecules are excluded from them. This excluded volume 
effect, mentioned above, results in interactions among the molecules that can 
be characterized thermodynamically. The Flory-Kriegbaum equation 
describes these interactions by deviation from ideál Solutions. Because of 
these interactions an excess Chemical potential appears, which was in- 
vestigated in detail by Flory and Kriegbaum (1950). The steps of the 
derivation will nőt be dealt with here, bút the excess Chemical potential can be 
obtained from Eq. (2.38) if x is chosen to be infinite:

+ + (2.50)

where subscript E refers to the excess Chemical potential.
By performing the series expansion the following expression results:

|~Zi ^ + ^/3+...
(2.51)

which contains all terms appearing in Eq. (2.44) with the exception of the ideál 
term, and is therefore frequently referred to as the excess Chemical potential.

If the polymer concentration in the given unit volume is low, it is 
sufficient to take intő account the quadratic term only, terms of higher order 
being neglected.

Independent of these considerations the following generál expression 
can be written fór dilute systems by neglecting higher order terms:

(/h /íi)e — K 

where Xj and are heat- and entropy parameters, and so:

d/fj =R Th1v2

(2.52)

(2.53)
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and

ASi = Ry/íV2- (2.54)

Within the limits of the idealized model the Xi paraméter of Eq. (2.51) can 
be related to the parameters of Eq. (2.52) by comparing the two equations.

1
Xi —lAi = X1 — 2 ■ (2.55)

Frequently an ideál ©-temperature is used which is defined as:

0 = x1T/^i, (2-56)

or

<»*»

By substitution:

É). (2.57)

So the excess Chemical potential can be given as:

(^-^1^=-^ ^1(1-7)^- (158)

At T= & the Chemical potential of segment-solvent interaction is equal to 
zero, according to Eq. (2.58). Putting it another way, 0 is the temperature 
where the excess Chemical potential and the deviation from ideál behaviour 
vanishes. In this case, ofcourse, the free energy ofinter-segmental interactions 
is alsó zero.

The effect of the excluded volume decreases with decreasing temper- 
atures and vanishes at T = 0. At this point the inter-segmental attraction and 
the excluded volume effect cancel each other. Below the 0 temperature 
molecular attraction dominates, and the excluded volume becomes 
“negative”. If the temperature is further decreased the inter-segmental 
interaction becomes so strong that the polymer precipitates.

The actual conformation of the polymer chains can be regarded as a 
balance between the expansion forces originating from the excluded volume 
effect and the contraction forces being due to the less probable conformations 
of the segments. The free enthalpy term of the latter can be calculated 
similarly to the rubber elasticity of polymeric systems. The molecular
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dimensions are compared to the statistical end-to-end distances by the 
expansion factor:

H = aH0.

The elastic part of free enthalpy in this case is equal to:

AGcl=kT -(a2 —1)—Ina3 .

(2.18)

(2.59)

2.3. MEASUREMENT OF OSMOTIC PRESSURE

2.3.1. Theory of osmotic pressure determination

The basic principle behind osmotic pressure determination (and of all related, 
so-called colligative properties) is the Raoult law which States that the vapour 
pressure of the solution is proportional to that of the solvent and the mole 
fraction of the solvent molecules:

Pi=P°Yi- (2.20)

Since with sohitions of polymers the mole fraction of the solvent is always 
less than unity, it follows that the vapour pressure of such Solutions is smaller 
than that of the solvent, and the proportionality factor is the mole-fraction of 
the solvent.

The basic equation fór osmotic pressure has already been derived:

R T
3^i

(2.49)

which after rearrangement becomes:

n 1 Pi fi _ A Pi , 
RTc~M + p2Ml\2 X1J 3plMt (2.50)

where and p2 are the densities of the solvent and polymer respectively, and
the following relations have been included:

- —
Pl

and

V2
1

Pl ' (2.60)
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Fig. 2.10. Dependence of osmotic pressure on concentration. Data obtained from polystyrene 
dissolved in toluene. (After Margerison and East 1967.)

Fig. 2.11. The effect of vapour pressure depression on boiling and freezing points.

By plotting n/c, the osmotic pressure measured at low concentrations versus 
c, curves as seen in Fig. 2.10. can be obtained. The intercept of the n/c axis at c 
= 0 gives R T/M, whereas the slope gives the second virial coefficient.

In generál:

Q = Ac + Bc2 + Cc3+.... (2-61)

Similar expressions are valid fór the partial vapour tension of the solvent in 
equilibrium with the solution, fór vapour pressure depression (Eq. 2.62), 
which can be converted intő temperature difference (dTp, Eq. 2.63), fór freez­
ing point depression, and fór boiling point elevation (Fig. 2.11) (Eq. 2.64):

APl= ^-Nv + B'N2 + C'N3+ ..., (2.62)
Av
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R T2 v
atp= N'+B'Nt+W + • ■ - (2.63)

AT( = N, + B"N2 + C"N3+...,
AH(N^

R T2v
ATb = xr 1 Nv + + C'"N3 + . . .

(2.64)

(2.65)

where N, is the number of molecules per unit volume, NÁV the Avogadro 
number, AH heat of solidification, AH^ the heat of vapourization, AH the 
boiling heat in J/g units, A, B and C denote the first, second and third virial 
coefficients respectively.

The NJNAv term in Eq. (2.62, 2.65) can be expressed as: 

N,/NÁV = c/Mn.

Since the defmition of the number average molecular mass is:

(2.66)

M‘~ ZN,

and the totál number of molecules per unit volume is given by:

(2.3)

The concentration may be expressed in g/cm3 units:

(2.67)

r , 3, Z/v/M) T gmole1 ■ cm 3<g/cm3]=----- !—!■ -2------------ -------
jVAv L mole

and so

(2.68)

H —
V A?n ‘ (2.66)

Thus when measuring colligative properties the number average molecular 
mass results.

In the low concentration limit:

.. n RT hm — = 
c-oc M„

fór the vapour pressure depression (in A T units):

r AT RT2hm —E  --------- -=T..
c-o c Pi AH, Mn

(2.69)

(2.70)

11
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Similar expression are valid fór solidification point depression:

RT2 
c^o c Pi^Hf Mn’

and fór the boiling point elevation:

lim = RT2
c-o c Pi^Hb Mn

(2.71)

(2.72)

The vapour pressure relations determining solidification point depression 
and boiling point elevation are shown in Fig. 2.11. It can be seen that the 
original vapour pressure curve (a) intersects the line of atmospheric pressure 
at point A, while the vapour pressure curve of the solution (b) reaches the 
atmospheric pressure only at point B. Solidification begins at the intersection 
of the vapour pressure curves at the sublimation curve (c). This happens at 
point C in the case of the solvent and at point D in the solution. The difference 
between curves (a) and (b) is the vapour pressure depression which is used in 
vapour pressure osmometry—to be treated later—to determine the number 
average molecular mass.

In order to consider the evaluation possibilities and the measurable 
quantitative changes let us take a closer look at the property changes caused 
by a polymer with Mn = 104 and 106 respectively at c = 0.02 g/cm3, the solvent 
being benzene (Margerison and East 1967). Calculations are based on the 
following set of data:

p° = 13.265kPa (99.5mmHg) at 25°C

Vi = 89.4cm3/mole at 25 °C

R T2
------ = 65.2 Kát 101.325 kPa (this is 1013 mbar = 1 atm),
AHf

R T2
------  = 34.6 K at the same pressure, 

Wb

R T=2.48 x 103 J/mole at 25°C.

The results are summarized in Table 2.7. It can be seen that the A?n = 104 
value can be measured with all of the methods, bút to determine the 106 
molecular mass only osmotic pressure measurements are applicable, here the 
pressure difference 49.6 Pa (496 dyne/cm2) corresponds to about 6 mm 
difference in level of the benzene, and it can be measured reproducibly.
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Vapour pressure

Table 2.7

Colligative property changes calculated by extrapolation

M„= 10,000 M„= 1,000,000
c = 2 10-2g/ml

depression at 25 °C 2.37 Pa 0.0237 Pa
Freezing point

depression at 1 atm 
Boiling point

0.0116 K 0.000116 K

elevation at 1 atm 
Osmotic pressure at

0.0062 K 0.000062 K

25 °C 4.96 kPa 49.6 Pa
(~ 6 mm benzene)

After Billmeyer 1984.

Osmotic pressure is expressed in Pa according to the Sí system of units, 
bút usage of mbar units is alsó allowed. Earlier these quantities have been 
expressed in atm or dyne/cm2 units. In experimental work differences in level 
are detected in mm.

Let us denote the height of the solution level by h solution (in mm). This 
can alsó be expressed in mm of mercury (Hg):

'‘mmHg '^solution
PHg

where /tHg is osmotic pressure expressed in mm of mercury (Torr). More 
exactly psolution should be used instead of pS0|Venl bút the difference is usually 
negligible.

The pressure can be calculated in Pascals using the following formula:

rríP'O ^solution (mm) pso]vent 101.325

1 a) “ 13.595-76Ö ' (2'74)

The pressure in atmospheres can be calculated from the following expression 
(taking intő account that 1 atm = 760Torr= 101.325 Pa):

^solution(mm) pjojvent ^solution Psolvenl

(dtm)=------ 76Ö 10.330 • <2'75) 

(The density of mercury is 13.595 g/cm3.)
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Inter-relations between the osmotic pressures expressed in different units 
can be given as:

1 atm = 760mm Hg = 76 x 13.595 x 980.66 = 1.013 x 106

dyne/cm2 = 1.013 bar = 101.325 Pa (2.76)

1 microbar = 0.1 Pa (2.77)

The principle of osmotic pressure determination is outlined in Fig. 2.12. 
Cell A contains the solvent, B is the membráné, cell C contains the solution, D 
denotes the two capillary tubes, ti is the difference in level, which is the result 
of the osmotic pressure difference between cells A and C.

Fig. 2.12. Schematic representation of osmotic pressure measurements. (After Margerison and 
East 1967.)

Let us demonstrate the method by a practical example. When the 
osmotic pressure of a polystyrene solution is measured in toluene solvent at 
25°C (ploluene=0.8618 g/cm3, g = 981 cm/s2) data summarized in Table 2.8 are

Result of osmotic pressure measurements on polystyrene

Table 2.8

cg/cm3' 1,000 = kg/m3 2.56 3.80 5.38 7.80 8.68
n cm toluene 0.325 0.545 0.893 1.578 1.856
n Pa 27.5 46.1 75.5 133.4 156.9

m2 - s 2 ■ 10 10.7 12.1 14.0 17.1 18.1c

After Margerison and East 1967.
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obtained. Taking intő account the first two terms of Eq. (2.49):

- = ^Z+Bc. (2.78)
c M„

Experimental pressure data are shown in Fig. 2.10. The limiting value of 
osmotic pressure is:

limtí = 0.77xl05cm2 
yú yc->o

s“2 = 7.7m2 s~2

From this the number average molecular mass in Sí units is:

Mn =
RT rj-mole-1K-1-K’| 8.314-298.2 

-------------  ----- yy-------= 322,000 g/mole
/ n 

lim — \ c
m2-s 2

(the dimensions of the Joule being kg ■ m2 • s 2). The value of the second virial 
coefficient can be determined from the slope of the n/c-c plot as:

B= = 1.2m5 s'2 ■ kg"1.
lOkgm"3

From this one can calculate the contribution of the second term to the 
osmotic pressure. Applying Eq. (2.78) where c = 8.68kg/m3 concentration:

18.1 =7.7+ 1.2 x 8.68 = 7.7 + 10.42, 

that is, the contribution of the second term to the osmotic pressure is far larger 
than that of the first, “ideál” term.

It has to be noted, that this solution with a concentration close to 1% and 
exhibiting an excess osmotic pressure nearly 1.5 times higher than the ideál 
value, is usually very dilute; out of one millión molecules only three are 
polymer.

As virial equations can be written in several different ways, the value and 
dimensions of the virial coefficients always depend on the actual form of the 
expression, fór example:

n
c

— Be + Cc2 + . ■ ■, 
Mn

71 / 1 , 2 ,
- = R T 4- + ^2C + ^3C + • ■ • 
c \M„

(2.79)

(2.80)

(2.81)
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To sum up, the number average molecular mass of most soluble poly­
mers can be determined by the methods described above. Deviation from 
ideál behaviour can be characterized by the second virial coefficient. This is 
influenced by various factors, such as:

1. the Chemical composition of the given polymer-solvent system;
2. molecular mass and molecular mass distribution of the polymer;
3. measuring temperature;
4. stereoregularity of the polymer in question.
The effect of these factors on the second virial coefficients are 

summarized in Tables 2.9 2.12. Table 2.9 shows the effect of the solvents on 
the second virial coefficient of poly(methyl methacrylate) Solutions. Table 2.10

Dependence of the second virial coeffi­
cient on the type of solvent

Table 2.9

Solvent B, m5 ■ s 2 ■ kg 1

Chloroform 1.41
Toluene 0.82
Acetonet 0.57
Diethyl ketone 0.24
m-Xylene 0.02

Polyfmethyl methacrylate) (M„ = 1.28 x 
x 105 g/mole= 128 kg/mole) at 27 °C.

After Margerison and East 1967.

Dependence of the second virial coefficient on 
the molecular mass of the polymer

Table 2.10

B, m5 s 2 kg 1
g/mole kg/mole

20,600 20.6 1.35
39,500 39.5 1.19
80,500 80.5 1.14

130,000 130 0.99
350,000 350 0.77

Poly(a-methyl styrene) in toluene at 30 °C. 
After Margerison and East 1967.
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Table 2.11

Dependence of the second virial coefficient on temperature
In toluene (good solvent)______ In cyclohexanone (poor solvent)

°c B, 
m5-s'2-kg'‘

°C B, 
m5 • s“2■kg'1

22.0 0.77 27.0. -0.092
31.0 -0.026

67.0 0.70 35.0 0
39.0 + 0.016

Polystyrene Mm = 1,610,000.
After Margerison and East 1967.

Table 2.12

Dependence of the second virial coeffi­
cient on tacticity

r B’
Configuration m5 s'2 kg'1

Mainly isotactic 118
Mainly atactic ' 0.99

Polystyrene M„ = 100,000 in toluene at 
30 °C.

shows the variation of this quantity fór poly(a-methyl styrene)-toluene 
Solutions as a function of average molecular mass. Table 2.11. summarizes the 
variation of the second virial coefficient as a function of temperature. These 
data refer to polystyrene, the solvents are toluene and cyclohexanone. The 
effect of stereoregularity is demonstrated in Table 2.12, where the effect of 
tacticity on the second virial coefficient is shown fór polystyrene samples of 
equal molecular mass.

These Tables show clearly that the second virial coefficients depend on so 
many factors that their description in terms of basic molecular parameters is 
nőt possible.

The virial expression of osmotic pressure is in many respects very similar 
to the virial expansion of the equation of state fór reál gases:

n „ n2íi' nVPv = nR T+ —í- + -f- + ... (2.82)
v v ' ’ 
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or after rearrangement:

P R T o, , ,
(2.83)

where n is the number of moles of the gas, fór m grams of a gas with molecular 
mass, M:

n = m/M = v ■ c/M
ml • g/ml 
g/mole

= [mole] (2.84)

and c is a weight concentration or gas density term. The similarity between 
Eq. (2.82) and (2.83) and Eqs (2.78), (2.79) is obvious. At higher temperature fi' 
is positive and by decreasing the temperature it reduces to zero. This is 
known as the Boyle temperature. Below this temperature fi' gradually be­
comes negative, until liquefaction begins due to molecular aggregation.

Polymer-solvent systems behave similarly. At higher temperatures B is 
positive, with decreasing temperatures it approximates to zero, and the tem­
perature where it reaches zero is the 0-temperature. With lower temperatures 
B decreases further and becomes negative. Below the 0-temperature 
molecular aggregation results in precipitation. At the 0-temperature the 
macrpmolecular solution behaves ideally at a wide rangé of concentrations, 
the same way as reál gases behave ideally at the Boyle temperature at a wide 
rangé of pressures.

The effect of 0-temperature on the second virial coefficient has already 
been treated in terms of the Flory-Kriegbaum theory.

At this temperature attractive and repulsive forces acting on the 
segments are in equilibrium, the molecular conformation approximating the 
unperturbed State, and osmotic pressure can be given by the following 
simple relationship:

RT
* = -=-C Mn (2.85)

independent of concentration.
Above the 0-temperature the polymer molecule is expanded in com- 

parison to the unperturbed dimensions, and the second virial coefficient is large 
and positive. In this case the solvent is described as a “good” solvent. In 
contrast, poor solvents are those in which molecular dimensions approxi- 
mate the unperturbed State, so that the second virial coefficient is close to zero.

In Table 2.13 the ©-temperatures of somé polymer-solvent systems are 
summarized. These values are extrapolated to infmite molecular mass.
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0-temperatures of somé polymer-solvent pairs, extrapolated to 
infmite molecular mass

Table 2.13

Polymer Solvent 0°C

Polystyrene Cyclohexane 34.4
Polystyrene Toluene 100.0
Poly(a-methyl styrene) Cyclohexane 38.0
Polyisobutylene Benzene 24.0

Poly(methyl methacrylate) 50:50 methyl-ethyl ketone 25.0
Poly(n-butyl methacrylate) Isopropanol 21.0

cis-l,4-Polybutadiene Isobutyl acetate 20.5
cis-l,4-Polyisoprene Methyl-n-propyl ketone 14.5

trans-1,4-Polyisoprene n-propyl acetate 60.0
Poly(vinyl acetate) Ethyl-n-butyl-ketone 29.0
Poly(vinyl chloride) Benzyl alcohol 155.4
Poly(dimethyl siloxane) Methyl-ethyl-ketone 20.0

After Margerison and East 1967.

2.3.2. Osmometers

There is a wide variety of osmometer constructions, bút most of them trace 
back to three basic types:

— Schulz-type;
— Fuoss-Mead type;
— Zimm-Myerson type osmometers.
The Schulz-type osmometer is the simplest. The membráné is mounted 

on a perforated stainless Steel plate, the space above the membráné is filled 
with the solution and finally the osmometer is immersed in the solvent (Fig. 
2.13).

The principle of measurement is demonstrated quite well by this type, bút 
it is nőt often used in practice, since the method of measurement is static, 
and it takes more than one day. About 5 cm3 of solution, and 500 cm3 of 
solvent are needed.

The Fuoss-Mead osmometer consists of two stainless Steel plates with 
special concentric grooves inside. These ensure the fixture of the membráné 
and a large contact area with the solution. A side view of the osmometer is
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Fig. 2.13. Schulz-osmometer.

shown in Fig. 2.14, whereas the end-plate which holds the membráné is shown 
in Fig. 2.15. Width and depth of the grooves are both 2 mm, and the distance 
between them is 3 mm. The solvent and the solution move in a 3 mm vertical 
groove within the concentric ones.

The osmometer is filled via two sidecapillaries. Valves 1 and 2 are closed, 
and valve 3 is opened, the left hand side is filled with the solution, the 
right hand side being simultaneously filled with the solvent.

Care is taken to fill the two sides at a similar speed to avoid entrapped air. 
When the cells and capillaries are filled, valves 1 and 2 are opened fór a 
moment to remove any air remaining in them.

By the correct manipulation of the valves the level in the solvent and 
solution capillaries can be set to any desired value. Since the heat capacity 
of the cell is large, thermal equilibrium can be readily maintained, the whole 
instrument is frequently placed intő a heat-insulated box.

Osmotic pressure can be measured relatively easily by the so-called 
half-sum method. Somé preliminary experiments are necessary to establish 
the approximate value of the equilibrium osmotic pressure, the exact value 
is then measured dynamically. To do so a (Ah + x) cm difference in levels in 
produced on one side, where Ah is the estimated value of the equilibrium
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Fig. 2.14. Fuoss-Mead osmometer. (After Fuoss and Mead 1943.)

Fig. 2.15. The end-plate of the Fuoss Mead osmometer. (After Fuoss and Mead 1943.)
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difference is levels, and x is about 2 cm. The meniscus is read every half mi- 
nute fór about 8 10 minutes. Then the mesurement is repeated with a 
(Ah-x) initial value and exactly half minute time intervals.

Half of the sum (the arithmetic average) of the ascending and descending 
levels is plotted versus time. This so-called half-sum gives the osmotic 
pressure of the solution. This way the result can be obtained within a 
relatively short time. This type of measurement is shown in Fig. 2.16.

Fig. 2.16. Osmotic pressure measurements fór polyf vinyl chloride) in methyl amyl ketone 
according to the dynamic half-sum method. (After Fuoss and Mead 1943.)

When using the osmometer with a low-permeability membráné, the time 
must be increased, in such cases thermostating is necessary. Several modified 
versions of this method are known. Their common advantage is that the 
membráné is in a well-defined, stretched position. Fór this type of 
measurement about 10-12 cm3 of solvent and solution are needed.

Zimm-Myerson osmometers are simpler than the Fuoss-Mead type. 
One basic example is shown in Fig. 2.17. The osmometer consists of an open, 
cylindrical cell of about 2 cm diameter (7) and two capillaries soldered to it 
with diameters of 0.5 mm and 2 mm respectively. The thinner tűbe (6) is fór 
measurement, the thicker one (5) is fór filling the system. The open ends of the 
glass cell are exactly planparallel and polished. The two membranes are fixed
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Fig. 2.17. Zimm Myerson osmometer. (After Zimm and Myerson 1946.)

to the ends of the cells by means of two perforated Steel or copper plates (2). 
Holes in these perforated side-plates (8) ensure the solvent-membrane 
contact, while the rest of the metál surface (9) serves to fix the membráné 
mechanically.

Within the capillary of 2 mm in diameter a metál rod is placed (3) which 
closes the hole after filling with solution. The diameter of this rod is chosen so 
that movement of the fluid in the capillary is still possible. By moving the bar 
the level of the measuring capillary can be changed and the half-sum method 
can be applied. Measurement is performed by immersing the fiiled osmometer 
in a solvent bath, the temperature of the solvent being regulated within 
0.01 °C. The solvent level is read from external capillary (4) with high pre- 
cision. Fór this type of measurement about 3 cm3 of solution and 200 cm3 
of solvent are needed.
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The Helfritz-type osmometer is alsó widely used. It combines the membráné 
mounting of the Fuoss-Mead osmometer (the membráné being stretched 
between metál plates) with the simple capillary system of the Schulz-osmometer. 
This kind of osmometer is shown in Figs 2.18 and 2.19.

Fig. 2.18. Membráné mounting in the Helfritz osmometer.

Fig. 2.19. Helfritz osmometer.
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Fig. 2.18 demonstrates that part of the osmometer which serves fór the 
mounting of the membráné, while Fig. 2.19 illustrates the osmometer itself 
with the measuring and reference capillaries.

The Helfritz-osmometer modified by Nagy and Varga (Fig. 2.20) can be 
used fór dynamic (half-sum) measurements, since the capillary level can be 
set to any level. Fór this type of measurement 4 cm3 of solution and 300 cm3 
of solvent are needed.

Fig. 2.20. Modified Helfritz osmometer.

Automatic osmometers using membranes are alsó available, where 
solution portioning, level-setting and osmotic pressure monitoring is 
automated. Such equipment works in a molecular mass rangé of 104-106, in 
both aqueous and non-aqueous solvents over a wide rangé of temperatures 
(5-130°C). Temperature is kept constant within 10-4°C.

2.3.3. Membranes used fór osmotic pressure determination

In the case of aqueous Solutions mainly cellulose nitráté membranes are 
used, bút fór organic Solutions poly(vinyl alcohol) or cellophane membranes 
are normál.
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The quality of the membráné influences the accuracy of the measurement 
to a high degree. If the pores are too narrow, equilibrium is reached very 
slowly, whereas if the pores are too large the low molecular mass components 
can penetrate the membráné, so that the average molecular mass is 
overestimated. If the sample to be measured is highly polydisperse, 
fractionation is advisable.

Table 2.14 summarizes the poré sizes and upper limits of measurable 
molecular mass fór membranes offered by the Membranfilter (Göttingen) 

Company.

Table 2.14
Poré size and measurable molecular mass rangé of various kinds
of osmotic membranes __________________ __

Grade Coarse Médium Fine Finer Finest

Poré size, pm 200-80 80-50 50-10 10-5 <5

M„ max. 109 108 107 105 10“

Selection of the correct membráné is a crucial step in the measurement. 
In order to get good osmometry results the macromolecules must nőt 
penetrate the membráné. This condition cannot be fulfilled fór polymers 
with a wide scale of molecular mass distribution. To demonstrate how 
unrealistic results can be obtained in unfractionated samples the reduced 
osmotic pressure of a cellulose nitráté sample is plotted versus concentration 
in Fig. 2.21, with six different membranes. Dashed lines denote a sample of 
lower molecular mass, the continuous lines refer to a higher molecular mass 
sample. Deviations are notable in the case of the low molecular mass sample.

By fractionating sample B and removing about 30% low molecular mass 
fraction the osmotic pressure measurement in the same membranes gives 
unambiguous results (Fig. 2.22).

Low molecular mass materials profoundly influence the results o 
osmotic pressure measurements since this method yields number average 
molecular mass, and the weight factors of the individual molecules are 
equal. Thus, fór example, a 1% component with a molecular mass of 500 
reduces the average molecular mass of a second component with a molecular 
mass of 200,000 to 40,000.

Staverman(1951,1952,1957) studied thediffusion oflow molecular mass 
polystyrene samples through somé of the membranes detailed in Table 2.14.
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Fig. 2.21. Reduced osmotic pressure (n/c) plotted versus concentration. Data obtained from 
unfractionated nitrocellulose samples in n-butyl acetate. (After Alvang and Samuelson 1957.) 
----- Sample A;--------- Sample B; O “Ultracella altér feinst”, □ cellophane, A ultracella feinst, • 
denitrated collodium 1, A denitrated collodium 2, ■ denitrated collodium 3.

Fig. 2.22. Reduced osmotic pressure (n/c) plotted versus concentration. Fractionated 
nitrocellulose. Sample B of Fig. 2.21 after fractionation in n-butyl acélaié. Notation as in Fig 
2.21. (After Alvang and Samuelson 1957.)
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He established that an osmotic pressure value approximating equilibrium can 
be obtained within a few minutes, bút the true equilibrium is nőt reached even 
after several hours. The results are shown in Figs 2.23 and 2.24 and in Table 
2.15. From Fig. 2.23 one can see that the equilibrium is still nőt reached even 
after 1,300 minutes. The polymer molecules penetrate the membranes slowly 
and since they appear on the solvent-side, the concentration of the polymer 
solution decreases. This decrease of concentration is shown in Fig. 2.24 as a 
function of time.

Fig. 2.23. Level difference of polystyrene solution as a function of time with different types of 
membráné. (After Staverman 1957.)

Fig. 2.24. Concentration depression of polystyrene caused by diffusion using differerent types of 
membráné. (After Staverman 1957.)
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chloroform)

Table 2.15

Results of simultaneous diffusion and osmotic 
pressure measurement (polystyrene in

Membráné
Time, 

h
Permeation,

°//o
Apparent 
M„x 10'3

Coarse 25 62 504
18 40 434
2 30 406

Médium 149 34 232
24 25 50

Fine 168 26 42
24 21 33

Finest 144 16 31
24 12 23

After Staverman 1957.

As a result of this diffusion process, the concentration of the solution in 
question can change considerably which leads to inaccurate results. An 
example of this is shown in Table 2.15 where an apparent molecular mass of 
500,000 is obtained fór a polysterene sample with Mm = 24,000 and Mn 
= 10,000 if the measurement is performed with a coarse grade membráné. 
Only about 38% of the original sample remains in the solution, the rest 
penetrates intő the solvent.

In conclusion, osmotic pressure measurements require extreme care and 
caution, bút the measurements can be performed with relatively simple 
equipment.

2.3.4. Vapour-pressure osmometry

Fór the determination of number average molecular mass of relatively low 
molecular mass molecules (below 20,000) vapour-pressure osmometers 
(or electro-osmometers) are frequently used. The principle of measurement 
differs from the previously described methods, since there is no use of 
semipermeable membranes. The molecular mass is calculated directly from 
vapour pressure depression. The vapour pressure depression phenomenon 
has already been shown in Fig. 2.11 and it can be explained in the following 
way. If a droplet of the solution gets intő the saturated vapour of the solvent, 



62 Molecular mass of polymers Ch. 2

the solvent condenses on the droplet until the vapour pressure of the solvent 
and solution become equal. During condensation the solvent droplet heats up 
due to the heat of condensation. In the ideál case:

RT2 M c
AT =--------- (2.86)

P Mn

so that the temperature increase of the droplet is inversely proportional to the 
number average molecular mass of the dissolved matéria!, and proportional 
to its concentration. AH„ means the heat of evaporation at the temperature of 
the measurement in J/g units.

The temperature difference is measured between one thermistor in the 
vapour phase and a second, alsó in the vapour phase which has pure solvent 
dripped onto it continuously. The result is a few fi V voltage difference which 
is readily measurable.

In practice a series of measurements must be performed with different 
concentrations, so that temperature difference due to vapour pressure 
depression can be expressed as:

limf^^-7^ (2.87)
c.0\ c / M„

The temperature difference in electro-osmometers appears as a voltage 
difference, and the equation can be written in the following form:

/ AV
\ C / Afn 

limc-*O

(2.88)

where all constants of Eq. (2.87) are absorbed intő K, and it contains alsó the 
proportionality constant between voltage and temperature and an empirical 
factor which takes intő account the deviation from ideál conditions in the 
apparátus.

Temperature differences in vapour-pressure osmometry usually ránk in 
the order of 0.1 ’C, whereas measurable voltage differences are in the order 
of microvolts.

The values of virial coefficients can alsó be determined by vapour- 
pressure osmometry, according to Eqs (2.79), (2.80) or (2.81), similarly to 
classical osmotic pressure measurements. As one can see from Eq. (2.88), in 
vapour-pressure osmometric measurements the value of the empirical 
constant, K is needed. To determine the virial coefficients, however, no
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calibration is required if the following form of the virial equation is used:

AV
c
—) (i + r2c+r3c2+...) 
c 7c-.o

(2.89)

where the meaning of r2, r3 is identical with those in Eq. (2.81), that is, they 
are the second and third virial coefficients respectively. The dimensions of the 
second virial coefficient are m3/kg in Sí units, and cm3/g in the cgs system of 
units.

It is necessary to discuss in somé detail the problem of concentration. So 
far by concentration, c, the g/cm3 concentration has been intended. This type 
of concentration depends on temperature, since the volume of the solvent 
varies with temperature.

A temperature independent concentration value is obtained if the 
amount of dissolved matéria! is related to the mass of the solvent, that is, if the 
concentration is given in g/kg units. This is especially useful in vapour- 
pressure osmometry where the temperature of the measurement can be any 
value ranging between the boiling and freezing points.

The cm mass concentration in g/kg units can be calculated from the 
earlier c(g/cm3) concentration by the following relation: 

cm(g/kg) =
c(g/cm3)-1000 

p(g/cm3)
(2.90)

where p is the density of the solvent.
Two other notions, frequently used in connection with Solutions are 

molarity and molality.
Molarity is an expression fór volume-concentration; a solution exhibits 

unit molarity ifit contains 1 gram-mole dissolved matéria! in 1 dm3 = 1,000 
cm3 solution (kmole/m3).

Molality is a mass concentration unit. If the molality is unity, the 
solution contains 1 gram-mole dissolved matéria! in 1 kg solvent. Molality is 
independent of temperature (mole/kg).

The schematic view of a vapour-pressure osmometer is shown in Fig. 
2.25. Solutions of different concentration and the solvent, can be injected onto 
the thermistors by means of syringes. At the bottom of the system there is a 
cup füled with pure solvent. After reaching the desired temperature, and the 
vaporization equilibrium. the reference point of the system can be obtained if 
both thermistors are covered by a solvent droplet. Then the solution of the 
least concentration is dropped onto one of the thermistors, and the voltage 
difference between the two thermistors is measured. After performing a series 
of measurements fór each concentration value, the concentration de-
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Fig. 2.25. Schematic of a vapour-pressure osmometer 1 measuring chamber, 2 mirror, 3 heating 
block, 4 syringe, 5 thermistor, 6 solvent cup, 7 filter paper.
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Fig. 2.26. Results of an osmotic pressure measurement.

pendence of the voltage is plotted as V/cm versus cm. The intercept yields 
(F/cm)Cm-0.

If the measurement is performed with a matéria! of known molecular 
mass, the calibration constant can be calculated as:

K = Mstandard( . (2-91)

If an unknown matéria! is studied, and K is known from earlier measure­
ments, the number average molecular mass of the unknown sample is 
obtained from:

\^m/ cm-*0
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Fór calibration very pure compounds with known molecular mass should be 
used, fór example, benzil (M = 210.2), squalene (M = 422.8) or pentaerythritol 
tetrastearate (PETS) (M= 1202).

The results of a measurement are shown in Fig. 2.26. As one can see on 
the ordinate, concentration is given in g/kg units. The low concentration limit, 
(F/cm)Cm_0, extrapolated from four points is 2.45 (/íVkg/g). Taking intő 
account the first two terms of Eq (2.89): 

50-2.45 [_ g

that is, 6.53 (g/g). As the density of toluene at the measuring temperature 
(65 °C) is equal to 0.86 (g/cm3), and the concentration is expressed in g/cm3 
units, then:

F = _6'53 = 76 [cm3/g].
2 0.86 [g/cm3] L /SJ

Data processing is more precise if the method of least squares is used to 
fit the measured points.

2.4. MOLECULAR MASS DETERMINATION FROM LIGHT 
SCATTERING MEASUREMENTS

From light scattering data the mass average molecular mass, the radius of 
gyration, describing the coil structure of the molecule, and the second virial 
coefficient, characteristic of the solvent-polymer interaction, can be obtained.

The basic phenomenon is well known in everyday life; when entering a 
dusty room the path of a beam of light is quite clear, since the light is scattered 
from the dúst particles. This kind of scattering should be distinguished from 
reflection as in this case (similarly to the mirror) incident and reflection angles 
are bound to certain values.
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2.4.1. Scattering in gases

2.4.1.1. Scattering by a single partidé. The Rayleigh equation

First let us investigate the interaction of a single molecule in vacuo with a 
plane-polarized, monochromatic light beam. Let us assume that the molecule 
is spherical, and so the position of the molecule with respect to the light beam 
causes no special problem. It is alsó assumed that the diameter of the partiele 
is much smaller than the wave length of the light as shown in Fig. 2.27. The 
arrow shows the direction of the light.

It is known that light (which in an electromagnetic radiation) has electric 
and magnetic fields oscillating perpendicular to each other.

Both fields move at a speed of c, and the direction of the light is 
perpendicular to that of field oscillations. The position of the fields at a given 
instant is shown in Fig. 2.28. In the Figure the light moves along the X-axis, the 
polarization pláne is the XT pláne, and electrical (E) and magnetic (H) fields 
oscillate along the Z and Y axes respectively. At a given instant and at point 0 
both fields are equal to zero, along the X-axis both fields change, maximum 
values, Eo and H0 are found at a distance of 2/4 from the origin. At point 0,

Fig. 2.27. Planar wave fronts distant from the source of radiation. (After Margerison and East 

1967.)

K/2

Fig. 2.28. Vectorial representation of the electrical (E) and magnetic (H) fields in the 
electromagnetic radiation. (After Margerison and East 1967.)
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Z

Fig. 2.29. Time dependence of the electrical field in a given point.

Fig. 2.30. Time dependence of the magnetic field at a given point. (After Margerison and East 
1967.)

both fields vary as a function of time. This function is shown in Fig. 2.29 fór the 
electric field, where the lengths of the arrows indicate the magnitude of the 
field, and their direction shows the acceleration of a free positive charge in the 
field.

Simultaneously the magnetic field changes along the Y-axis (Fig. 2.30). 
Here again the lengths of the arrows are proportional to the magnitude of the 
magnetic field, and their direction gives that in which the field would 
accelerate a free N-monopole.

The oscillation of the electrical field perturbs the outer electrons of the 
atoms in the molecule, and an oscillating induced dipólé is produced. Its 
magnitude, p, at any given time, t, is proportional to the inducing field, E, 
the proportionality constant is the polarizability of the molecule, a, so that:

p = aE, (2.93)

where:

E = Eo cos —— = Eo cos 27tví, (2.94)
A

and:

v^c/Á, (2.95)

the frequency of light.
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This oscillating dipólé moment, p, produces secondary electromagnetic 
radiation, consequently energy, or more exactly light, is scattered by the 
molecule when illuminated with monochromatic light. The radiated energy, /s 
is proportional to the square average of the second derivative of the induced 
dipólé moment with respect to time:

s" 3c3 [dt2J (2.96)

where c is the velocity of light.
The intensity of the incident light, /0, the amount of energy passing 

through unit surface, is proportional to the square of the amplitude of the 
electric field, Eo:

I = — E2
0 8tt

(2.97)

The first and second derivatives of the induced dipólé moment can be 
calculated from Eqs (2.93) and (2.94) as:

dp n c .— = — 27tva£osin27tvt, 
dt
d2p A 2 2 r .

= — 4rt v a£0cos2rcvt.

(2.98)

(2.99)

The square of the second derivative is:

= 167t4v4a2£ocos227tví.
\ dt /

(2.100)

The average is determined as follows, taking intő account that:

cos2 2nvt =0.5

and so

(2.101)

d2P 
dt2

2
= 87r4v4a2£g (2.102)

Inserting Eq. (2.102) intő Eq. (2.96) the scattered intensity fór a single 
isolated partiele is given by:

2
/,= ^jSttS4®2^ (2.103)
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or by introducing the wavelength of light:

v 1
- = t- (2.104)c z0

where z0 is the wavelength in vacuo, then:

(2-105)J Aq

Inserting the intensity of the incident light, according to Eq. (2.97) the fa-
mous Rayleigh equation results: 

or
, 8 /2tc\4 2

T a ’ (2.107)
5 X^o /

The scattered intensity is proportional to the intensity of the primary 
beam, and inversely proportional to the fourth power of the wavelength.

2.4.I.2. Scattering by multiple particles

Energy scattered by individual particles remains far below the detection limit. 
In practice, scattering properties of individual particles are always inferred 
from measurements on a large number of particles. Scattered intensities 
originating from individual centres can be modified by interference, since 
interfering waves can amplify or cancel each other. If the scattering centres are 
distributed randomly, and the distance between them is large enough, the 
interference effect can be neglected. In such cases intensity is simply the sum of 
those scattered by the individual particles, so that, if there are N statistically 
distributed Rayleigh-particles present in unit volume (1 cm3), the totál 
emitted energy will be:

Q
I = NI,= -nNI0 (2.108)

Combining all constants intő a single proportionality coefficient:

I = r/0 (2.109)

where r is the turbidity coefficient, or simply turbidity, which is the totál 
intensity scattered from unit volume of the scattering médium. The value can
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be given as:

8 2 71 

Ao

128 7T5 2 (2.110)

2.4.13. Modification of the Rayleigh equation

The Rayleigh equation (as given by Eqs (2.106) and (2.107)) contains the 
polarizability of the individual molecules. In the case of dilute gases this is 
related to the dielectric permittivity of the médium:

a=—-. (2-H1)
4tt N

According to the Maxwell relationship, on the other hand, relatíve permittivity
is equal to the square of the refractive index of the médium:

£ = n2, (2-112)

and so finally the polarizability can be given by:

a=^-l. (2-113)
' 4n N

Inserting this intő Eq. (2.108), turbidity can be expressed as a function of the 
refractive index of the médium, n:

8 ^/^(n2-!)2 1
T 16tt2 N2’ 

or
_8 3(n2 —l)2

T 3* '

Somé authors use the following form:

32 3(n-l)2
T = — 7T 4-

3

where it is taken intő account that if na 1, then: 

n2 —1 =(n+ l)(n— l)a2(n —1).

(2.H4)

(2.115)

(2.116)

(2.117)

Eqs (2.115) and (2.116) represent the Rayleigh equation fór turbidity. 
Using this equation the number of molecules in unit volume can be measured, 
so that the Avogadro number, or the Loschmidt number (NL, the number of 
molecules in 1 cm3 of an ideál gas in standard state) can be determined.
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2.4.2. Scattering by particles in dilute Solutions

Scattering phenomena considered so far are the result of scattering from 
particles surrounded by a vacuum. Solutions differ from gases in that the 
scattering particles themselves are surrounded by scattering and refracting 
solvent molecules. Equations derived fór gases have to be modified as far as 
the calculation of polarizabilities, a-, are concerned.

Let us assume that we are interested in the scattering of the dissolved 
molecule only, that is, nőt in the totál induced dipólé moment, bút only in the 
difference between the dipólé moments of the solution and the solvent. Let us 
alsó assume that the totál induced dipólé moment of the solution, p is the 
weighted sum of those of the components, and p2, the weight factors being 
the mole fraction of the solvent, and the dissolved matéria!, T2 respectively:

p=yiPi + T2p2 

where

(2.118)

Y - _ 12__
1 N^N,’

and
Y — N>-

2 Nl + N2'

Ni and N2 denote the number of molecules in unit volume of solvent and 
solute respectively.

The dipólé moments of the solution, solvent and solute can be calculated 
from Eqs (2.93) and (2.113) as follows:

71 = ^^- (2.120)

p2 = oi2E. (2.121)

Inserting all these intő Eq. (2.118) gives:

n2-l 1 „ N, n?-l 1 N2-------------------P -- ----------------- —--- -f- ----------- (X F, 
4tc Ny+N2 N{+N2 4?t Ni Ni+N2

n2 — 1 =n2 — 1 +47r/V2a2,
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where the polarizability of the solute is equal to:

Fór dilute Solutions the expression can be further simplified, since the dif­
ference between n and nl is very small and:

n2-n2=(n + n1)(n-n1)«2n1(n-n1). (2.123)

Introducing the c (g/cm3) concentration, the molecular mass of the solute, M 
and taking intő account that the mass of a single molecule is equal to M/NAv, 
furthermore that of N2 molecules is N2 ■ M/N^, the following expression 
results fór N2:

(2.124)

where the polarizability of the solute becomes:

2ntM n —fij

4ttNAv c
(2.125)

The (n-nj/c quotient can be replaced by dnjdc, the differential refractive 
index increment, which is nearly constant fór dilute Solutions. Inserting N2 
instead of N and a2 instead of a intő Eq. (2.110) the following result is obtained 
fór the turbidity of a dilute solution:

8 V 2 
r=-7tN2 — a|, 

3 \^o /
(2.126)

or by using Eqs (2.124) and (2.125):

8 c 4njM2
T= 16n2N2v

(2.127)

32 , n?
T= Tr----143 NAvz0

(2.128)

The turbidity of the pure solvent (i.e. the intensity of light scattered by the 
solvent) has to be substracted from the experimentally measured values when 
calculating the turbidity of the dissolved particles.
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2.4.2.I. Angular dependence of the scattered intensity

Scattering caused by dissolved molecules can be measured, in principle, in two 
different ways. One is the measurement of the intensity of the incident and 
leaving light beam, the second is the measurement of the scattered intensity. 
In practice, the second method is always used, since the intensity change of the 
primary radiation is hardly meas.urable. Besides the angular dependence of 
the scattered intensity provides important information about the size of the 
macromolecules in the solution.

Let us imagine a spherical surface around the scattering partiele or 
volume element. Intensity measured on this surface will be denoted as I. As 
mentioned in connection with Figs 2.28 and 2.29 it is assumed that the 
polarized incident radiation oscillates along the Z-axis. The induced dipólé 
situated at the origin of the coordinate system of Fig. 2.31 alsó oscillates along

the Z-direction, and the amplitude is the function of molecular polarizability. 
Electrical vectors of both primary and secondary radiation are perpendicular 
to the direction of light. This direction is the X-axis in the case of the primary 
radiation whereas the secondary radiation moves from the origin in all 
directions. Fig. 2.31 shows the electrical vectors of the secondary radiation at 
the intersection of the spherical surface and the XZ pláne. Two scattering 
directions are shown, the angles between the original direction (A-axis) and 
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the scattered ones are and respectively. One can see from the Figure 
that:

cos^-^, (2.129)

that is, the intensity of the scattered electrical vectors are proportional to the 
cosine of the scattering angle:

£® = F®,ocos^- (2.130)

Since according to Eq. (2.97) the intensity is proportional to the square of 
the electrical vector, then the scattered intensity can therefore be given as:

/0 = l®,ocos2$> (2.131)

where I^o is the scattered intensity measured perpendicular to the direction 
of the electrical vector of the primary radiation, and to the direction of 
polarization. (This is equal to the original direction.) In order to calculate the 
totál scattered intensity all scattered intensities, have to be calculated 
along the spherical surface:

/=fMFe- <2-132>
F

Fór the sake of simplicity Fig. 2.31 shows the X-Z pláne only. The intensity of 
secondary radiation originating from the oscillating dipólé is uniform along 
the circles shown by the dashed lines in Fig. 2.31. So the spherical surface 
integrál can be calculated by summing infinitesimal rings, along which the 
intensity is uniform (Fig. 2.32). The area of such a ring (dashed area in Fig. 
2.32) can be given as:

dF = 2r(cos í>)Ttrd<P = 2nr2 cos (2.133)

Taking intő account Eqs (2.131) and (2.133) the integrál in Eq. (2.132) can be 
expressed as:

*n . ’í.2 i1= f I# Ocos2 <P2nr2cos <Pd<I> = 2nr2lvő j cos <Pdd\ (2.134) 
— n/2 ' ' ~^2

and its solution:

1= 2nr2I<t,. o
1 "W2 R. ■ 1 . A _ O 2 ,sin<P-—sin 0 'a. o-
3 J-"/2 3

(2.135)

This is the result fór a single partiele, or an elementary scattering volume, the 
totál scattered intensity on a spherical surface with radius r around the 
scattering centre.
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Fig. 2.32. Calculation of the volume integrál of a spherically symmetric function with respect to 
polar coordinates. (After Springer 1970.)

In practice, three types of incident radiation, with different States of 
polarization, are important. These are the vertically or horizontally polarized, 
and nonpolarized light. Scattered intensity is measured in the X-Y pláne. 
Besides the scattering angle, it is advantageous to introduce 0, the angle 
of observation. Let us take a close look at the dependence of scattered inten­
sity on the angle of observation in the three different States of primary polar­
ization.

\

2.4.I. 2. Scattering of vertically polarized incident light

The incident light and the excited particles oscillate along the Z-axis. 
Scattering phenomena are shown in Fig. 2.33. It can be seen that in the X-Y 
pláne, fór all values of the 0 angle <^ = 0°. According to Eq. (2.131) fór all 
angles of observation, 0, since cos <?= 1:

^ö,v = ^o<>,v (2.136)

where the index V indicates vertical polarization. This means that the 
scattered intensity in the X-Y pláne is uniform and independent of the angle 
of observation.

0, the angle of observation, or, according to a different nomenclature, 
the scattering angle, is introduced at this point. Later on we shall see that in 
reflection experiments 0 denotes the angle between the incident light beam
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Fig. 2.33. Scattering diagram of a primary radiation beam polarized in the X-Z pláne. (After
Springer 1970.)

and the reflecting pláne. In such cases the scattering angle is equal to 20. 
Therefore, when reading the literature it is always advisable to clarify what is 
meant by 0.

2.4.23. Scattering of horizontally polarized incident light

*
In this case both the incident light and the generated particles oscillate along 
the Y-axis. In the X-Y pláne (the pláne of observation) fór all values of 0, £ 
= 0, (that is, the angle of observation is equal to the angle of deviation from 
the pláne of oscillation), as can be seen from Fig. 2.34. So cos = cos 0 and 
according to Eq. (2.131):

^,h = ^oo,hCOS20 (2.137)

where subscript H indicates horizontal polarization. In the case of a hori­
zontally polarized incident light beam, the scattered intensity in the X— Y 
pláne depends on the scattering angle, and is proportional to cosz 0.

Angular dependence of the scattered intensity can be demonstrated by 
the scattering surface. This surface can be obtained if, from the scattering 
centre, vectors proportional to the scattered intensity are drawn in all 
directions. The ends of these vectors produce the scattering surface.

Variation of the electrical vectors of the secondary radiation, induced by 
the incident light, has already been shown in Fig. 2.31 in the X-Z pláne. 
Points of equal intensity can be produced by rotation around the Z-axis. 
When plotting the intensity, which is proportional to cos2 <P a toroidal body, 
similar to a doughnut is obtained. Its shape is thinner in the Central region, 
with a hole in the centre (Fig. 2.35).
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Fig. 2.34. Scattering diagram of a primary radiation beam polarized in the KZ pláne. (After 
Springer 1970.)

F ig. 2.35. Scattering envelope of the scattered radiation polarized in the X-Z pláne, toroidal 
form. (After Margerison and East 1967.)

As the length of a line drawn from the centre to the surface of the toroid is 
proportional to the scattered intensity in the given direction, it can be seen 
from Fig. 2.35 that the value of the scattered intensity is constant in the X-Y 
pláne, it shows great variation in the X-Z pláne, maximum in the X-direction, 
and zero in the Z-direction.

If the pláne of polarization is changed from the Z-axis to the F-axis, the 
scattered intensity greatly varies in the X-Ypláne and will be constant in the 
X-Z pláne (Fig. 2.36).



78 Molecular mass of polymers Ch. 2

Fig. 2.36. Scattering envelope of the scattered radiation polarized in the X-Y pláne as viewed 
from the Y-axis.

2.4.2.4. Scattering of non-polarized incident light

Non-polarized light can be regarded as a superposition of two, perpen- 
dicularly polarized light beams of equal intensity. Using Eqs (2.136) and 
(2.137) and denoting the non-polarized light with index U, the following 
equation results:

*
^0, u “ v 3~ h ~-^o°, v 3~ f o° ,h cos2 (2.138)

Since

2 A>°, u,4°, v — 4°, h -■ (2.139)

then the scattered intensity induced by a non-polarized incident light, as a 
function of the scattering angle can be described by the following relation:

1 + cos2 6
I®, u = 2 (2.140)

The scattering surface of the unpolarized radiation is shown in Fig. 2.37. It can 
be seen from Eq. (2.140) and Fig. 2.37, that if the angle of observation is equal 
to 90°, even in the case of non-polarized incident light only vertically 
polarized scattered light is observable. It is alsó clear that the intensity of the 
forward and backward scattered light is symmetrical with respect to the 90° 
value.

The angular dependence of the scattered radiation is summarized in Fig. 
2.38 where the pláne of observation (the X-Y pláne) is viewed from above 
(from the positive side of the Z-axis) and the intensity of the scattered light is 
shown as the function of the angle of observation.
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z

Fig. 2.37. Scattering envelope of unpolarized primary radiation. (After Springer 1970.)

/
Vibrating Direction_ofjhe 

direction of the P"marY WaVe \ 

electrical vector of the \
primary radiation

---------• Vertically poiarized 
------- | Horizontally poiarized 
--------- | Nonpoiarized (doubie size)

Fig. 2.38. Direction dependence of scattered radiation from small molecules. (After Springer 
1970.)

2.4.2.S. Definition of the reduced scattered intensity

Introduction of this quantity is advantageous in the sense that it is inde­
pendent of the initial intensity of the primary beam and of the distance 
between the scattering centre and the piacé of observation.

The value of turbidity can be expressed using Eqs (2.109), (2.128) and 
(2.135) as:

/ 0 32 3 n\ fdn\2T = — = ------ TdL = — n3--- i—. CM
Io 3/0 3 N^\deJ (2.141)
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or

(2.142)
/o Av^o \dcj

By definition, the reduced scattered intensity, R^, is described by the follow- 
ing expression:

r2/e 
/o

(2.143)

where Is is the scattered intensity at a distance r from the scattering volume 
unit, 0 the angle of observation, and 10 the intensity of the primary radiation. 
Using Eqs (2.136), (2.137) and (2.140) which give the 0 and 0 dependence of 
the scattered radiation fór differently polarized incident lights, the following 
relations can be derived fór the reduced scattered intensities:

47t2n? /dn\2 „ . ,,
cM=kncM (2.144)

fór the vertically polarized incident light, where:

. , 47r2nf
J’Av Ao

and

Rs H= Ky(cos2 &)cM

fór the horizontally polarized incident light, and

,, 1 +cos2 0 
u = 2 cM

(2.145)

(2.146)

(2.147)

fór the non-polarized primary radiation.

2.4.2.6. Concentration dependence of the scattered intensity

According to Eqs (2.144) to (2.147) the R^/c expression is independent of the 
concentration of the sample. This condition is fulfilled fór ideál Solutions only. 
Einstein and Smoluchowsky explained the scattered intensity increment of 
Solutions with respect to the pure solvent by the temporary and spatial 
concentration fluctuations in the volume elements. They derived an equation 
which contains the dA^/dc term determining the concentration fluctuation. 
As we have seen, in the case of dilute solution this derivative can be



Sect. 2.4 Light scattering measurements 81

approximated by a power series, and so the equation will contain the virial 
coefficients characteristic of the solute-solvent interaction:

T= 32 3 ni
3 n NÁ,24

dn\2 c
Te) xn----------------------------- \

(—- + 2A2c + 3A3c2 + . .. )
(2.148)

This equation differs from Eq. (2.128) only in terms containing the virial 
coefficients. A2 and A3 coefficients are identical with those appearing in Eq. 
(2.80). The coefficients related to A2 and A3 are the result of differentiation 
with respect to c, since the derivation (nőt shown in detail here) contains the 
dn/dc differential quotient. The two different expressions fór the refractive 
index increment are essentially identical. Combining Eqs (2.126) and (2.148) 
and inserting them intő Eq. (2.143) the following equations can be obtained 
fór the different States of polarization of the primary beam:

= ** j----------------------------  
— + 2A2c + 3A3c2 + ... 
M

or

~ = ~+2A2c + 3A3c2+...
Kg M

where

NAv^O \^C/T 

fór vertically polarized, and 

K* = Kh = K*vcos20 

for horizontally polarized, and 

(2.149)

(2.150)

(2.151)

(2.152)

(2.153)

fór non-polarized incident radiation.
The series expansion in Eq. (2.150) is practically negligible after the 

second term as higher order coefficients are usually very small.
If K*c/Re is plotted versus concentration the curve intersects the 

ordinate at 1/M, and the slope gives the second (osmotic) virial coefficient.
Other authors have used equations similar to, bút formally non-identical 

with Eq. (2.150). As was mentioned during the introduction of virial 
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expansion Eqs (2.79) to (2.81) the values and dimensions of virial coefficients 
used fór the description of the concentration dependence of n/c, are 
determined by the actual form of the equation (i.e. on the terms in front of the 
brackets).

The relationship between the second virial coefficients used in Eqs (2.79) 
to (2.81) is as follows:

2 RT 2
(2.154)

and so the dimensions of T2 are:

F cm5s 2g ‘gmole 1 “1 3-n.
[^21 -2 । -1 v -1 v íCm § 1 ’

_ g • cm ■ cm ■ s ' mole K ■ K _

where the dimensions of B are taken from Eq. (2.78).

(2.155)

Dimensions of /12 are:

cm • p i
[^2] = , 1 =[cm3 g 'mole].mole

(2.156)

Inserting Eq. (2.128) intő the expression in Eq. (2.124) gives:

K*c 1
= (i+2r2c+3r3c2+...) Rö M

(2.157)

This relation is often quoted as the basic expression fór molecular mass 
determination from light scattering measurements.

2.4.2.7. The effect of polymolecularity on light scattering

Up to this point it has been assumed that only a single type of molecule with a 
molecular mass of M is present. If the polymer consists of more components, 
with different molecular masses, the scattered intensity at the 0 angle is the 
sum of the individual scattered intensities in the volume element.

Rearranging Eq. (2.157) and noting Eq. (2.124), then:

Rw .. N2M2----------------------------------- = cM =--------- . 
K*(l+2r2c + 3r3c2+...)

(2.158)

If there are many different species present denoted by subscript i in the 
solution, then these are summed, such that:

R„
K*(l+2T2c + 3F3c2+...) ’ NÁy ’

(2.159)
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Since

ZNj M? = MmXN; Mi = MmcNAy, (2.160)

then the scattered intensity of the polydisperse system gives the result:

Rs
K*(i + 2r2c + 3r3c2+...)

= Wmc, (2.161)

só that this method yields the mass average molecular mass.
Light scattering measurements are very important methods fór mass 

average molecular mass determination, at present, the only absolute one fór 
this purpose. This kind of average is regarded as the most characteristic fór 
the description of molecular behaviour.

It is worth mentioning here that a further expression fór the mass average 
molecular mass is alsó widespread:

XNíMí 
m~ ZNíMí ~ ZCi

XcíMí
(2.162)

This is identical with the earlier definition, since:

XNíMí
(2.163)

2.4.2.8. Depolarization of the scattered light

It has been assumed so far that the scattering particles are isotropic, that is, 
that the direction of the secondary, induced radiation is parallel with that of 
the primary one. In the case of randomly distributed anisotropic molecules, 
however, the scattered light partially depolarizes. The degree of de­
polarization is characterized by the intensity ratio of the horizontal and 
vertical scattered light components observed at 0 = 90°, and its value is 
denoted by A where:

intensity of the horizontal 
component of the scattered light 

intensity of the vertical component 
of the scattered light.

(2.164)

As shown earlier in the case of isotropic molecules and non-polarized primary 
radiation, the scattered light observed at 0 = 90° contains a vertically 
polarized component only; where zl = 0. If there is a horizontal component 
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as well, then its intensity in relation to the vertical components gives 
molecular anisotropy according to Eq. (2.139). To perform such a measure­
ment polarization filters have to be applied at 0 = 90° to resolve the Hv 
(horizontal) and Vv (vertical) components of the scattered intensity induced 
by the unpolarized primary radiation.

Polarized primary beams are frequently used fór the determination of the 
degree of depolarization, and the Krishnan relationship is utilized:

^l/,9O°= ^H,90°> ^U, 90°= Uy. 90° (2.165)

which States that the unpolarized scattered intensity of a horizontally 
polarized light beam is equal to the horizontal component of the scattered 
intensity originating from a non-polarized incident light beam at 0 = 90°. 
Similarly, the unpolarized scattered intensity of a vertically polarized light 
beam is equal to the vertical component of the scattered intensity caused by a 
non-polarized incident radiation at the same angle of observation.

The degree of polarization can therefore be given alternatively as:

. ^17,90° ^H,90°

V ~ U*17,90° ^^,90°

(2.166)

Accqrding to this relationship, the degree of polarization can be determined 
by measuring the totál scattered intensity of a horizontally polarized light 
beam and dividing it by the totál scattered intensity caused by a vertically 
polarized light beam. When we are interested in depolarization caused by 
the dissolved matéria! only, the scattered intensities caused by the pure 
solvent have to be substracted from the scattered intensities of the 
solution. So the degree of polarization caused by the solute can be expressed 
by:

__ ^H. solution ^H, solvent (2 167) 
^V, solution fv, solvent

If the scattered light is depolarized, the K* value obtained in the equations 
derived fór isotropic molecules Eqs (2.151), (2.152) and (2.153) has to be 
multiplied by a correction factor, f. Its value according to Cabannes is equal 
to:

6 + ózlu (2168)
7 6 —7du’

It follows that instead of K* used in Eqs (2.149), (2.150)and(2.157)-(2.160) the 
following product should be used:

K — K*f. (2.169)
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Summarizing the results, the mass average molecular mass of the solute, 
and the second virial coefficient characteristic of the solvent-solute 
interaction can be determined by the following relations, depending on the 
State of polarization of the primary radiation:

Ke 1 , . , , 2= 0“ +2A2c + 3A3c2+ ... 
Re (2.170)

(2.171)

where

K = KV =

fór a vertically polarized primary beam

K = Kh = Kvcos20 (2.172)

fór a horizontally polarized primary radiation and

K — Kv = Ky
1 +cos2 0

(2.173)

fór unpolarized primary radiation.
The analogue of Eq. (2.157), which is principally similar to Eq. (2.170), 

bút differs in its precise form and in the numerical values of the virial 
coefficients, can alsó be written fór anisotropic molecules using the Cabannes 
correction factor, so that:

^ = ^-{i+2r2c+3r3c2+...). 
Re (2.174)

2.4.3. Scattering in macromolecuiar Solutions

The dimensions of molecules treated so far have been much smaller than the 
wavelength of the radiation (smaller than 2/20). Fór such molecules the 
generating electrical field can be regarded as homogeneous, and radiation of 
the dipoles can be described as that of a point dipólé.

The situation is more complicated with the macromolecules, where the 
diameter of the molecular coil is comparable to the wavelength of the 
radiation, in other words, it exceeds the 2/20 value. Electrons in the disparate 
portions of the molecule become generated in different phases. Secondary 
waves originating from different parts of the macromolecules are coherent, as 
they are induced by the same primary radiation. They can therefore produce
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Fig. 2.39. Intensity loss of scattered radiation as a consequence of intramolecular interference. 
(After Springer 1970.)

interference phenomena, which, depending on the angle of observation, leads 
to more or less complete extinction. The situation is outlined in Fig. 2.39. The 
scattering molecule can be divided intő small volume elements, from which we 
will be concerned with Pt and Pj. Pláne 0 is perpendicular to the direction of 
the primary radiation, where the phase of the radiation is a fixed, constant 
value. Phase difference of the primary radiation at scattering elements P, and 
Pj depends on the angle of observation. Along the direction of the primary 
radiation there is no path-difference between the secondary radiations 
originating from the two scattering elements. With 0, the angle of 
observation, the path-difference alsó increases, whereas the scattered 
intensity decreases, owing to interference. This increase of path-difference 
with increasing angles of observation is noted by the increasing path- 
differences between the 0 pláne and the A, B planes situated perpendicular to 
the scattered light beams. Partial extinction of the scattered light, due to 
interference phenomena, leads to an asymmetry of the scattering diagram; 
macromolecular materials exhibit higher scattered intensity at angles of 
observation lower than 90°, rather than above this value. Such a distorted 
scattering surface is shown in Fig. 2.40.

This kind of smooth scattering contour is observed, however, only if the 
size of the dissolved molecule does nőt exceed half of the wavelength. In the 
case of larger molecules, besides asymmetry, maxima and minima alsó 
appear. Since at 0 = 0° there is no decrease in the intensity of the scattered
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Fig. 2.40. Scattering diagram of molecules with size exceeding z/20. (After Springer 1970.)

light, then fór macromolecules the intensity of the scattered light is measured 
at different angles and this function is extrapolated to zero degree where 
formuláé found fór the Rayleigh-range are valid.

2.4.3.I. Dependence of the scattering curve on molecular 
size and shape

Chain-like macromolecules usually form random coils in solution. As has 
been mentioned in the introduction, in connection with the description of 
molecular conformations, that two different parameters are used to 
characterize such coils: the end-to-end distance and the radius of gyration.

Fig. 2.41. Model of linear macromolecule.
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A model of the end-to-end distance, h, and of the radius of gyration, or 
scattering mass radius, s is shown in Fig. 2.41. The definition of the radius of 
gyration, s, fór a single molecule is:

1
n+ 1

(2.175)

If more molecules are present, H=(h2)0 5 represents the average end-to-end 
distance, and S = (s2)0'5 the average radius of gyration.

2.43.2. Angular dependence of the scattering function

Interference effects in macromolecular Solutions can be characterized by the 
P(0) scattering function. Since at 0° there is no interference, then P(0) is equal 
to 1, while at higher 0 values owing to interference effects, P(0)< 1.

The P(0) scattering function is dependent upon the angle of observation, 
the wavelength used, and the shape of the dissolved macromolecule. 
According to Debye the scattering function can be written in the following 
form:

P(0) = 1 - sin2 0/2 + a2 sin4 0/2 - ... 
*

where:

(2.176)

_16 2(^
1 = 3 * Á2 • (2.177)

S is the average radius of gyration, and 2 is the wavelength in the solution. 
Fór dilute Solutions the following approximate equality is valid:

^■o (2.178)

At small angles the reciprocal scattering function can be approximated as:

1/(1 —x)a 1 + x (2.179)

and

P(0) '+
167t2(S)2 

3z2
sin2 0/2+ .... (2.180)

s
i = 0

Using this formula the average radius of gyration can be calculated from the 
scattering function measured at low angles.
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The average radius of gyration can be determined fór various molecular 
shapes, and so fór a sphere with radius r:

(2.181)

fór an ellipsoid with half-axes a and b

a2 + b2
^=—4— (2.182)

and fór an ideál random coil

(S)2=|(H)2. (2.183)

If the shape of the dissolved molecule is known, the scattering function 
gives information about the size of the molecule, or the average end-to-end 
distance. Various tables are available which detail the parameters of 
molecules with other, more complicated shapes.

2.43.3. Measurement of the scattering function

The scattering function can be determined from the angular dependence of 
the scattered intensity. The asymmetry coefficient, z is characteristic of the 
scattering function, and can be obtained from observed scattered intensities at 
0=45° and 0 = 135°:

2 = ^45/^135- (2.184)

As mentioned earlier the scattering function at 0 = 0° is equal to unity, and so:

Re=RoaP(0). (2.185)

The dependence of the asymmetry coefficient on the shape parameters (as 
the molecular radius in the case of spherical molecules or end-to-end distance 
m the case of random coils) has been determined fór various regular shape 
models. These data are available from Tables, consequently the average 
dimensions of molecules with known shape can be determined from the 
measured asymmetry coefficient. Its practical application will be discussed 
later.

According to Eq. (2.185), the scattered radiation Rs observed at angle 0 
should be divided by P(0), the scattering function, to obtain the interference- 
free scattered radiation without extinction at 0 = 0°. Zimm has elaborated a 
method to determine the main parameters of such a system.
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2.4.4. Determination of molecular mass, size and shape

According to Zimm the scattered intensity of macromolecular Solutions 
exhibiting intramolecular interference phenomena, and with asymmetry 
coefficients higher than unity, can be described by the following equation 
(instead of Eq. (2.170)):

1Ke
Re

wlÍ+2X2C+3'4sc2+'- (2.186)

or approximately

Ke 1
R~e~ P(0)Mm 4-2.A2C + . . .. (2.187)

Two methods are used to process the measured data: one is the asymmetry 
measurement introduced by Debye, the other is the extrapolation method 
introduced by Zimm.

2.4.4.I. Asymmetry method (Debye method)

P45, P90 and P135 are determined in uncontaminated polymeric Solutions. 
The asymmetry coefficient, z from Eq. (2.184), and Kc/Rw are determined at 
different concentrations.

Fig. 2.42. Dependence of the reciprocal scattering function on the asymmetry coefficient.
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The limiting value of the asymmetry coefficient at c = 0 is determined by 
extrapolation, where the l/(z — 1) value is plotted, and a straight line is often 
obtained. A practical example is shown in Fig. 2.46. According to Eq. (2.177) 
the scattering function can be calculated fór various molecular models. The 
reciprocal scattering function at 90° fór several molecular models is plotted 
versus the asymmetry coefficient in Fig. 2.42. This way the reciprocal 
scattering function (l/P(90°)) can be determined from the asymmetry 
coefficient.

This method does nőt allow the determination of molecular shape, it 
has therefore to be assumed or obtained from other measurements. If, fór 
example, it is known that the molecule is a random coil, the scattering 
function, the end-to-end distance, and average radius of gyration can be 
determined. An example of such a calculation will be considered later. In this 
method P(90°) has to be calculated from z.

According to Eq. (2.187), by extrapoiating to c = 0:

Ke 1
lim ’ (2-188)c-*o Rgo P(90)Mm

the mass average molecular mass can be determined from P(90°) and Kc/Rg0.

2.4.4.2. The Zimm extrapolation method

This method yields the mass average molecular mass independent of the 
molecular shape, bút requires measurements at a wider rangé of angles. From 
Eqs (2.180) and (2.187):

Ke _ 1 , 16 2(S)2 . 20
y+... (2.189)+ 2A2C+ . . ..

By neglecting higher order terms:

Ke
Re

1 1 16 ,(S)2 . ,0
+ sin T T2/I2C.

3 z 2 (2.190)

At a constant 0 value Kc/Rs is a linear function of c, whereas at a constant c 
value Kc/Rs varies linearly with sin2 0/2. Plotting these functions and 
extrapoiating them to c = 0 and 0 = 0° the following limiting values can be 
obtained:

.. Ke 1 hm — = tj— 
c-o R^ Mm

1 16 2(S)2 . 20
7r2-y-sin2 — 

A x-
(2.191)3
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and
Ke 1 

hm — = ^=— 
s-o R^ Mm

(2.192)+ 2^2 c.

If these extrapolated values are plotted versus sin2 0/2 and c fór Eqs 
(2.191) and (2.192) respecti vely, the intercepts gi ve the reciprocal mass average 
molecular mass, whereas the slopes give the radius of gyration and the second 
virial coefficient respectively.

These extrapolations are performed by means of a single diagram 
according to the method introduced by Zimm, where Kc/Rs values are 
plotted against sin2 0/2 + be. b is an arbitrarily chosen constant to expand the 
abseissa scale. Fig. 2.43 shows a Zimm plot of this kind. Along the dashed lines

sin2 e/2^ 100 c

Fig. 2.43. Zimm-plot fór polystyrene. M = 940,000 solvent methylethyl ketone.

Kc/Rg values are plotted against sin2 0/2 +be at constant concentration 
values. Extrapolating these lines to be abseissa values Kc/Rs values measured 
at 0 degree are obtained at the particular concentrations (full points). The 
intercept of the straight line connecting these full points gives 1/Mm.

Points interconnected by continuous lines show the Kc/R^ values at a 
particular angle as a function of concentration. Extrapolating these lines to 
the sin2 0/2 abseissa values (shown by empty points in the Figure) Kc/R^ 
values relevant to zero concentration (be = 0) are obtained as a function of the 
angle of observation. The ordinate intercept of the straight line drawn 
through these points alsó gives 1/Mm.

Slopes of the straight lines used fór extrapolation can be used to obtain 
the second virial coefficient (points extrapolated to 0 = 0°), and the average 
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radius of gyration (points extrapolated to c = 0), in accordance with the
following relations:

(2.193)

and
3 ;2

(S)2 = Mm —— lim
16 TI 6^0

f d
(ásin2 0/2 (2.194)

In the case of polydisperse systems, because of reasons nőt discussed here, the 
so-called z-average defined by Eq. (2.7) can be obtained from the radius of 
gyration.

Up to this point the radius of gyration has been determined from Eq. 
(2.189). No information is gained, however, about molecular shape. To solve 
this problem the sample has to be fractionated, and from the Zimm plot of the 
fractionated samples Kc/R^, Kc/R90 and Kc/Ri3S must be determined at 
infinite dilution. Using these values the asymmetry coefficient can be 
determined according to Eq. (2.186):

r ^r:/7?135 R45hm —; = hm —— = z.
c->0 K-C/R^ c-»oPi35

(2.195)

Using Eq. (185), and knowing the average molecular mass the experimental 
value of the reciprocal scattering function can alsó be determined:

AT r Kc _ 1
mc™P90 W (2.196)

Finally, a careful study of this experimental l/P(90) function plotted 
versus z fixes information about the shape of the dissolved particles, using 
theoretical predictions shown in Fig. 2.43.

2.4.4.3. Measurement of the scattered intensity

The absolute value of the reduced scattered intensity can be defined as the 
intensity of the scattered light scattered by 1 cm3 of the scattering médium, at 
a radius of 1 cm from the scattering centre, measured at 0 degrees, provided 
that the intensity of the primary beam is 1 candela (cd). Since these conditions 
are never fulfilled in practice, commercial equipment gives relatíve rather than 
absolute values. Absolute scattered intensities fór standard materials, such as 
benzene, are available in the literature. Using carefully purified standards, 
relatíve scattered intensity is measured at a fixed angle, usually at 0 = 90°.
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Using this experimental value and that found in the literature fór absolute 
scattered intensity, a correction factor can be calculated fór the equipment, 
and absolute intensities may then be determined fór any particular apparátus. 
By simple proportions:

^90,sample __ ^90,sample

^90, standard ^90, standard

or
n __ ^90, standard
^90,sample Tt ^90, standard •

^90, standard
(2.197)

2.4.4.4. Correction fór the scattering volume

The calibration procedure described above is only valid fór a single angle of 
observation, 0 = 90°. At other angles it must be taken intő account that the 
scattering volume, Vs is a function of the angle. Fig. 2.44 shows the scattering 
volume at angles other than 0 = 90°. It is obvious that:

U90 = Fs • sin 0. (2.198)

and absolute scattered intensity at any particular angle of observation can be 
obtained if, in addition to the equipment constant, the sine of the angle of 
observation is used as a multiplying factor:

D
R*.sample = Gs, sampk sin 0. (2.199)

'-7 90, standard

Sometimes the refractive index of the médium around the measuring cell 
is very different from that of the solution. In this case the scattered light is 
refracted in the surrounding médium, the observed scattering volume is 
further modified, and further correction factors have to be used. If the liquid 
surrounding the measuring cell has a refractive index close to that of the 
solution and the wall of the cell is surrounded by air, whose refractive index is

Primary 
beam

= 135

Fig. 2.44. Dependence of the effective scattering volume on the scattering angle. (After 
Margerison and East 1967.)
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close to unity, the refractive index correction is independent of the shape of 
the cell, and its value is equal to n2, where n is the refractive index of the 
solution. In this case this value appears as a further correction factor in Eq. 
(2.199).

2.4.5. Equipment

The scheme of a light scattering instrument is shown in Fig. 2.45. Scattered 
intensity is measured by a photomultiplier, set to various angles of 
observation Raw experimental data are the current galvanometnc readings

Fig. 2.45. Schematic of light scattering apparátus.

which are proportional to the intensity detected by the photomultiplier. From 
these galvanometric readings, G^, the reduced scattered intensity, A®, can be 
calculated using Eq. (2.199).

2.4.6. A practical example of the asymmetry method

Asymmetry parameters measured in a benzene-polystyrene solution are 
given in Table 2.16. The z-value relevant to infinite dilution is determined by 
plotting l/(z-1) versus c (Fig. 2.46). This relationship is usually linear, and is 
therefore more suitable fór extrapolation than z, the asymmetry coefficient 
itself. This is shown well in Fig. 2.46 where both functions are plotted. The 
limiting value is equal to zc=0 = 1.641. l/P(90), the reciprocal value of the
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Table 2.16

Dependence of the asymmetry coefficient, on concentration 
(Polystyrene sample)

rlO’gcm3 2.00 1.50 1.00 0.75 0.50

z 1.277 1.326 1.385 1.428 1.494

After Margerison and East 1967.

scattering function at 0 = 90°, can be calculated, bút Instruments are 
normally provided with tabular information assuming various molecular 
shapes. Such data have been shown plotted in Fig. 2.42.

If there is no other information available concerning the form of the 
dissolved molecule, random coils can be assumed, and an approximate value 
of l/P(90) can be taken from Fig. 2.42. Fig. 2.47 shows an alternative diagram 
fór random coils, from which the scattering function can be determined with 
higher precision. In this case 1 /P(90) is equal to 1.46. This value will be used in 
molecular mass determination.

From l/P(90), the average radius of gyration, S can be calculated using 
Eq. (2.180). This relation is shown in Fig. 2.48. In our case the radius of 
gyration, S is equal to 48 nm. The average end-to-end distance calculated fór 
ideál random coils using Eq. (2.183) is alsó plotted in the same Figure. In our 
example this value is equal to 116 nm. Molecular mass of the sample can be 
obtained using the asymmetry method if KclR90 values are plotted versus 
concentration, and the low concentration limit is determined by extra-

Fig. 2.46. Determination of the asymmetry coefficient. (After Margerison and East 1967.)
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F>g- 2.47. Scattering variation of a randorn coil macromolecule with the asymmetry coefficient.

Fig. 2.48. Dependence of the inertial radius and of the average end-to-end distance on \ jP (90 ).

Polation. Kc/R^ values obtained in this example are shown in Table 2.17. 
Plotting these values versus c, a straight line is obtained with an intercept at c 
= 0 equal to 2.04 x 10 6 (moleg (Fig. 2.49). Such that:

2.04 • 10 6 mole g 1 =
1

Mm/’(90°) '

And from this relation Mm = 720,000 (g mole *).
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Table 2.17

Dependence of Kc/R90 on concentration

c-103gcm"3 2.00 1.50 1.00 0.75 0.50

Ke
---- • 106 mole g^1 3.72 3.27 2.85 2.64 2.51 
«90

After Margerison and East 1967.

Fig. 2.49. K.clR90 plotted versus concentration. (After Margerison and East 1967.)

2.4.7. A practical example of the Zimm method

Scattering data fór a polystyrene-benzene solution measured with an 
unpolarized primary beam of wavelength 4.561 x 10 5 cm are summarized in 
Table 2.18. Data refer to galvanometric readings. Absolute scattered 
intensities can be calculated using Eq. (2.170). The Rayleigh factor fór benzene 
is R90 = 16.3 x 10“6 cm. The G90 value is equal to 100. (This value can be set 
using a glass standard.) The equipment constant is expressed as k = 16 ■ 3 
x 10“6/l00 = 16.3 x 10“8. Using this value, scattered intensities calculated 
from galvanometric readings are given in Table 2.19.

In order to obtain the molecular mass using Eq. (2.161) we should like to 
plot Kc/R versus the angle of observation. To do so Table 2.20 has been 
calculated from data given in Table 2.19. Matéria! constants used in the 
calculation are given with the Table.

The curves in Fig. 2.50 have been drawn using the data from Table 2.20, 
so that the intercepts can be determined at different concentrations. Plotting
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Table 2.18

galvanometric readings

c, g ■ cm 3
0

30° 37.5° 45° 60° 75° 90° 105° 120° 135° 142.5° 150°

2.00- 10-3 1,542 1,153 917 607 461 408 440 540 755 936 1,235
1.50-10-3 1,383 1,045 820 550 413 363 384 475 660 820 1,080
1.00-10"5 1,158 872 682 455 343 301 319 392 540 660 380
0.75 - IQ"3 998 750 590 396 297 263 275 339 464 565 755
0.50 -10'3 803 607 477 319 241 214 224 275 376 454 607
Pure benzene 282 213 170 128 105 100 105 127 170 207 285

Non-polarized, monochromatic light, wavelength is 546.2 nm. 
After Margerison and East 1967.

Table 2.19

x 106 cm values

c, g ■ cm 3
0

30° 37.5° 45° 60° 75° 90° 105° 120° 135° 142.5° 150°

2.00 io-3 102.7 92.3 86.1 67.6 56.0 50.2 52.7 58.3 67.4 72.3 77.4
1.50 10~3 89.7 82.6 74.9 59.6 48.5 42.9 43.9 49.1 56.5 60.8 64.8
1.00-IQ’3 71.4 65.4 59.0 46.2 37.5 32.8 33.7 37.4 42.6 45.0 48.5
0.75 ló'3 58.4 53.3 48.4 37.8 30.2 26.6 26.8 29.9 33.9 35.5 38.3
0.50- IQ’3 42.5 39.1 35.4 27.0 21.4 18.6 18.7 20.9 23.7 24.5 26.2

= 16.3 x 10 8 x Ge sin cm 1

After Margerison and East 1967.

these intercepts versus concentration (Fig. 2.51) allows the intercept relevant 
to zero concentration and 0° angle of observation to be obtained. This 
intercept is the reciprocal value of the average molecular mass to be 
determined, 1/Mm. The intercept is 1.37 x 10"6(moleg“1), and so the mass 
average molecular mass of the sample is 730,000 (g-mole ').

The slope of the straight line in Fig. 2.51 is equal to 2/l2 = 8.76x 104 
(mole ■ g ~ 2 • cm3), and so:

^2 = 4.38 x 10“4 (mole-g2cm3)

or according to Eq. (2.128):

F2 = 42M = 3.20x 102 (cm3 g- *).
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Fig. 2.50. X?(l+cos20) c/Re versus sin20/2. Data are taken from a polystyrene solution in 
benzene. Temperature is 25°C. ct =2.0 x 10-3;c2 = 1.5 x 10~3; c3= 1.0 x 10-3; c4 = 0.75 x 10 3; 
cs=0.5 x 103, all concentrations given in g/cm-3 units. (After Margerison and East 1967.)

Table 2.20

K(1 +cos2 
2RS

(9)c
----- 106 mole ■ g 1 values

c, g • cm'
0

30° 37.5° 45° 60° 75° 90° 105° 120° 135° 142.5° 150°

2.00- 10-3 3.18 3.26 3.25 3.45 3.56 3.72 3.78 4.01 4.16 4.21 4.22
1.50- 10-3 2.73 2.76 2.81 2.94 3.08 3.27 3.40 3.57 3.72 3.75 3.78
1.00-10-3 2.29 2.33 2.37 2.53 2.66 2.85 2.96 3.12 3.29 3.38 3.37
0.75 -10"3 2.10 2.14 2.17 2.32 2.47 2.64 2.79 2.93 3.10 3.21 3.20
0.50 -10-3 1.92 1.95 1.98 2.16 2.33 2.51 2.66 2.79 2.96 3.11 3.12

K = 9.34x10 8 cm2 • g 2 • mole, where
K = 4n2n2, (dn/dc)2/^N Áv, 
using the following data: nt = 1.5014, 
z0 = 5.461 x 10-5 cm, dn/dc = 0.106 cm3 • g 
NAc=6.023 x 1023 mole - *.

After Margerison and East 1967.
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Fig. 2.51. Dependence of K<7RH on the concentration. Data as in Fig. 2.50. (After Margerison and
East 1967.)

As mentioned in connection with Fig. 2.43, both extrapolations can be 
performed using a single diagram, the Zimm plot. Here Kc/Rs is plotted 
versus sin2 0/2 + kc where k is an arbitrary constant, usually 100 or 1,000. 
This value is used to shift the lines belonging to a single concentration value 
(Fig. 2.52). Consequently, two sets of straight lines are obtained, one of them 
refers to constant angles of observation and different concentrations, whereas 
the other to constant concentrations and varying angles of observation. 
Determinations of the average molecular mass and the second virial

l'ig. 2.52. The Zimm plot. Data are the same as in Figs 2.50 and 2.51. Circles are extrapolated 
values. (After Margerison and East 1967.)
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coefficient has been shown above. Now let us calculate the radius of gyration. 
The slope of the line belonging to c = 0, according to Eq. (2.191), is equal to:

16tc2(S)2
3A2Mm ’

the numerical value from the Zimm plot is 1.29 x 10”6 (mole • g 1). 
From this follows:

(S)2 =
1.29-10-6-730,000-3 F 546.1 T

16?r2 1.5014
[nm2]

S2 = 2369, S=48[nm],

The average end-to-end distance, assuming a random coil configuration and 
using Eq. (2.183) is H —120 (nm).

To conclude this section on light scattering measurements it should be 
noted that the applicability of this method to polymer Solutions depends on 
the fulfillment of two important conditions:

— The polymer molecule must be isotropic.
— There must be a finite, bút nőt excessive refractivity difference 

between the solvent and the solution.
The first condition is met by random coil polymers. Fór disk- or rodlike 

polymers correction due to depolarization must be used at 0 = 90°. The 
second condition limits the number of solvents. The pivotal paraméter in this 
respect is dn/dc, the refractivity increment, which has a squared relationship 
with the R values measured. In the special case where dn/dc is equal to zero, 
that is, if the refractive indices of the polymer and the solvent are equal, there is 
no excess scattering in comparison to the pure solvent. Fór example, in case of 
PVC dissolved in trichloro-benzene.

If,however, refractivity increment is large, higher than, say,0.2 cm3 g”*, 
scattered intensity is nőt a linear function of (dn/dc)2, and the equations given 
are nőt valid fór such a case. Within these limits refractivity increment must be 
measured with high precision, as a two per cent error causes one of four per 
cent in the molecular mass.

As a practical example let us consider the polystyrene system treated 
previously. Here dn/dc = 0.106 cm3 g-1, so that if 1 g of polystyrene is 
dissolved in 100 cm3 solution, then:

zfn = 0.106 x 0.01 cm3 ■ g 1 g cm 3 = 0.00106.

If concentrations are in the rangé used fór light scattering measurements, 
the accuracy of the refractive index determination must be at least 0.00002 in 
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order to get less than four per cent error in the molecular mass. Evidently, fór 
this purpose a special instrument is needed, which will nőt be dealt with in 
detail here. Since the scattered intensity is proportional to (see Eq. 
(2.105)) the shortest possible wavelength should be used with a very narrow 
spectral distribution. In fact, modern Instruments always use lasers as light 
sources.

Finally the problem of solvent purification should be mentioned.
Solvents used fór light scattering measurements are usually purified by 

centrifuge and filtrálion. The use of dúst- and contamination-free laboratory 
vessels, and the manipulation of solvents and Solutions in them requires great 
care and routine. Evén the slightest impurity leads to high errors, and 
techniques must be rigorous.

2.5. VISCOSITY MEASUREMENTS IN DILUTE
SOLUTIONS

Measurement of the viscosity of dilute polymer Solutions is one of the most 
frequently used, and easily available methods, fór the characterization of the 
average molecular mass of polymers. Being a relatíve method, the result is 
obtained using empirical relations determined experimentally, bút its 
accuracy is frequently good enough to solve many problems.

f ig- 2.53. Schematic of the Ostwald a and Ubbelohde b viscometers. (After Margerison and East 
1%7.)
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Viscosity of solvent and Solutions are usually determined in capillary 
viscometers. Two widely used types are the Ostwald and Ubbelohde 
viscometers shown in Fig. 2.53. Viscosity is measured by determining the flow 
time of the solvent or the solution between two marks on the glass capillary. 
Flow is monitored by the movement of the liquid meniscus. Viscosity is 
calculated from the Poiseuille formula:

nPr4 (2.200)

where v is the volumetric flow rate, P the pressure difference, the driving force 
of the flow, r the radius of the capillary, 7 the viscosity of the fluid médium, 
and l the length of the capillary. This equation is valid fór the laminar flow 
of Newtonian liquids.

Eq. (2.200) can be simplified by introducing the viscosity ratio, earlier 
referred to as relative viscosity:

^/solution   tj2
^/solvent 1

(2.201)

where it is assumed that both measurements are performed at the same 
temperature. If the volume of the liquid between the two marks is equal to V, 
and the outflow times fór the solvent and the solution are tx and t2 
respectively, then:

V _ TtPxr* 
ti ’

and
V _ nP^ 
ti 8>/2/ ’

so that

(2.202)

(2.203)

^2 _ f2 ^*2

*71 txPx
(2.204)

If the height of the liquid column, h, is constant, P is proportional to the 
density of the liquid, and so:

<11 = t2hp2 = Í1P2 

tji tihpi hpi
(2.205)
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In the case of dilute Solutions the two density values are practically equal, so 
to a fair approximation:

Concentrations and viscosities are usually chosen so that the outflow time 
should be greater than 100 sec, whereas the optimum value of viscosity ratio is 
1.1-1.5. The concentration dependence of the viscosity ratio is shown in 
Fig. 2.54 fór a polystyrene-toluene solution.

The viscosity ratio-concentration function can be described by a power 
series:

-=1+Hc+^ +■•• (2.207)
’lt

where [>/] and k are constants. This equation shows that at zero concentration 
the viscosity ratio is equal to unity, and the concentration dependence at low 
concentrations can be readily described by a quadratic function. Further 
terms of the power series become important only at higher concentrations.

In the case of relatively dilute Solutions Eq. (2.207) can be rearranged to 
determine the characteristic constants:

= M + kc. (2.208)
h c

Plotting the left hand side of Eq. (2.208) versus the concentration results in a 
straight line with a slope k and intercept [7].

I'ig. 2.54. Viscosity ratio of polystyrene/toluene solution as a function of concentration. (After
Margerison and East 1967.)
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This is shown in Fig. 2.55 using the data of the previous Figure. From the 
Figure it follows that:

M=129.2(cm3g-1)

k = 5.65x 10(cm6g~2).

The quantity is known as the specific viscosity, its relationship
with the directly measurable viscosity ratio is shown in Table 2.22. The left 
hand side of Eq. (2.208) is called the viscosity number. Its limiting value, [7] 
is the so called limiting viscosity number, sometimes referred to as the intrinsic 
viscosity. In the case of a given polymer-solvent system both k and [>/] are

Fig. 2.55. Dependence of the viscosity number on concentration. (After Margerison and East 
1967.)

Table 2.21

Limiting viscosities of PS samples in toluene 
at 30 °C and the k values

After Margerison and East 1967.

M. [?] 
cm3g-‘

/clO3 
cm6■g-2

76.000 38.2 0.45
135.000 59.2 1.17
163.000 69.6 1.58
336.000 105.4 3.90
440.000 129.2 5.65
556.000 165.0 8.40
850.000 221.0 15.0
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functions of molecular mass. Table 2.21 shows limiting viscosity numbers and 
k values fór polystyrene/toluene Solutions measured at 30°C, as a function of 
the number average molecular mass. k values can alsó be expressed by a term 
containing the square of the limiting viscosity number:

k = k-M2. (2.209)

Eq. (2.208) can be re-written using this notation in the form:

(2.210) 
rllc

which is known as the Huggins equation, k1 being the Huggins constant. Its 
value is approximately 0.38 in good solvents, and lies between 0.5 and 0.8 
in 0-solvents, and between 1 and 1.3 in poor solvents. Previously used, and 
currently accepted nomenclature of the various quantities occurring in Eq. 
(2.210) is summarized in Table 2.22.

Table 2.22

Symbols and notations used in viscometry
Present Earlier

Notation
rormuia

Viscosity ratio Relatíve viscosity to

Specific viscosity Specific viscosity rhp 7 ~-----
7o /o

_0

Viscosity number Reduced viscosity „ _ _ 1-1o
rcd

C ÍJoC

Logarithmic viscosity number Inherent viscosity
Inn.

7inh= -------  
C

Limiting viscosity number (LVN) Intrinsic viscosity =
\c A-o

(In
c c-+0
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2.5.1. Characterization of rigid molecules by the 
limiting viscosity number

According to the calculations of Einstein the viscosity ratio of the polymeric 
solution can be described with the following relationship if the molecules 
behave as rigid spheres:

— =1 + 2.5^ (2.211)
>7i

where $ is the volume fraction of the solute. If mass concentration c [g/cm3] 
is used, then:

0 = c/p2 (2.212)

where p2 is the density of the dissolved particles. The Einstein equation can 
alsó be written in the form:

M = 2.5/p2. (2.213)

The viscosity of such systems alsó depends on concentration.
Using the Huggins relations (Eq. (2.210)) this concentration dependence 

can be described by:

^Z^=M + k'M2c. (2.210)
'he

According to Simha:

M = 2.5/p2

and

k'=12.6/M2pt

From the limiting viscosity number the hydrodynamically effective (apparent) 
volume and density of the dissolved molecules can be determined using:

p2=^ (2.214)

where Fc is the effective volume, and m the mass of the dissolved particles.
True and apparent volumes differ if the molecules do nőt behave as rigid 

spheres, fór example, if solvation occurs, which increases the effective 
(hydrodynamically active) volume.
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Fór rigid rodlike molecules there is a relationship between the limiting 
viscosity of the dilute solution and the molecular mass of the dissolved 
molecules, which can be determined in the following way.

Let us assume that Eqs (2.208) and (2.209) are applicable, such that:

W = 2.5/p2,

where

The hydrodynamically effective density is calculated fór rodlike molecules 
from an effective volume which corresponds to the volume of a sphere 
produced by the rotation of rodlike molecules:

L3n (2-215) 
o

where L is the length of particles. m, the mass of the molecule is proportional 
to the length of the molecule:

m = Lm0, (2.216)

where m0 is the mass of unit length of the molecule. From this it follows that:

1 _ _ L3n L2n m2n 00171
— — “ — r — r 3 ’ \2.Z1 I)

p2 w 6Lm0 6m0

If the dissolved particles are molecules, m means the molecular mass, so that, 
in the case of rigid rodlike molecules, the limiting viscosity number should be 
proportional to the square of the molecular mass, in accordance with 
experimental observations.

2.5.2. Characterization of random coil molecules 
by the limiting viscosity number

Coiled molecules can alsó be described by the Einstein formula, albeit the 
effective density of the coil, peff is very low. In the case of dense coils its value is 
around 10 2, bút here it has to be taken intő account that the coil contains 
immobilized, hydrodynamically inactive solvent, therefore this type of 
molecule is known as an “impermeable coil”.

The degree of coiling can be relatively low, in which case solvent 
molecules may flow freely among the macromolecular segments. Such 
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molecules are referred to as “freely permeable coils”, with effective densities 
between 10 3 and 10 ~4.

In practice the State of dissolved macromolecules is between these 
limiting cases. Apparent density can be calculated from the ratio of molecular 
mass and mole volume: 

where NAV is the Avogadro number, Ve the apparent or effective volume of the 
coil.

Coil density varies with molecular mass as:

Peff = fcM^. (2.219)

Applying the Einstein relation to coils:

[„1 = 2 5/p (2.220)

where pspherical equivaiem is the density of that sphere viscosity which would be 
equal to that of the molecular coil. This quantity is in the same order of 
magnitude as peff, and so it is expected that the limiting viscosity number of 
coiled molecules should lie between 102 and 104 cm3/g, which is confirmed by 
experiments. If it is assumed that pspherical equivaiem varies with the molecular 
mass similarly to peff, the effective coil density, according to Eq. (2.219), then it 
can be written that the limiting viscosity number:

M = (2.221)

This is one of the most important equations in viscometry, and has been 
derived by Staudinger, Mark, Houwink, Kuhn and others. In the literature it 
is usually referred to as the SMH equation from the initials of the first three 
scientists, or as the Mark-Houwink equation.

As shown in the introduction of the excluded volume concept, the ratio of 
reál and ideál end-to-end distances, a, the Flory expansion paraméter, 
characterizes the deviation from the ideál random coil State, that is, the degree 
of perturbation, so that:

H — aH0. (2.18)

Variation of average end-to-end distance can be described in another way, 
and this modified form will beused in furtherdiscussion oftheSMH equation. 
This alternative form describes the perturbation of the end-to-end distances 
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by way of an exponent:

(H)2 = C(W0)2P1+£ (2.222)

where P is the degree of polymerization, and C a constant.
Comparing Eq. (2.222) with Eq. (2.18) it follows that a2

din a2 P da2 
£ = -------  =-------- .

din P a2 d P

The exponent, a, in Eq. (2.221) depends on the degree of coiling, and is related 
to the paraméter £, so that:

xPe, and so:

(2.223)

In the case of impermeable coils a=0.5 and e = 0, whereas fór freely permeable 
coils a = 1 and g = 0.3. Fór reál molecules the value of a usually ranges between 
0.6 and 0.9. Fór rigid rods a = 2 and e= 1. In the case of dense spheres a = 0, 
where the limiting viscosity number is independent of M. In the case of 
densified impermeable coils a <0.5. Such values are found, fór example, in 
branched molecules.

The limiting viscosity of coiled molecules highly depends on the solvent. 
In good solvents its value changes only slightly with temperature. In poor 
solvents, however, it shows a strong temperature dependence, the coils 
expand, and the limiting viscosity number increases.

At the ©-temperature, or in the 0-state, the Flory expansion paraméter 
appearing in Eq. (2.18) is equal to unity. This means that perturbation forces 
are cancelled by attractive forces arising between the segments. The ideál 
solvent and temperature are denoted as the ©-solvent and ©-temperature 
respectively. In this case e is equal to zero, and a = 0.5.

2.5.3. Molecular mass determination from the 
limiting viscosity number

Tq. (2.221) is used mainly to determine the average molecular mass from the 
measured limiting viscosity number. K and a values are taken from Tables. 
These Tables are based on measurements with samples of narrow molecular 
mass distribution (molecular mass standards). Plotting the limiting viscosity 
numbers versus molecular mass (determined by an independent method) the 
slope and intercept of the fitted straight line gives a and K respectively. Such 
experimental points are shown in Fig. 2.56.
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It is important to perform this calibration with samples of narrow 
molecular mass distribution, since in this case:

Af n ~ Afv ~ Mm (2.225)

where M, denotes the viscosity average molecular mass, which can be given 
by (Schaefgen 1948):

SNíMí J (2.226)

This expression is equal to the mass average if a=l. Viscosity average
molecular mass lies between the mass average and the number average, 

Fig. 2.56. Dependence of limiting viscosity number on lóg M„ (After Margerison and East 1967.)

usually closer to the mass average. If the distribution is nőt too broad (if 
Mm/Mn < 2) its value is only a few per cent lower than Mm, and can be taken 
as practically equal to the mass average.

Experimentally determined K and a constants in the literature are 
numerous, and frequently differ, even fór the same system. Since limiting 
viscosity measurements are fairly reproducible, it is advisable to give the K 
and a parameters used fór data processing. K and a parameters fór somé 
polymer/solvent system are given in Table 2.23.

As mentioned earlier, under 0-conditions a = 0.5. It would therefore be 
expected that coil densities of molecules with equal molecular mass would be 
uniform, and the K constants fór various systems under these conditions 
should be similar. This expectation is confirmed by experiments. K values 
under 0-conditions are usually between 0.08 and 0.1. However, Eq. (2.221) is 
valid fór linear polymers only.
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Table 2.23

Kuhn-Mark-Houwink constants of somé polymer/solvent pairs

Polymer Solvent
K102

T, C 3 -! cm g
a Method

Polystyrene Toluene 25 1.00 0.73 Light scattering
Polystyrene Toluene 30 1.05 0.73 Osmometry
Polystyrene Benzene 25 1.03 0.74 Osmometry
Poly(methyl methacrylate) Toluene 25 0.71 0.73 Light scattering
Poly(methyl methacrylate) Benzene 25 0.57 0.76 Light scattering
Polyethylene Trichloro benzene 135 4.60 0.73 Light scattering
Polypropylene Trichloro benzene 135 1.37 0.75 Light scattering
Polyamide 6 m-cresol 25 32.00 0.62 End group method
Polyisobutylene Toluene 25 4.08 0.62 Light scattering
Polyisobutylene Benzene 24 8.30 0.5 Osmometry
Polyisobutylene Benzene 60 2.60 0.66 Osmometry
cis-1,4-poly isoprene Toluene 25 5.00 0.67 Osmometry
Natural ruboer Toluene 25 5.00 0.67 Light scattering
Polyvinyl chloride Cyclohexanone 25 0.015 0.62 Light scattering
Poly(acrylonitrile) Dimethyl formamide 25 2.33 0.75 Light scattering
Poly(vinyl alcohol) Water 25 3.00 0.5 Sedimentation
Poly(vinyl acetate) Acetone 25 1.02 0.72 Light scattering
Poly(vinyl pyrrolidone) Water 25 5.65 0.55 Light scattering
Polybutadiene Cyclohexane 20 3.60 0.7 Light scattering
Poly(dimethyl siloxane) Toluene 25 0.74 0.72 Light scattering
Cellulose Couxam 20 0.099 1.0 Calculation

2.5.4. Determination of coil dimensions from 
the limiting viscosity number

According to the studies of Debye (1948), Kirkwood (1948) and Flory (1949, 
1950, 1951) the limiting viscosity number of polymeric Solutions are 
Proportional to the ratio of the effective hydrodynamic volume and the 
molecular mass. Effective volume is proportional to the third power of the 
ünear dimension of the randomly coiled molecular chain. If the average end- 
to-end distance H is chosen as a linear dimension, then:

[^ = 0^- (2-227)

where <b is a universal constant, its value being 2.84 x 1023.
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If instead of H, aH0 is substituted, as in Eq. (2.18), and it is taken intő 
account that:

= M. (2.16)
M M

which is characteristic of the chain structure of the polymer (independent of 
molecular mass and environment), it can be written that:

M = J M1'2a3 = KM1'2a3 (2.228)

where K = [(H0)2/M^312 is constant fór a given polymer independent of the 
molecular mass and of the solvent.

At the 0-temperature, a, the Flory expansion coefficient, is equal to 1, 
and so Eq. (2.228) is equal to the special form of Eq. (2.226) written fór the 
0-temperature:

M9 = KMV2. (2.229)

This is known as the Flory-Fox equation.
The ratio of the limiting viscosity numbers measured under the 0- 

condition and under somé other ones, allows a to be calculated by dividing 
Eq. (2.228) by Eq. (2.229), so that:

M =a3. (2.230)
Ws
The linear expansion coefficient can therefore be determined from 

limiting viscosity measurements. If Ho, the perturbation free dimension is 
known, then the actual end-to-end distance, H, can be calculated using Eq. 
(2.18).



CHAPTER 3

Molecular mass distribution 
in polymers.
General characterization 
of the distribution curve

As has been mentioned, polydisperse systems can be characterized by 
different molecular mass averages. Characterization by molecular mass 
averages is nőt, however, sufficient. It is clear that two samples with the same 
mass average molecular mass (100,000), where one consists of molecules with 
molecular masses of 50,000 and 150,000, the other consisting of molecules 
with molecular masses of 50 and 10,000,000, will exhibit quite different 
Properties. The latter is said to have a wide distribution.

Polymer scientists have consistently wished to describe their samples by 
molecular mass distribution instead of averages, bút experimental techniques 
have made routine molecular mass distribution measurements possible only 
in relatively recent history. This has been achieved due to the rapid 
development of gél permeation chromatography, during the 1960’s.

Mn and Mm values can be calculated from the distribution curves or 
measured by the methods discussed previously. The ratio of these two 
averages characterizes the spread of the distribution. P= MJMn is a mea- 
sure of polydispersity. Its value is 1 in the case of monodisperse systems, and 
higher than unity fór polydisperse ones. Typical values lie between 3 and 10. 
In the case of polypropylene, fór example, a necessary condition fór good 
fibre-formation is a relatively narrow molecular mass distribution, where the 
P value should nőt exceed 4.

An accurate distribution can be determined by fractionation, and a 
subsequent determination of molecular mass and relative amounts of the 
hactions. Molecular mass fractionation was first based on the molecular mass 
dependence of solubility. To describe this phenomenon let us first investigate 
{he principle of fractionation, and the phase separation phenomenon.
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3.1. PHASE SEPARATION IN POLYMER
SOLUTIONS

Consider first the equilibrium of two liquid phases, both containing 
amorphous polymer and a solvent or solvents. If the temperature of a 
polymeric solution is decreased, the solvent becomes poorer in a thermody­
namic sense. Eventually a temperature is reached below which the polymer 
and the solvent are no longer miscible at any ratio. In this case phase sepa- 
ration occurs. It results as well if a poorer solvent is added to the system. In 
this case an upper critical solution temperature (UCST) is obtained. Such 
polymer Solutions are endothermic.

It may occur that phase separation is the result of increasing 
temperature, this is known as the lower critical solution temperature 
(LCST). Such polymer Solutions are exothennic.

3.1.1. Primary polymer-solvent systems

The necessary condition fór equilibrium in a two-component system is the 
equality of partial molar free enthalpies of the components in the two phases. 

In other words, the first and second derivative of dGj as given by Eq.
(2.36) with respect to v2 must be zero:

= kT ln[l —1>2] + V2+X1»2 (2.36)

so that:

-ÖV2 Jz,x 

and
~d2G'
. ^2 Jzix (3.1)

From this condition the critical concentration where phase separation 
occurs can be calculated:

1
P2-Cr“_ 1+xl/2 ®xl/2- (3.2)

This is a relatively low volume fraction, and fór typical polymers (with x 
»104) is approximately 0.01.
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The critical value of the interaction paraméter is:

(l+x1/2). 1 1
2x 2 x112 ’

(3.3)

that is, it is only slightly higher than 1/2, dependent upon the molecular mass, 
and tends to 1/2 if the molecular mass approaches infinity.

The phase separation temperature is given by:

1 1 F, 1 / 1 1 M 1 A , C \TCTit ~ © [ +<h G1/2 + 2*/J 0 \

where C is constant fór a given polymer-solvent system.
This 1/Tcrit quantity is a linear function of the reciprocal square root of 

the molecular mass. It follows from the equation that the 0-temperature is the 
critical solution temperature at infinite molecular mass.

There is a qualitative agreement between this theory and experiment. 
The phase separation temperature is plotted versus concentration in Fig. 3.1. 
Higher molecular mass fractions precipitate at higher temperatures (Schultz 
1952).

T and v, values correspond to the maxima of these curves. In the 
neighbourhood of the critical point the polymer concentration in the dilute 
phase is very low. The phenomenon of the coexistence of two liquid phases, 
one the dilute solution, the other the nearly pure solvent, is known as 
coacervation.

Hg. 3.1. Variation of precipitation temperature with concentration of the polymer component. 
p°lystyrene in diisobutyI ketoné. Continuous lines are experimental, whereas dashed lines are 
theoretical curves. Molecular mass of the polymer is higher fór the upper curves.
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^ri' is plotted versus molecular mass in Fig. 3.2, the points lie on a 
straight line, and intercepts agree with values obtained from osmotic pressure 
measurements (under the condition /l2=0 in Eq. (2.80)) within the limits of 
experimental error. The intercept is Tcrit extrapolated to infmite molecular 
mass, and is equal to &. One of the best ways to determine the ©-temperature 
is precipitation measurement on a series of fractionated samples.

Fig. 3.2. Dependence of the critical temperature 
polyisobutylene in diisobutylene ketone.

on molecular mass. O PS in cyclohexane, •

3.1.2. Ternary systems

Most ternary systems contain polymer, solvent and a precipitating agent 
(non-solvent). Phase relations are usually demonstrated by triangular diagrams

The binoidal curve, where the two phases are in equilibrium, is a function 
of the molecular mass. The critical point related to infmite molecular mass 
corresponds to the 0-temperature of the binary system. A ternary system can 
be characterized by three Zi>j interaction parameters, related to each of the 
component-pairs. By a correct combination of Zi} values the polymer can be 
dissolved in solvent mixtures consisting of non-solvent components, where 
neither of the individual components dissolves the polymer. A well known 
example is cellulose acetate which is soluble in a mixture of ethanol and 
chloroform, bút nőt in the component solvents.

In contrast, two different polymers in a single solvent frequently form 
two separate phases, both containing only a single type of polymer. As an 
example the natural rubber and polystyrene solution in benzene can be 
mentioned. This generál incompatibility can be explained in terms of low 
mixing entropy (see Eq. (2.29)), the number of mixing molecules is too low.
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Fig. 3.3. Phase diagram of a three component system.

3.1.3. Higher component systems

The theory of phase separation in polydisperse polymeric Solutions is based 
on the simplification that the interaction parameters fór all j values 
between 0 and x are uniform and equal to only the x value changes fór the 
various components, x being the number of segments, as deftned earlier.

The theory gives a full description in terms of polymer segment 
distribution and equilibrium conditions, bút the main point is that the 
efficiency of separation intő two phases can be given by a simple equation, 
known as the Bronsted-Schulz formula:

In — ~ax (3.5)

where v'* and v* are the concentrations of the samples containing x segments 
in the precipitating (more concentrated) and dilute phases respectively,
whereas <r is obtained from: 

= p2
x,

-V2 1- — +X1CC1— 2-[1-v2]2] (3.6)
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where v'2 and v2 are totál polymer concentrations in the two phases, and xn 
the number average of x. A number of conclusions can be drawn from the 
theory:

7. All components of the polymer sample are always present in both 
phases. All components exhibit a better solubility in the precipitating phase, 
v' > v is valid fór all x values.X X

2. Since the a-value depends on the relatíve concentration of all 
components (i.e. on the molecular mass distribution), then the result of the 
fractionation cannot be given in advance, at least only if the molecular mass 
distribution is known in detail.

3. The more concentrated phase will be richer in longer chains, the phase 
separation efficiency, e™ grows exponentially with x.

4. Volume ratio should be large, so that most of the low molecular mass 
components remain in solution because of the large volume.

Flory gave a theoretical expression fór the efficiency of fractionation. 
Accordingly, if V and Vare the volumes of the precipitated and dilute phase 
respectively, and fx is the fraction of dissolved molecules with length x, then 

is given by:

/= = _L_ = _L_ (37)
Jx Vvx+V'vx l+Rvx/vx 1+Re™

where R—V'/V. The fraction of the same molecules in the precipitated 
(concentrated) phase is equal to:

Re™
fx~ 1 + Re™ (18)

If R < 1 the majority of shorter chains remain in the dilute phase because of its 
large volume.

Because of the higher distribution coefficient, v' /v , longer chains 
appear in a higher concentration in the precipitated phase, in spite of its 
smaller volume.

Figures 3.4 and 3.5 give examples of the fractionation. Fig. 3.4 shows the 
fractionation of a sample with a given molecular mass distribution at various 
R values. The a value has been chosen arbitrarily, so that fór all R values f 
= 0.5 if x = 2,000.

The upper curve shows the molecular mass distribution curve, the lower 
three curves represent the composition of the dilute phase at 7? = 0.1,0.01 and 
0.001 respectively. The difference between the original and composition curve 
of the dilute phase gives the composition of the precipitated phase.
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The efficiency of fractionation can be improved by decreasing R, bút it 
will be noted from Fig. 3.4 that the molecular mass distribution of the 
precipitated phase can never be sharp.

Fig. 3.4. Results fór fractionations performed at different volume ratios. (After Flory 1953.)

Fig. 3.5. Distribution of 8 fractions of a polymer characterized by the envelope curve. 
(Calculations of Flory 1953.)

In practice low R values have to be maintained, that is, one has to work 
with dilute Solutions and small precipitates.

Flory (1953) calculated the results of fractionation. Fig. 3.5 shows the 
molecular mass distribution of a polymer sample decomposed intő eight 
fractions and distribution curves of fractions at R = 0.001. It can be seen that 
the individual fractions still cover a relatively large molecular mass rangé. The 
dashed lines show the distribution of molecular chains remaining in the dilute 
phase.
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3.2. FRACTIONATION METHODS FÓR POLYMERS

The two main methods of fractionation are preparative and analytical.
In the case of preparative fractionation, fractions are collected and 

studied subsequently. The mass of the individual fractions is usually quite 
low, normally less than one gram.

In the case of analytical fractionation the fractions themselves are usually 
nőt collected.

If fractionation is to be performed with respect to molecular mass, it is 
important that the polymer in the polymer-rich phase should be in the 
amorphous rather than crystalline State; and other parameters disturbing 
fractionation, such as branching or tacticity, must be kept under control.

Fractionation itself does nőt give information about the molecular mass 
distribution of the sample, it must be combined with a simultaneous or 
subsequent molecular mass determination.

3.2.1. Preparative fractionation methods.

3.2.1.1. Preparative fractionation by precipitation

(i) Fractionation using a precipitating agent. Fór fractionation from a sol- 
vent-nonsolvent (precipitating agent) mixture, at the temperature chosen fór 
fractionation, the precipitating agent is gradually added to the solution until 
turbidity appears. To ensure equilibrium conditions the solution is heated 
until homogeneity (transparency) is reached, it is then cooled back slowly to 
the desired temperature, where the System is strictly thermostated. The 
precipitated phase is allowed to settle and removed. Subsequently, further 
precipitating agent is added and the procedure repeated.

To achieve a greater efficiency the fractionation procedure is repeated 
several times. Efficiency is improved if the initial precipitation is performed 
from a very dilute solution, or if the initial fractions are re-precipitated from 
more dilute Solutions, and the dissolved part is added to the solution before 
precipitating the next fraction.

Solvent and precipitating agent must be chosen with care to allow 
precipitation over a relatively wide solvent/nonsolvent composition rangé, 
however, the precipitation must be complete, before the nonsolvent/solvent 
ratio becomes too high.

Stability and volatility of the liquid components must alsó be taken intő 
account, and the gel-phase formed by precipitation must be sufficiently 
swollen to allow ease of handling.
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(ii) Precipitative f ractionation by the triangle method. The scheme of this 
method is shown in Fig. 3.6. Initially sufficient precipitating agent is added to 
precipitate about one half of the dissolved polymer. The gél is dissolved, so 
that two Solutions are obtained, noted as a and b. The procedure is repeated 
with these fractions, about half of the dissolved fractions being precipitated.

From solution a gél c and solution d are obtained, the result of solution b 
being gél e and solution f.

Fig. 3.6. Schematic of the triangular cross-fractionation method.

Solution d and gél e is brought together to give solution d/e; and gél c is 
dissolved, and so finally three Solutions are obtained. Further precipitating 
agent is added to all three Solutions to precipitate approximately half of the 
dissolved polymer. From solution c, gél g and solution h result, solution d/e 
gives gél i and solution fc; and from solution f we obtained gél / and solution 
w. The procedure is continued until sufficient fractions are obtained. The final 
number of precipitated and dissolved fractions is equal, and these can be 
precipitated alone or together with the corresponding gél fractions. The 
distribution of the fractions is fairly sharp, since subsequent fractions exhibit 
more narrow distributions. The method is fást, as it makes possible parallel 
Processing of the Solutions, and high solution volumes can be avoided.

(iii) Other precipitation methods. Solvent evaporation methods involve 
the evaporation of large volumes of the solvent, where the solvent has to be 
more volatile than the precipitating agent.
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Precipitation by cooling is simple in the sense that a single liquid is needed, 
and the volume is constant, bút many polymers cannot be precipitated 
completely by cooling alone.

3.2.1.2. Preparative fractionation by selective dissolution

(i) Extraction. In these methods contact is maintained between the polymer 
and a partially dissolving liquid. Components with lower molecular mass are 
dissolved first, and after removing this fraction, the procedure is repeated with 
a better solvent. This is known as direct extraction.

In the case of the coacervation method the polymer is precipitated from 
solution and the swollen polymer gél extracted.

In the film extraction method the polymer is precipitated in the form of a 
very thin film onto a supporting foil to ensure rapid equilibration.

(ii) Fractional solution. Good results can be obtained by gradient 
solution methods. Here the polymer is deposited onto a dispersed support 
médium packed intő a column, and successive elution carried out with a series 
of solvents of increasing solvent power. This method can be made continuous,

Fig. 3.7. Integrál distribution curve of polypropylene. Successful fractionation, • Unsuccessful 
fractionation, O- (After Shyluk 1962.)

bút the means chosen fór initial precipitation is important, since the efficiency 
of fractionation can be substantially improved if precipitation is performed 
selectively, that is, if the lighter molecules are precipitated later. Efficiency of 
fractionation can be improved by, fór example, slow cooling of the solution.

As an example the integrated distribution curves of a polypropylene 
sample are shown in Fig. 3.7, where the Solutions have been cooled from 
126 C to room temperature in 1 and 6 hours respectively. The solution cooled 
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down in 1 hour, represented by empty circles, shows backlash, while the 
solution cooled down within 6 hours, the fiiled circles, shows no irregularity, 
the polypropylene molecules having precipitated in increasing order of 
molecular mass. The precipitating support médium was sand. One particular 
approach is attributed to Shyluk, and is described below fór the fractionation 
of isotactic polypropylene. The apparátus used is shown in Fig. 3.8. The 
column is fiiled with fine meshed sand and is heated to 126 °C by refluxing 
butyl-acetate, the reflux is nőt shown in the Figure.

A polypropylene solution of 1-2% in p-xylene solvent is added to the 
system, and the upper half of the column is soaked with the sample. This can 
be achieved by careful selection of concentration and viscosity. The column is 
cooled slowly, at a rate of 0.2°C/min, to room temperature. The cooling rate is 
maintained by evacuating the heat exchanger and regulating the heating 
power. On reaching room temperature sand is spread on the top of the 
column, glass wool is placed over it, and the column covered by a perforated 
disk, shown in the Figure, to prevent displacement of the support bed by the 
eluating fluid.

The atactic part of the sample is removed by washing through with 200 
ml p-xylene at room temperature. This fraction is precipitated by methanol 
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'8- 3.8. Schematic of a column-elution fractionation system. (After Shyluk 1962.)
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after the partial distillation of p-xylene. The rest of the extraction is performed 
at elevated temperatures. Eluating íluids containing 0.2% of phenyl-/T 
naphtylamine are purged with nitrogén gas immediately before use. At the top 
of the column a protective nitrogén atmosphere is maintained above the sand 
layer covered by the polymer, the gas being pumped through a syringe.

The p-xylene is removed by flushing with 250 ml of nonsolvent (2- 
buthyloxy-methanol containing 10% ethylene glycol), the column is then 
heated to 156°C, the temperature of fractionation, by refluxing cyclohex- 
anone in the outer jacket.

The solvent is a high boiling point petrol fraction, its boiling point rangé 
falls between 109 and 114°C, at 50 mm Hg vacuum. Combinations of the 
solvent and nonsolvent are purged with preheated nitrogén gas, the purged 
liquid is then heated to 156°C in the preheater and pumped through the 
column at a rate of about 5 ml/min.

Fractions are collected and precipitated in flasks containing 35 ml of 
methanol and a few grams of dry ice. Usually 15-20 fractions are collected. 
The fmal fraction is eluated with pure solvent and collected in acetone, since 
high boiling point hydrocarbons do nőt mix with methanol.

To increase the partiele size of the concentrate the precipitated polymer 
is heated in a water bath fór an hour. The solvent is decanted, and the 
precipitated polymer is repeatedly washed through with methanol to remove 
antioxidants; the polymer is heated, cooled and decanted in each washing 
cycle. The fractions are dried at 65 °C in a vacuum oven overnight, they are 
then cooled to room temperature and weighed.

The molecular mass of the fractions is determined by specific viscosity 
measurements, at 135°C in decaline, at a concentration of 0.1%.

The results are shown in Fig. 3.7. If precipitation is performed with due 
care, the results of fractionation are quite good, and the molecular mass 
difference between the first and last fractions covers several orders of 
magnitude. The method is reproducible, selective and relatively rapid. The 
fractionation itself takes about 6 hours, although the whole procedure 
requires 3-4 days. The procedure can be performed by skilled technicians.

(iii) The Baker-Williams method. Baker and Williams introduced a 
chromatographic method fór polymer fractionation in 1956. The schematic 
diagram of their method is shown in Fig. 3.9.

The sample to be studied is precipitated onto glass beads by evaporating 
the solvent, and the beads are placed on the top of the column.

During the fractionation procedure the extracting fluid, flowing from 
above the beads, gradually enriches in good solvent. It can therefore dissolve 
fractions with higher and higher molecular mass. Moving downstream the 
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lower molecular mass components of the solution move faster, since the 
higher molecular mass fractions precipitate. At the same time, the extracting 
fluid contains more and more solvent and dissolves primarily the low 
molecular mass components from the precipitated fractions.

Fractionation with respect to molecular mass along the column is 
improved by a gradual decrease in temperature along the column, bút good 
results can alsó be obtained in the absence of a temperature gradient.

Fig. 3.9. Schematic of the Baker-Williams chromatographic fractionating system 1 solvent, 2 
mixing flask to produce solvent gradient, 3 mixing motor, 4 magnetic mixer, 5 valve, 6 
fractionating column with support matéria!, 7 valve, 8 sample coliector.

Theories proposed fór the mechanism of fractionation using this method 
are still nőt conclusive. Since repeated precipitation is assumed, the method is 
frequently referred to as precipitation chromatography, and has been applied 
to several polymers with great success. The column is made of glass or metál, 
its length is between 35 and 90 cm. Heating is provided by coils around the 
column, or by other suitable heating elements, and regulated by a 
temperature programmer. Kriegbaum and Kurz applied resistor coils to the 
outer surface of the glass column to produce an almost linear temperature 
gradient.

Support média usually consist of glass beads with diameters in the rangé 
of 40 and 70^m. This médium has to be carefully purified before repeated 
usage. Purifications achieved by washing through the column with hot 
concentrated HC1 solution several times until the yellow colour of the 
washing disappears. The column is then washed through with hot nitric acid, 
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and finally with water and a volatile solvent. As alternatives to glass beads 
cellite or crosslinked polystyrene resin are frequently used. It is important to 
avoid porous support média, since when polymer molecules are allowed to 
penetrate the beads, gél permeation is achieved (to be discussed later). With 
porous média, components of higher molecular mass leave the column faster, 
whereas lighter molecules permeate, and are retained longer. The two effects 
are almost opposite in purpose, so that in the case of porous supporting 
média there is no fractionation or its efficiency is relatively low.

A well-established form of solvent metering is the logarithmic gradient 
suggested by Alm. This is achieved in a mixing flask and an attached metering 
funnel. The mixing flask contains the nonsolvent to be diluted by the solvent 
from the metering funnel at a rate proportional to the flow rate of the 
nonsolvent. Fractions can be collected manually or automatically at regular 
time intervals, or as a function of eluent volume or weight.

From the point of view of column performance the means used fór 
polymer precipitation is of great importance. Schneider et al. have shown that 
the polymer is frequently nőt precipitated onto the beads of the support 
médium, bút rather, polymer particles are formed between them. Uniform 
precipitation can be achieved by slow precipitation from thermodynamically 
poor solvents, or as indicated in Fig. 3.7, by extremely slow cooling.

(iv) Criteria fór efficient fractionation. Success of fractionation is 
determined by three criteria:

1. The totál mass of the fractions has to be equal to the initial mass of the 
polymer sample.

2. Because of possible degradation and cross-linking processes the 
fractionation procedure can be regarded as successful only if the mass average 
of the limiting viscosity numbers of the individual fractions is equal to the 
limiting viscosity number of the unfractionated sample:

M = W>h] (3.9)

This is the so called Philippoff rule, where Wj is the mass fraction of the i-th 
fraction, and is the corresponding limiting viscosity number.

3. Molecular masses must vary monotonically with the number of the 
fraction, backlash should occur only if there is a structural reason fór it.

The main purpose fór polymer fractionation is normally the study of 
molecular mass distribution, and to this end, molecular masses of the 
fractions have to be measured. Molecular mass determination is usually 
performed by viscometry because of the relatíve ease and availability of this 
approach. However, this method can lead to considerable errors, especially if 
branching is present.
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Polydispersity of linear homologous polymers is described by the 
normalized molecular mass distribution function:

£/W=l.
i

(3.10)

The integrál molecular mass distribution function, I (Af), is the mass 
fraction of those molecules which exhibit molecular mass less than or equal to

W = 

i= 1
(3.H)

where <M}< .... This functioncontains the cumulative
or summed mass fractions.

As mentioned earlier the molecular mass distributions of the individual 
fractions overlap. If m{ denotes the mass, and the average molecular mass 
of this fraction, it is usually assumed that:

i= 1 2
(3.12)

Using this assumption compensation is made fór the overlapping due to the 
relatively wide distribution of the molecular mass of the individual fractions.

An integrated distribution curve obtained by this method is shown in 
Fig- 3.10. It should be noted here that curves shown in Fig. 3.7 have alsó been 
calculated using Eq. (3.12), bút are expressed in percentage terms.
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The molecular mass distribution of a polymer sample is perhaps described 
better by the differential distribution function, w(M) defined as:

un dI(W (3.13)

or
M

I(M)= f w(M)dM. (3.14)

This differential distribution curve can be obtained by analytical or nu- 
merical differentiation of the integrated distribution curve. The position of 
the peak, or peaks, and the spread of the distribution can be seen on the 
differential curve (Fig. 3.11). If fractionation or differential calculation has nőt 
been performed with due care the distribution function may show spurious 
multiple peaks. If the differential distribution curve exhibits a number of true

Fig. 3.11. Differential distribution curve.

Fig. 3.12. Molecular mass distribution of a high pressure (low density) polyethylene sample.
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peaks, that is, the sample contains more species with different molecular mass 
distributions, then the system is referred to as polydisperse or polymodal.

Differential distribution curves can be calculated, in principle, without 
integrál distribution curves. In practice, when data processing is performed 
by computers, both types of distribution curve are calculated. Differences 
between samples can be demonstrated better if the abscissa scale is lóg M 
instead of M. This is indicated in Fig. 3.12 which shows the molecular mass 
distribution of a commercial PE sample.

3.2.2. Analytical methods of fractionation

Preparative fractionation and the construction of a distribution curve from 
these data is tedious, and the method itself has certain theoretical and 
practical limitations. Efforts have been made to gain information about 
molecular mass distribution in a less laborious way.

3.2.2.1. Summative fractionation

In the case of cellulose and several other polymers it is important to minimize 
the contact time between the polymer and its solvent. If fractionation is by the 
summative method, the contact time is relatively short.

The essence of this method is as follows. The polymer is dissolved in its 
solvent, and slowly, a relatively large amount of precipitating agent, about 1/3 
by volume, is added, and somé portion of the polymer precipitates. The 
mixture is centrifuged and the precipitated polymer discarded. The dissolved 
polymer is regenerated from a proportion of the solution, the mass per cent 
concentration of the solvent is determined and denoted as F(p). The molecular 
mass of the polymer regenerated from the solution is determined by somé of 
the methods, fór example, by viscometry, and denoted as P.

The procedure is repeated with a new polymer sample, bút this time 
poorer solvent is used as the precipitating agent in order to precipitate a 
higher proportion of the polymer. By changing the composition oí the 
precipitating agent any number of F(p) and P values can be obtained.

Plotting F(p) versus P yields the summative distribution function.
In order to make the procedure simple, summative fractionation is 

Performed at constant volume.
The advantage of this method is that all fractions are functions of the 

Polymer and precipitating agent. They are nőt the product of an intermediate 
distribution disturbcd by previous fractionation steps, as is the case with 
other methods.
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Both integrál and differential distribution functions can be calculated 
from the summative distribution function, bút the results are nőt very 
accurate.

3.2.2.2. Turbidimetry

In turbidimetry, precipitating agent is added slowly to the polymer solution, 
whilst being continuously stirred, and the amount of precipitated polymer 
is measured by the decrease in transparency.

3.2.23. Gél permeation

Gél permeation is the most important form of analytical fractionation, and 
because of its importance, a separate, more detailed section is devoted to it.

3.2.3. Gél permeation chromatography as a rapid method 
fór molecular mass distribution determination in polymers

The phenomenon of gél permeation has been systematically applied to 
routine fractionation of polymers since 1964 (Moore). It has been observed 
earlier that nonionic macromolecular Solutions pumped through gels (e.g. 
through ion-exchanging resin columns), fractionate with respect to their 
molecular mass. Moore produced gels with well-defined, reproducible poré 
sizes and used them to determine molecular mass distribution functions.

Gél permeation chromatography has rapidly gained importance fór 
molecular mass distribution determination since 1963. Whilst earlier 
methods required several weeks to perform such measurements, gél 
permeation chromatography (later simply GPC) yields the whole distribution 
function and the desired averages within a few hours. Furthermore, high 
pressure GPC can characterize polymers within fifteen minutes.

Separation with respect to molecular size in GPC is due to the selective 
permeation of polymer molecules intő the gél. Low molecular mass fractions 
can penetrate the pores, high molecular mass fractions simply by-pass the gél 
particles. High molecular mass species leave the column first, bút the passage 
of low molecular mass components is retarded. The reverse is true fór other 
chromatographic methods.

The idealized process is outlined in Fig. 3.13. Full details of the 
mechanism of separation in the column is still nőt clear, this, however, did nőt 
influence the widespread application of equipment based on the principle. A 
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schematic diagram of the instrument is shown in Fig. 3.14, and it works as 
follows.

The eluating médium is continuously circulated through the column. 
The sample to be studied is dissolved in the eluating médium, typically at 
concentration between 0.1 and 0.5%. The sample should be injected within a
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Fig. 3.13. Schematic of gél permeation.

1 3.14. Schematic of the GPC apparátus.
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very short time in order to eliminate the eflect of injection speed on 
separation. This injection point is the top of the column, and is achieved by 
use of a syringe, although commercial equipment frequently uses a calibrated 
valve. A schematic representation of this metering system is shown in Fig. 
3.15.

Norma! mode

Fig. 3.15. Metering by a six-input valve.

Pump Columns

3.2.3.I. Fractionation by gel chromatography

The principle of fractionation has already been described. Homogeneity of the 
column and of the solvent flow is very important. If part of the solvent could 
fmd a faster way through the column, fór example, through fissures, it could 
distort the results of fractionation. The filling of GPC columns has to be 
performed with extreme care, usually with a special machine by the 
manufacturer. Homogeneous filling without cracks and fissures is inevitable 
fór accurate measurements. The gel is packed intő the column in a swollen 
State, so that if it dries and the pores are filled with air, the original State can 
only be restored by swelling and outgassing.

The efficiency of gel chromatography is characterized by a special 
theoretical plate number. In contrast to other branches of chromatography 
described here the theoretical plate number depends strongly on the sample 
to be studied, the notion cannot therefore be used in its original sense. This 
characteristic can be used, however, if different columns are compared with 
the same kind of sample.
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3.23.2. Detection and collection of samples

Detection of polymer molecules leaving the column can be either continuous 
or intermittent. The advantage of the continuous method is that it can be 
automated, however, intermittent sample collection offers the possibility of 
studying the fractions later by independent methods. The methods may be 
combined: the solution leaving the column flows via a detector cell, and 
subsequently the fractions being collected.

It is worth mentioning that besides these analytical fractionation purposes 
GPC can alsó be used as a means of preparative fractionation, known as 
preparative gél permeation chromatography.

In the case of analytical GPC, a typical size can be as low as a few 
milligrams. The totál eluated volume ranges between 25 and 100 ml, so the 
eluated solution contains less than one mg solute in 1 cm3 of the solvent, 
which means that the detection method must be very sensitive. Suitable 
techniques include, on the one hand refractivity, or dielectric permittivity 
measurements, or spectroscopic methods such as ultraviolet, and infrared 
absorption spectroscopy, or perhaps fluorescence spectroscopy. If the 
molecules are labelled with radioactive nuclei, their concentration can be 
measured by activity measurements. Where fractions are collected, colouri- 
metry, and if the solute itself is colourless dyeing colourimetry, or fluor­
escence measurements after the application of suitable reagents can be used 
fór concentration determination.

Differential measurements are widespread, especially differential refrac- 
tometry. The system is the analogue of a two-path spectrometer, a double 
stream of pure solvent and solution being compared. Automatic recording 
differential refractometers can be used fór this purpose, the only condition fór 
their application is that the difference in refractive index between the solvent 
and the sample to be studied should exceed 10 7.

Fraction collection is usually performed by a syphon, with overflow 
after, fór example, 5 cm3 of eluent. Besides concentration detectors, automatic 
viscometers are alsó used, these can monitor continuously the viscosity of the 
fractionated solution. Another növel detection system is the small angle light 
scattering (SALS) detector cell which continuously measures the absolute 
molecular mass of the flowing solution, that is, absolute molecular mass can 
be assigned to every point of the chromatogram.
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3.2.3.3. Molecular mass distribution determination from GPC measurements

Gél permeation chromatography is an ideál method fór molecular mass 
distribution determination. The chromatogram contains data which relate 
elution volume to the relative concentration, to refractivity or other values 
proportional to concentration. In order to fmd out the relationship between 
elution volume and molecular size, the column has to be calibrated. Reference 
to the size of macromolecules usually means the length of the chain, bút the 
GPC method fractionates the macromolecular system with respect to the 
hydrodynamic volume, it is therefore more correct to speak about calibration 
with respect to hydrodynamic radius. Calibration is performed using 
standard samples with narrow molecular mass distribution and known 
average molecular mass. By plotting the molecular mass of these standard 
samples versus the measured GPC elution volume, the relationship between 
elution volume and molecular mass fór a polymer of given Chemical 
composition can be established. If no molecular mass standard is available 
with the required Chemical composition, then calibration can be performed 
with standards of different Chemical composition using the hydrodynamic 
radii only. More accurate results are obtained if the polymer to be studied is 
fractionated by somé methods (e.g. by gél permeation chromatography) 
and the molecular mass of these fractions is determined by other, independent 
methods. Once this relationship is known, we have our own standards to 
calibrate the GPC column.

Consequently, the relation between the elution volume, Ke and the 
molecular mass of polymer-solvent pairs having similar composition and

Fig. 3.16. Ve elution volume plotted versus molecular mass, M. Investigation of proteins in 
Sephadex G 75 gél. (After Andrews 1964.)
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interactions is empirical. Fór a given column, however, the elution volume 
depends on the molecular mass in a limited molecular mass rangé; at too low 
or too high molecular mass no separation occurs. This effect is shown in Fig. 
3.16, where the column can be used only in the 103-105 molecular mass rangé. 
These limiting values depend primarily on the composition of the gels, and are 
given by the manufacturer. Since the columns in the GPC can be changed, the 
correct column can be chosen fór the given measurement rangé, assuring the 
required selectivity.

A so-called “universal” GPC calibration curve can alsó be costructed. 
As mentioned earlier, elution volumes of a homologous polymer series 
depend on the molecular mass, since the hydrodynamic volume of the 
macromolecules depends on the molecular mass in a regular way. Hydro­
dynamic volume is proportional to the \rj\M product.

If the log([<|M) values fór different polymers are plotted versus their 
elution volumes, a calibration curve independent of the type of polymer is 
obtained. As an example Fig. 3.17 shows a “universal calibration curve’’ of 
this type. It is clear that various polymers exhibiting the random coil structure 
in solution give an identical relationship, that is, the calibration is universal as 
far as molecular volumes are concerned (Samay 1979).

F’g- 3.17. Universal GPC calibration curve. (After Benőit 1966.)
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The width of the chromatogram increases monotonically with the spread 
of the distribution function. The elution curve fór a monodisperse sample is, 
however, still a Gaussian distribution function with a finite width, owing to 
the fact that sample injection is nőt perfectly instantaneous, and separation is 
the consequence of statistical processes. This effect is of course taken intő 
account when calculating the molecular mass distribution function. It is 
assumed that the totál standard deviation in the case of a monodisperse 
sample is the result of the molecular mass distribution on one hand, and a 
zone-broadening effect, on the other. The totál broadening can be described 
by the following relationship:

totál ^molecular T ^instrumental $)

where the instrumental broadening can be determined by the reversal of the 
flow direction after finishing the elution fractionation (Tung 1966).

The GPC method can be applied to polymers which dissolve at elevated 
temperatures only. An important application is the molecular mass 
determination of polyolefms, to be performed at 135°C with trichlorobenzene 
as solvent. In this case, of course, the whole system, including the 
refractometer has to be thermostated to maintain this temperature.

As an example the molecular mass distribution curves of two polypro­
pylene samples are shown in Fig. 3.18. Experience shows that only those 
polypropylene grades which can be characterized by a narrow molecular 
mass distribution can be used fór fibre production. Fór this application there 
are alsó limitations on the mass average molecular mass to be used.

Molecular mass distribution

Fig. 3.18. Molecular mass distribution of polypropylene samples.
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3.2.4. High pressure GPC

A modification to standard GPC equipment is that of high pressure GPC. 
The working pressure of such instruments is 400 bar, and the totál time fór 
the analysis is only somé 7 to 15 min. Supporting média fór these columns 
can withstand high pressures without the alteration of poré sizes. Owing to 
the high working pressure of these instruments, it has been necessary to 
develop special pumps and metering systems.





PART TWO

POLYMER MORPHOLOGY





CHAPTER 4

The two phase structure 
of polymers.
Crystallinity

The arrangement of polymer molecules in the solid phase is studied by 
morphology, dealing mainly with the phenomenological description of 
structures found in the samples. Evolution of these structures can be 
monitored using kinetic methods.

In the subsequent sections the methods used to acquire morphological 
and kinetic information will alsó be considered.

Firstly, however, a short overview is given on the main differences 
between polymeric and low molecular crystals. Then, after a brief discussion 
of polymer morphology the crystallization kinetics of polymers are discussed, 
and finally the more important methods of investigation and their résülts are 
outlined.

4.1. DIFFERENCES IN THE BEHAVIOUR
OF HIGH AND LOW MOLECULAR COMPOUNDS

There are a number of basic differences between the behaviour of high and 
low molecular materials as described below.

4.1.1. Long-range rubber elasticity

Under the action of external forces, low molecular materials deform with no 
deliberate tendency fór recovery. High molecular substances, however, can 
regain their original shape even after 100% deformation. This phenomenon is 
known as rubber elasticity. On stretching, molecular chains form an extended 
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configuration, which is made possible by rotations around the C-C single 
bonds (Fig. 4.1).

Since the configurational probability of extended chains is lower, after 
the removal of the external force the more favourable a position is regained. 
This phenomenon is characteristic mainly of rubber-like materials with a very 
low resistance to deformation.

aj b)
Fig. 4.1. Conformation a of the carbon-carbon chain can be transformed intő the conformation b 
by extension and rotations around single C-C bonds. After the cessation of the external load the 
more probable a conformation recovers. (After Sharples 1966.)

As will be shown later the presence of crystalline areas increases this 
resistance by about two orders of magnitude, bút there remains about 5% 
elastic deformation, which is enough, fór example, in the textilé industry, to 
avoid tearing.

This reinforcing effect of crystallinity can be demonstrated by comparing 
slightly cross-linked natural rubber with polyethylene, which has a more or 
less similar Chemical structure. At room temperature rubber is amorphous, 
whereas polyethylene is crystalline, their moduli are 106 and 108 Pa 
respectively, a ratio of about 100. The main reason fór this diíference is the 
absence or presence of crystallinity (see Table 4.3).

4.1.2. Differences in crystallinity

When low molecular substances are cooled from the molten State, they either 
form a glassy solid, or crystallization occurs. Crystallization with a few 
exceptions means the formation of a more ordered, relatively denser structure 
in comparison to the melt. It is therefore accompanied by a considerable 
volume contraction, which is quite clearly indicated in volume-temperature 
diagrams (Fig. 4.2).

In the case of low molecular materials the glassy or crystalline State can 
be distinguished simply by inspection. If the product is crystalline, then this 
crystallinity is uniform throughout the whole sample.
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When cooling high molecular substances from the molten State, similar 
phenomena are observed. By cooling polystyrene or poly(methyl methacry- 
late) melts glassy materials are formed. On cooling polyethylene, polypro­
pylene or polyester melts a curve corresponding to a crystallization 
phenomenon is observed (Fig. 4.3). This indicates the possibility of crystallizat­
ion in polymers.

Fig. 4.2. Volume changes of a low molecular solid and of an amorphous glass as a function of 
temperature. a First order transition; h second order transition, or glass temperature. (After 
Sharples 1966.)

Temperature

1 'g 4.3. Volume change of a partially crystalline polymer sample as a function of temperature. a 
first order transition; b second order transition or glass temperature. Continuous line is the 
melting, dashed line is the cooling (crystallization) curve. (After Sharples 1966.)
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In the case of polystyrene or poly(methyl methacrylate) only a slight 
inflection is observable on the volume-temperature diagram. Such inflections 
are alsó observed in crystallizable polymers, bút usually at well below 
the melting point. Such points are known as the glass temperature, or 
secondary transition temperature. This secondary transition point is the 
temperature at which the glass formation begins. Primary transition can be 
characterized by a continuous change of G, the free-enthalpy or the Gibbs free 
energy, as a function of temperature, while entropy S, and volume Kchanges 
abruptly. S and V are the first derivatives of G, consequently the first order 
transition can be defined as a process in which G changes continuously, bút its 
first derivatives:

\dT)f

and

(4.1)

are discontinuous functions. Secondary transitions are processes in which 
both free enthalpy and its first derivatives, S and V, change continuously, 
whereas the second derivatives show an abrupt change (Guggenheim 1949), 
so that in this case:

ÖV = g2G
~ÖT 8PdT 

and

d2G
Cp~T ÖT2 (4.2)

are discontinuous.
The secondary transition temperature is frequently referred to in the 

literature as glass temperature or brittle point. The latter term comes from 
mechanical methods of determination. Brittle points determined mechani- 
cally can differ from glass temperature values obtained by specific volume 
measurements by a few degrees (depending on the actual measuring con­
ditions), nevertheless all these data refer to the same process.
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All of the fibre-forming polymers belong to the crystallizable group, that 
is, various grades of polyolefms, polyesters and polyamides; furthermore, 
cellulose and protein derivatives alsó exhibit somé degree of crystallinity.

Somé rubbers alsó crystallize at low temperatures. Typical noncrys- 
talline polymer materials are the highly crosslinked thermosetting resins, such 
as phenol-formaldehyde systems, and the atactic forms of polystyrene, atactic 
polypropylene and poly(methyl methacrylate). Physical order is the main 
structure-determining factor of crystallizable polymers, Chemical com- 
position being only of secondary importance.

The main differences between the crystallization of high- and low 
molecular materials can be summarized as follows:

(i) The crystallization of low molecular substances is totál, that is, even if 
there are several crystalline nuclei present, the evolving structures are fully 
crystalline. Crystallization in polymers is different, the disordered structure 
characteristic of the liquid State can superimpose the crystallization process 
and remains in the evolved structural units. While in low molecular crystals 
the crystallites are divided by sharp interfaces, they are absent in polymers. 
The phenomenon of a glass temperature in the solidified sample suggests, 
besides crystallites, the presence of amorphous or disordered components (see 
Fig. 4.3). Since crystallizing polymers always contain a proportion of 
amorphous component, such polymers are frequently referred to as semi­
crystalline. The amorphous content can vary depending on Chemical 
composition and crystallization conditions, its value usually ranging between 
20 and 80%.

(ii) An important characteristic of crystalline polymers is that their 
melting extends over a broad temperature interval sometimes as great as 
100°C, in sharp contrast to low molecular crystals, where very narrow 
melting ranges are observed. In the case of a given crystal, melting point 
depression may result from the small size of crystallites; such a phenomenon

Table 4.1

Differences in the crystallization of low and high molecular materials

Crystallinity Melting Hysteresis
Character of the 

transition

Low molecular mass Totál Sharp melting 
point

Nőne Through equilibrium 
States

High molecular mass Partial Interval Yes Far from equilibrium 
States
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occurs if their size is so small that the surface energy is comparable with that 
of crystallization. The wide melting point rangé in polymers may alsó be 
explained by this effect. It can be concluded from a broad melting rangé that 
the size of crystallites is very small, of the order of 10 nm.

(iii) The third basic difference is that in low molecular materials 
overcooling can be eliminated, in the case of polymers, however, there is 
always a hysteresis cycle between freezing and melting curves (See Fig. 4.3), 
melting through equilibrium States cannot be realized. The main differences 
are summarized in Table 4.1.

4.1.3. Coexistence of various levels of morphological unit

The crystallization processes of low molecular materials have been under 
study fór a long time. As shown later, polymers exhibit additional problems 
compared with those observed in low molecular crystals. This results from the 
coexistence of morphological units differing in size by several orders of

Table 4.2 
%

An overview of polymer structures with respect to their dimension and 
methods of investigation

Atomié structure within 
the crystalline structure

Molecular structure Supermolecular 
structure

Dimension 10 ^810 7 cm 107-10^5 cm 106-10"1 cm
Level X-ray level Optical level

Structure Lattice structure Size, shape and order of 
crystallites, crystallinity, 
order of the chains, 
amorphous and mesomorphic 
structures, chain 
orientation

Single crystals, 
spherulites, hedrites, 
dendrites

Suitable 
methods of 
investig­
ation

X-ray diffraction, 
electron diffraction, 
density measurements, 
infrared spectroscopy, 
NMR spectroscopy

Wide and small angle X-ray 
diffraction, electron 
microscopy, density 
measurement, infrared 
spectroscopy. birefringence 
measurements, NMR, ultra­
sound wave propagation, 
DSC, DTA

Density measurements 
(dilatometry), optical 
microscopy, electron 
microscopy, wide and 
small angle X-ray 
diffraction, small angle 
light diffraction, DSC, 
DTA
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magnitude, from visible to molecular size dimensions. Amorphous areas with 
elastic properties are always present, and mix with crystalline components at 
the molecular level, resulting in a very complex structure observed only in 
polymers. Making distinction between the various kinds of structural unit is 
nőt always an easy task. Nevertheless, in order to get a better insight, such 
structural units are frequently grouped together from a morphological point 
of view. The various structural features found in polymers are outlined in 
Table 4.2, and a more detailed treatment is given below in a morphological 
review which progresses from optical to molecular and atomié levels of 
detectability.

4.2. SURVEY OF POLYMER MORPHOLOGY

4.2.1. Crystallites

An optical microscopic investigation of polymers crystallized from the melt, 
such as polyethylene, shows the lack of well-defined crystal surfaces 
characteristic of low molecular crystals, such as benzoic acid.

The visual appearance of polymers does nőt indicate their crystalline 
natúré. Even today it is nőt possible to manufacture a “polyhedron limited by 
regular planes,” which is the classical definition of crystalline structures. All 
the same, the crystalline natúré of certain polymers has been known fór many 
years. The crystalline natúré of cellulose was recognized by Scherrer and 
Zsigmondy, furthermore Scherrer et al. in 1920, and that of stretched rubber 
by Katz in 1925 from X-ray diffraction patterns. The presently accepted 
theory of polymer crystallinity and related structural theories, are the result of

29 —►
Fig. 4.4. X-ray diffractogram of table salt (NaCl).
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much research and development, and knowledge in this field continues to 
grow. Here, it is suffícient to discuss crystallinity problems posed by 
stereospecific catalysts, and that of chain folding.

It has already been made clear that the degree of crystallinity of polymer 
chains can be quite different and that polymers possess non-crystalline areas

Fig. 4.5. X-ray diffractogram of polystyrene.

2e ——
Fig. 4.6. X-ray diffractogram of a polyester.

within the crystal structure. These areas are frequently referred to as 
amorphous regions, albeit the adequacy of this nomenclature is disputable. In 
any event, much more experimental and theoretical work is required to clarify 
the true natúré of these areas.

The crystallinity of polymers depends on their thermal and mechanical 
history, and its value influences processability and other properties. 
Consequently the determination of crystallinity, and its control is of great 
practical importance.

Recognition of polymer crystallinity is related to X-ray patterns, and the 
only unambiguous sign of crystallinity is the presence of X-ray interference.
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Gases, liquids and solids, in their amorphous State, show diffuse interference 
patterns, while crystalline materials yield sharp interference lines. This is a 
generally accepted criterion fór crystallinity. As examples, X-ray diffract- 
ograms of table salt, which is common crystalline matéria!, polystyrene, an 
amorphous polymer, and of a polyester, typical of a crystalline polymer, are 
shown in Figs 4.4, 4.5 and 4.6 respectively. The fact that these crystals are 
invisible by optical microscopy shows that their dimensions ránk below 106 
m. Broadening of X-ray lines suggests dimensions in the 10 7 — 10 8 m rangé.

4.2.1.1. Micelle theory of crystallites

In order to fit in the existence of very small crystals with the known chain- 
structure of polymer molecules, early theories assumed that somé molecules 
of similar size formed aggregates known as micelles. Accordingly, crystalline 
micelles are held together by secondary forces resulting in a macroscopic 
structure. Mark et al. have tried to prove these ideas by data obtained from 
the X-ray investigation of unit cells. It has since been shown, however, that the 
micellar concept is inadequate, as in somé cases, fór example, cellulose, the 
length of the macromolecule exceeds that of the micelle by two orders of 
magnitude. It is now clear that the size of crystallites is independent of the 
molecular mass, so long as the molecular mass exceeds a particular relatively 
low limit.

4.2.I.2. The fringed micelle theory of crystallites

Keeping to historical sequence, the next theory to be developed was the 
fringed micelle theory, stating that the molecular chain is allowed to 
participate in several crystalline regions. The structure of a polymer as 
depicted by this theory is shown in Fig. 4.7. This view, according to current 
knowledge, is somewhat oversimplified, nevertheless it is worth recording 
owing to its historical importance and descriptive natúré.

The theory proposes that ordered structures are nőt separated as they 
are in low molecular materials. Under the action of mechanical forces or 
solvents low molecular crystalline materials separate intő elementary 
crystallites, and mainly secondary bonds are disrupted. Such separation is 
impossible in the case of semicrystalline polymers, since the crystalline 
regions are coupled by primary forces through chain molecules. Thus, notions 
such as crystals or micelles are somewhat misleading ordered regions, typical 
of semicrystalline polymers, will therefore be referred to here as crystallites.
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A further characteristic of the fringed micelle theory is that the 
amorphous phase is taken to be continuous (as shown in Fig. 4.7). The 
amorphous phase is regarded as the mátrix with embedded crystallites. 
Recently, however, the study of polymer single crystals grown from very 
dilute Solutions, has led to a reversed hypothesis that polymers should be

Fig. 4.7. Fringed micellar structure of semicrystalline polymers. Molecular chains pass through 
several crystalline and amorphous zones. (After Sharples 1966.)

regarded as defective single crystals, where the amorphous parts correspond 
to the defect regions. Accordingly, the amorphous parts are inclusions in a 
single crystal mátrix. It is clear that these two theories are somewhat different 
descriptions of the same phenomenon, and usually the majority phase is 
regarded as being continuous. Many polymer properties can be explained by 
assuming a continuous amorphous mátrix. Examples are the long-range 
recoverable deformation; the large, albeit limited swelling of polymers 
observable in good swelling média; furthermore, the high diffusivity of 
swelling liquids, and their effect on elastic moduli.

Use of an effective degrading agent which penetrates the amorphous 
regions, and is able to disrupt primary Chemical bonds of amorphous chain 
segments without destroying the crystalline structure, allows the crystallites 
to be isolated and studied by electron microscopy. This technique has proven 
to be successful in the case of cellulose, where acidic-aqueous Solutions 
specifically dissolve the amorphous regions.

Palmer and Cobbold (1964) studied the structure of synthetic polymers, 
such as polyethylene very successfully using suitable reagents. Isolated 
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crystailine fragments were found to be similar to the original crystallites, bút 
somé important differences were evident owing to the removal of mechanical 
stresses exerted by amorphous segments on the original crystallite.

In the case of cellulose the size of these particles varies depending on the 
natúré of the sample. A typical example would be 46 nm in length and 
7.3 nm in width (Ranby 1951). These dimensions well accord with those 
estimated from the broadening of X-ray lines of the original matéria!.

From electron diffraction patterns fór the individual crystallites it 
follows that the molecular chains are ordered in parallel bundles along the 
longer axis, and it can be concluded from the 7.3 nm width that about 100-150 
chain segments build up the crystallite. Such an agreement can be checked if 
the crystalline parts are separated by an appropriate solvent, and their 
molecular size determined by osmometry, light scattering or any independent 
method, and the results compared to the electron microscopic pattern. In 
Ranby’s work the degree of polymerization turnéd out to be 94. The length of 
monomeric units is 0.515 nm, so that the predicted length of the molecule 
would be 48.4 nm, in good agreement with the experimental value (46 nm).

Similar investigations were made later on synthetic polymers, bút fór 
polyethylene, fór example, Palmer found the fragments to be much larger 
than in the case of cellulose; their diameter being about 103 nm, and thickness 
20-30 nm. There is a basic difference in polyethylene compared with the 
cellulose crystals, that is, the chains are oriented along the shorter axis 
direction, and the lamellar shape of the fragments is somewhat similar to the 
solution-grown monocrystals to be considered later.

One further feature of polyethylene crystallites is the presence of internál 
defects. Thus the amorphous content of the original sample consists of two 
components: the disordered, presumably continuous, chain mátrix connect- 
ing the crystallites, and the internál defect phases within the crystallites.

4.2.1.3. Paracrystaliine structure

Hosemann developed a theory in 1950 to explain the action of lattice 
distortions on X-ray diffractograms. According to his theory the crystalline 
lattice can deform under the effect of various external of internál forces, re- 
sulting in the so-called paracrystal. The theory explains the curious proper­
ties of polymer crystals in terms of lattice defects instead of fringed micelles 
and distinguishes two classes of defects, known as first and second order 
lattice distortions.

The defect is considered to be first order distortion if the defect sites are 
displaced along a regular lattice, whereas second order defects are 
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accumulative, that is, defects spread over the deformed environment, and 
multiply. In polymers both types of defect are present, bút second order 
defects are more typical.

Optical analogues and the corresponding diffractograms of these lattices 
are shown in Figs 4.8,4.9 and 4.10. Fig. 4.8 shows the ideál lattice and the first 
and second order lattice distortions.

Paracrystalline structures in polymer can be characterized by the 
presence of second order lattice distortions. These distortions lead to the

Fig. 4.8. Idea! lattice and its light diffraction pattern.

Fig. 4.9. First order lattice distortion and its light diffraction pattern.
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Fig. 4.10. Second order lattice distortion and its light diffraction pattern.

broadening of interference lines, similar to the broadening effect of decreasing 
crystallite size. The main difference between these broadening mechanisms is 
that, while the crystallite size has a similar effect on interference lines of 
different order, the line broadening caused by second order lattice distortions 
increases dramatically with the orders of interference.

Crystal defects can be very important in polymers, as with metals. Fór 
example irregularities formed by non-fitting methylene groups in poly­
ethylene can be detected by the NMR study of oriented samples (Reneker 
1962). Such defects can migrate within the crystal and disappear at the surface 
of crystallites or at chain foldings, or can be transformed intő other defects at 
the chain ends. Similar processes occur during annealing when the crystalline 
structure becomes more perfect.

4.2.2. Amorphous zones

According to the simplified fringed micelle theory only two components are 
present: crystallites and amorphous areas. The latter are nőt independent 
structural units, bút since they are complementary to crystalline areas and 
important in determining the physical properties of semicrystalline polymers, 
their characteristics will be discussed.

As shown in Figs 4.2 and 4.3 the amorphous zones of polymers can 
undergo a liquid to glass transition. If the polymer is totally amorphous, such 
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as poly(methyl)methacrylate, this transition means a transformation to a final 
State exhibiting all the characteristics of glasses, including high modulus and 
low elongation to break.

If, however, crystalline matéria! is alsó present, then the effects of the 
glass-rubber transition on mechanical properties are nőt so drastic. The 
polymer behaves in a similar fashion to a slightly crosslinked rubber going 
through its glass temperature, that is, it remains solid and tough above Tg. 
This analogy shows that the crystallites act like cross-links in the amorphous 
mátrix.

Typical moduli and elongations at break fór crystalline and amorphous 
polymers above and below their glass transition points are shown in Table 
4.3. These data show clearly that the mechanical properties of semicrystalline 
polymers lie between the extremities of the amorphous polymers shown in 
their glassy and rubbery States. It is alsó evident that the glass-rubber 
transition in semicrystalline polymers leads to less drastic changes than in 
amorphous polymers.

Table 4.3

Typical moduli and elongation at break values fór 
polymers in different States, above and below the glass 
temperature

Matéria!
Modulus (Pa) Elongation at break, %

Above 
T

Below 
T

Above Below
T

Slightly crosslinked 
amorphous polymer 106 to10 1,000% 2%

Semicrystalline 
polymer to8 109 > 10% <5%

This difference can be demonstrated by practical examples. At room tem­
perature, fór example, poly (ethylene glycol terephthalate) is well below its 
glass transition temperature, whereas polyethylene is about 130°C above its 
glass temperature, nevertheless, the physical properties of these two polymers 
are quite similar. Reversible long rangé elasticity in amorphous rubbers 
above their glass temperature exist up to very high deformations (1,000%), 
since inter- and intramolecular forces are weak, these materials deform 
readily and recovery is nőt hindered.
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In semicrystalline polymers intramolecular forces tend to maintain a 
crystalline order of chain segments, bút these forces are less active in the 
amorphous regions. Intermolecular forces lead to viscous effects hindering 
the recoil process. If deformation exceeds more than a few per cent the 
recovery is seldom totál, bút improves if intermolecular forces are weakened 
by heat or swelling agents. Semicrystalline polymers above the glass 
transition point have free rotation around the single bonds between the 
monomerje units, so that all the conditions fór long rangé elasticity are 
present. Below the glass transition point rotation becomes more hindered, 
and both elongation and recovery processes are more difficult.

In totally amorphous polymers below the glass temperature rotation is 
almost completely restricted, as demonstrated by the data in Table 4.3. 
Elongation processes are regulated here by intermolecular forces, thus giving 
a crosslinked resin character to the matéria!. The sample can break at very 
low deformation, and is well demonstrated by a rubber sheet, cooled by liquid 
nitrogén which can readily be broken intő small pieces in a brittle manner.

Electron microscopic studies of highly crystalline polymers have nőt lent 
support to the idea of the existence of separate amorphous zones in the 
polymer, as would be expected from the fringed micelle model. Explanation of 
X-ray line broadening, and the presence of amorphous rings in terms of the 
paracrystalline model have become more readily accepted.

Accordingly, the main reasons fór the appearance of amorphous 
diffraction rings in highly crystalline polymers are the distortions and defects 
in the crystalline lattice. Such defects can be caused by thermal motion, 
branching, chain folding, and end groups amongst other influences. This 
assumption has still to be proven, yet similar interpretations of amorphous 
zones have appeared in recent literature.

4.2.3. Spherulites

Spherulites are birefringent, usually spherical, structures observable in a 
series of polymers by optical microscopy during the crystallization process, 
beginning from nucleation through various stages of crystal growth. Fór 
example, if high molecular mass polyethylene oxide is heated to 100°C 
between microscope slides, and cooled back to room temperature, the 
appearance of spherulites can be observed in a polarization microscope at 
quite a low magnification (the melting point is 66°C, and crystallization 
usually begins at 50°C) (Fig. 4.11).
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Spherulites are important structural-morphological units in polymers. 
It is interesting to note that while the existence of spherulites in low molecular 
substances has been known fór a long time, such structures were first observed 
in polymers by Staudinger in 1937, and systematic studies have continued 
since 1945. X-ray studies, being technically more complicated, began about 
twenty-five years earlier. This time lag can perhaps be explained by the

Fig. 4.11. Poly(ethylene oxide) spherulites grown from supercooled melt. Spherulite diameter is 
about 0.2 mm. (After Sharples 1966.)

fact that, although spherulites are present in almost all semicrystalline 
polymers, there are only a few in which they are large enough to be observed 
by optical microscopy. If, fór example, thin sections of polyethylene, 
polyamide or polyester are studied by microscopy, only an inhomogeneous, 
unresolved birefmgent mass can be observed (Fig. 4.12). The situation is 
further complicated by the fact that if thin polymer films are heated to high 
temperature between microscopic slides, cooling results in well-defined 
spherulites. Such spherulites are, however, the outcome of special heat- 
treatment, and in this form they are nőt characteristic of búik crystallized 
samples (Fig. 4.13).

It is more advisable to study the properties of small sections cut from a 
búik sample than to strive to describe the búik properties using data obtained 
from these films. Many examples of micrographs can be found in the 
literature, especially on polyethylene, bút the majority have been taken of thin 
films, thus they are nőt characteristic of everyday samples. It is probable, 
however, that these differences originate from the different densities of 
nucleation, and can be explained by the effects of heat treatment. Large 
spherulites are the result of fewer nuclei, the interference effects of neighbouring 
areas being weaker.
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It is important to note that spherulites are nőt single crystals. Single 
crystals can be split intő smaller units by cleavage, and the resulting limiting 
planes are related to the original structure. This is clearly impossible with 
spherulitic units. It follows that spherulites are aggregates of the smaller 
crystalline units referred to previously.

Dimensions of crystallites are in the rangé of 10 510 8 m, and these 
orders of magnitude are the lowest limit of spherulitic dimensions. Upper

Fig. 4.12. Polarization optical micrograph of high density polyethylene. Polyethylene was melted 
at 200°C, then slowly crystallized at 129°C, about lOOx magnification. (After Sharples 1966.)

Fig. 4.13. Polarization optical micrograph of a high density polyethylene sample. As in Fig. 4.12, 
bút after a short heat treatment at 35O°C and fást crystallization. Magnification is about lOOx. 
(After Sharples 1966.)
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limits can only be estimated fór spherulites, bút spherulites of 1 cm diameter 
have been observed, and there is no theoretical limit to their growth to even 
larger units. Theory suggests that in order to do so the number of nuclei must 
be reduced further. In practice this problem can only be studied empirically, 
since the factors influencing the number of crystal nuclei are nőt well 
understood.

According to electron microscopic studies the experimental lowest limit 
of spherulite diameter is around 10 ~ 6 m. This, or a síightly lower value can be 
regarded as the limit, since at smaller dimensions spherulitic units cannot be 
formed from crystallites.

Spherulites are formed in almost all crystallizable polymers. Perhaps the 
only exceptions are cellulose and its derivatives. In cases such as polyethylene 
oxide, isotactic polypropylene or isotactic polystyrene well-defined spheru­
lites are formed with separated nuclei. In other polymers, such as polyethy­
lene, and poly(decamethylene terephthalate), only very small birefringent 
units are observed. Based on such evidence, early studies of semicrystalline 
polymers divided them intő two subgroups: spherulitic and non-spherulitic. 
This resulted from the fact that granular birefringence cannot be resolved by 
optical microscopy, bút is now known to be due to the existence of several 
smaller spherulites. Since the practical limit of optical resolution is 10 “ 6 m, it 
is unreasonable to assume that these structures do nőt exist simply because 
they cannot be observed optically. Methods exist when non-spherulitic 
semicrystalline polymers are converted intő spherulitic forms by changes in 
the nucleating density of the system. Sometimes a gradual change of optical 
patterns can be observed, when granular birefringent regions are transformed 
intő well-defined spherulites and vice versa.

In somé cases the spherulites of a polymer belonging to the spherulitic 
group referred to above are embedded intő a granular structure. This can be 
observed, fór example, in high density polyethylene samples (Fig. 4.14).

The study of these samples has shown that, during crystallization, 
spherulites appear in increasing number, whereas their size does nőt change. 
In such cases kinetic analysis, which otherwise described nucleation and 
growth processes quite well, is nőt applicable.

The fact that most polymers exhibit a certain degree of birefringence 
gives important information in itself, since it proves the presence of oriented 
units which are large enough to produce depolarized light scattering. To 
produce such an effect, particles somewhat smaller than the wavelength of 
visible light (0.3 x 10 6 m) must be present, in good agreement with the 
estimated lower limit of spherulite size mentioned above.
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The presence of a fibrillar structural sub-unit is typical in spherulitic 
structures (Fig. 4.15). Fibrils will be discussed in detail under Section 4.2.5, bút 
somé remarks should be made here. It is now clear that the formation of 
spherulites is the result of a fibrillar ordering, fibrils growing radially from a 
Central nucleus, thus building up the spherulite.

Fig. 4.14. Polarization micrograph of a polyethylene sample, where the spherulites are embedded 
intő a granular structure, about lOOx magnification. (After Sharples 1966.)

Fig. 4.15. Polypropylene spherulite with fibrillar structure. (After Keith and Padden 1963.)
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In fast-grown structures the fibrils are of sub-microscopic dimensions, 
and therefore optically invisible (see Fig. 4.13). If, however, the growth process 
is slow, the fibrils are thicker, and can be studied by a normál optical 
microscope. If the fibrils are of such thickness, they probably consist of several 
microfibrils, and within them are the crystallites.

In samples of high crystallinity the fibrils can be crystallites themselves, 
that is, their thickness and width dimensions are equal to those of crystallites 
with a random distribution of defects along the fibriHar axis. In such cases the 
crystalline and amorphous regions do nőt run in a sequence, and the sample 
can be better characterized as a continous single crystal grown in one 
direction with a considerable number of defects. Although the defect phase is 
related to the amorphous one, the true amorphous regions can be found 
mainly between fibrils and at spherulite boundaries.

An important consequence of fibriHar growth is branching, this is the 
means by which free space is filled during continuous radial growth. 
According to present knowledge the angle of branching is small and nőt 
related to the crystallite axes. They are called small-angle, non- 
crystallographic entities in contrast to dendritic growth which can be 
observed, fór example, in ice crystals, or in polymer single crystals. Branching 
fibrils frequently twist during their growth, and in fást grown samples such 
twistings can occur cooperatively, giving rise to a periodic change in the 
refractive index. The result is a complicated circular structure. In such highly 
ordered structures branching angles are necessarily low. A spherulite is 
probably formed from a single crystal in the early stages of growth, and later 
becomes polycrystalline through branching. A schematic diagram of this 
process according to Bernauer is shown in Fig. 4.16.

It is important that the process should start from a rod- or plate-like unit 
as the shape of the single crystalline nucleus, although geometrical shape may

Fig. 4.16. Stages of spherulite formation. (After Bernauer 1929.)
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change during the growth process. When studying crystallization kinetics 
these changes have to be reflected by equations. In polymer samples with 
different densities of nucleation (with crystallizing structures of different 
size) the crystallization process can be different, if, instead of fibrillar or 
lamellar structures, spherulitic growth occurs. If the density of nucleation is 
very high, spherulite formation is possible in principle, bút does nőt happen in 
practice. This is probably the case with cellulose and its derivatives where, if 
the structure exceeds the size of crystallites, rod-like structures are formed. 
Here the growing units are very small as indicated by the fact that in the 
unstretched State no birefringence is detected.

One further remark can be made here which will be important later; 
optical determination of molecular orientation led to the surprising result 
that in spherulites chain axes are perpendicular to the radius, that is, cross the 
radial fibrils. Refractive index is higher in the chain direction than in the 
perpendicular. Tangential orientation of chains leads to extinction in 
opposite quadrants if the spherulite is observed in a polarization microscope 
between crossed Nicols. This is the characteristic “Maltese cross” pattern 
observed in well developed spherulites (see Figs 4.23 and 4.14).

The refractive index of spherulites is usually lower in the radial than in 
the tangential direction, which shows that the chains themselves are oriented 
tangentially and nőt radially within the spherulite. Such spherulites are 
denoted as negative (Fig. 4.17).

Certain spherulites of, fór example, polypropylene exhibit a higher 
refractive index in the radial direction, as if the chains are all directed along 
the radii (the so-called ^-polypropylene). It can be imagined that in these 
spherulites the fibrils grow in a radial direction (as in normál, negative 
spherulites) bút many branches grow perpendicularly to the fibril direction, 

- Spherulite
Fig. 4.17. Negative ( —) spherulite.

+ Spherulite

Fig. 4.18. Positive ( + ) spherulite.
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and in these branchings the chains lie perpendicular to the branching 
direction, so that they finally exhibit a radial orientation. This concept has 
been pro ved by small angle X-ray scattering studies (Fujiwara 1968). The 
structure of these positive spherulites according to our present knowledge is 
outlined in Fig. 4.18.

In normál negative spherulites fibrils are branched at small angles, while 
in positive spherulites the branches run practically perpendicular to the 
growth direction of the fibrils. The perpendicular orientation of chains with 
respect to fibrils is a consequence of chain folding to be dealt with in detail in 
the next section.

4.2.4. Single crystals

If a polymer is crystallized from the molten State by cooling, polycrystalline 
samples are usually obtained, and several crystallites with individual nuclei 
being formed. It has been mentioned already that these spherulitic structures 
cannot be regarded as single crystals. Under special circumstances, however, 
single crystals can be grown even from polymers. Since single crystals can be 
studied relatively easily, they have been the subject of several investigations 
since their discovery in the 1950’s.

Polyethylene single crystals can be grown relatively easily from xylene 
Solutions (concentration 0.05%, crystallization temperature 70-80 ’C) (Fig. 
4.19.). So far more work has been devoted to polyethylene single crystals than

Fig. 4.19. Polyethylene single crystal obtained from dilute solution. Magnification is about 
7,500x. Chain molecules are földed, their direction is perpendicular to the pláne of the 
photograph. (After Sharples 1966.)
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other materials, bút results obtained using this system can be readily applied 
to several other polymers such as poly (methylene oxide), poly(ethylene 
oxide), poly(4-methyl-pentene-l), polyamide-6 and cellulose triacetate. A 
typical single crystal of polyamide-6 is shown in Fig. 4.20.

The thickness of single crystals depends on the crystallization temper­
ature, bút the order of magnitude is 10 nm (100 Á). The most striking fact is

Fig. 4.20. Single crystal of polyamide-6. Obtained from dilute solution, solvent was glycerol.
Lamellar thickness is 6 nm. (After Geil 1960.)

that the molecular chains are oriented along the thickness of the crystal and 
nőt along the lamellar pláne. The lengths of macromolecules can reach 1000 
nm (10,000 Á), and chain folding must be the mechanism. This phenomenon 
led to a series of new ideas in polymer morphology. It has been shown that 
chain folding occurs in melt crystallized samples and in fibres as well.

Chain folding has turnéd out to be the generál form of polymer 
crystallization. It will be shown later that this mechanism is dominant nőt 
only in single crystals, bút, with a few exceptions, in fibrils alsó.

The first examples of chain folding were found in the course of electron 
microscopic and electron diffraction studies of polymer single crystals.
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Accordingly, the position of molecular chains in single crystals can be 
described schematically by Fig. 4.21.

It is important to clarify the mechanism of crystallization and to find out 
the reason fór constant folding lengths under indentical crystallization 
conditions. One has to explain the relationship between the folding length

s
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Fig. 4.21. Chain folding of polymer molecules. Schematic.

and crystallization temperature (in the case of polyethylene single crystals 
grown from 0.05% xylene Solutions this value changes from 9 nm to 35.5 nm 
if the crystallization temperature is changed from 50 °C to 130 °C).

There are two current theories in the literature. One is that of Fischer and 
Peterlin based on thermodynamic arguments. They assumed that the folding 
length corresponds to the free energy minimum influenced by two factors: on 
the one hand the interaction of molecular chains leading to increasing free 
energy per unit mass, and on the other hand the surface free energy. The other 
theory has been developed by Frank, Tosi, Price, Lauritzen and Hoffman 
which analyses the chain folding phenomenon from a kinetic point of view. 
Accordingly, the folding length is determined by the original length of the 
primary nucleus. Further modifications of the theory take intő account 
secondary crystallization in order to explain that the size of the monocrystals 
depends on crystallization temperature rather than the size of the primary 
nucleus.

It is nőt yet clear which of these theories holds true, and it is im- 
possible to predict folding length in a quantitative way. It is clear, however, 
that the only possible configuration in monocrystals is chain folding, chains 
being oriented perpendicularly to the lamellae and lamellar thickness (10 nm) 
being much smaller than the chain length (100 nm). There are several spatial 
models to describe this situation. In the case of polyethylene, fór example,
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Fig. 4.22. Conformation model of polyethylene molecules. Demonstration of chain folding. a Top 
view, b model, c side view. (After Reneker and Geil 1960.)

molecules can fold so that only about 5 skeletal C-atoms take part in the 
folding (Fig. 4.22).

Polymer single crystals alsó exhibit secondary structural properties, 
frequently cracks or step-like structures can be observed on them. Crystals 
originally form hollow pyramids which collapse under the effect of surface 
tension when the solvent is evaporated (Fig. 4.23).

It is interesting to note that in single crystals the chains can reorganize 
themselves below the crystalline melting point, which demonstrates the high 
mobility of the structural units, fór example, polyethylene single crystals 
grown at low temperatures, and consequently having a small folding period, 
can thicken on heating, that is, they can accomodate to the new equilibrium 
conditions. This will be especially important in the annealing processes to be 
discussed later (Fig. 4.24).
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I ig. 4.23. Fyramidal single crystals of polyethylene. The mark of coilapse can be clearly observed. 
(After Kalló 1979.)

Fig. 4.24. Increase of lamellar thickness of polyethylene single crystals on annealing. a Before 
annealing, b after annealing.

The relationship between well-developed single crystals and melt- 
crystallized polymers (exhibiting a more complicated structure, albeit 
commercially more important) has alsó been studied. Fór example, Besset, 
Keller and Mitsuhashi have studied the continuous change in the crystal 
morphology caused by the gradual increase in concentration of the 
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crystallizing Solutions. With increasing concentrations multilayer single 
crystals are being formed. At higher concentrations polymer molecules 
crystallize through more layers so that the early stages of spherulite formation 
can be observed.

According to other opinions monocrystals develop from the melt so that 
one pláne grows intő ribbons or fibrils. It is important that if these fibrils jóin 
single crystals then the constituent molecules are földed and oriented 
perpendicular to the growth direction. This is in agreement with the 
observation above that in spherulites fibrillar growth occurs from the centre 
in the radial direction and the molecules are oriented perpendicular to the 
radii.

Although the relationship between single crystals and melt-crystallized 
structures is nőt totally clear, experience gained on easily available and 
measurable single crystals can alsó be applied to melt-crystallization 
processes.

4.2.5. Fibrils

It has already been discussed that spherulites grow from Central nuclei in the 
form of fibrils (see Fig. 4.15). In somé cases these fibrils can be observed by 
optical microscopy bút in most polymers electron microscopy is needed to 
clarify the structure. The widths of these fibrils are somé tens of nanometers. 
Fibrils are the basic unit fór spherulites.

In several polymers optical microscopy does nőt show the substructure, 
and preparation of thin (about 10 nm thick) samples needed fór electron 
microscopy is difficult technically. In such cases mechanical effects (such as 
ultrasound treatment) are used to clarify the structure. In oriented samples, 
like fibrils, cleavage is more probable along the orientation direction than 
perpendicular to it, since secondary bonds are easier to disrupt than primary 
ones. Therefore all data obtained from these disintegration methods must be 
considered with care because the characteristics of the original structure can 
easily be confused with those of the disintegration method.

It we take as an example the Fortisan fibre (a highly stretched cellulose 
fibre), it is found that in water, under the action of mechanical agitation, 
fibrillar units form which bear no relation to the original structure. On the 
other hand polyamide 6 and 10 disintegrate intő fibrils probably identical to 
the original structural units, the chain molecules running perpendicular to the 
fibrils and probably földed (Keller 1959) (Fig. 4.25).
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Studies have shown that if the fibrils are identical with those found in 
spherulites they can be regarded either as structural units or as bundles of 
them. Such fibrils are fiat ribbon-like structures, or lamellae. Their thickness is 
somé tens of nanometers, and width is in the order of micrometers. Twisting 
frequently occurs, which explains the optical appearance of spherulites. The

Fig. 4.25. Fibrils obtained írom polyamide 6/10. Chain molecules are perpendicular to the fibre 
axis. Magnification is about 15,000x. (After Keller 1959.)

perpendicular orientation of chains with respect to the fibriHar axis is a 
consequence of chain folding discussed earlier fór single crystals. It gives rise 
to the tangential orientation of molecules in spherulites, since fibrils grow 
radially from the centre. This demonstrates the utility of studies on single 
crystals, which are insignificant from a commercial point of view, bút help in 
understanding the more complicated phenomena observed in melt- 
crystallized products.

The fact that fibrils are the structural unit of spherulites does nőt imply 
that all properties of spherulites can be understood in terms of fibriHar 
properties; melt-crystallized polymers can contain up to 50% of an 
amorphous phase. Amorphous zones can lay between the fibrils or within 
these units as crystalline defects. However, they are an integrál part of the 
spherulite and their presence is important in determining the spherulitic 
structure and properties.

If fibrils are found among the mechanical disintegration products of a 
sample which has been fibriHar originally, there is a possibility that they have 
no direct relationship to the original structure. As an example the Fortisan 
fibre can be mentioned (see above) which is a highly strecthed cellulose grade, 
where the molecular chains run roughly parallel to the fibre direction. During 
mechanical disintegration, secondary bonds are disrupted easily, and 
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cleavage products of fibrillar shape appear bút are nőt characteristic of the 
original structure; that is, the chain orientation is perpendicular to the 
original direction. In regenerated cellulose, fibrillar units can be observed 
even in the absence of orientation (Fig. 4.26).

Dimensions of such fibrils lie between those of spherulites and 
crystallites; their length is about 100 nm, and thickness is somé 5—10 nm. 
These are nőt crystallites as shown by the degradation of amorphous areas;

Fig. 4.26. Unoriented regenerated cellulose sample with microfibrillar structure. Sample 
distintegrated by HC1 solution swelling, magnification is about 15,000x. (After Dlugos and 
Miche 1960.)

Fig. 4.27. Cellulose fibrils and partially disintegrated molecular bundles. Chain molecules are 
parallel with the fibre axis. Magnification is about 15,000x.
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the thickness of resulting crystallites is similar to the original value bút the 
length reduces to about 30 nm. It seems probable that in regenerated 
cellulose the nucleation density is so high that the growing units can only 
form very short fibrils.

In natural cellulose the fibrils are much more defined, and show no 
tendency fór spherulite formation (Fig. 4.27). The width of the fibrils is around 
10 nm, bút their lengths in samples of animal, bacterial or vegetable origin are 
usually greater than 1 ^m.

It has been shown by electron diffraction measurements that in cont- 
rast to polyamide fibrils (see Fig. 4.25) the chains in cellulose run parallel to 
the fibrillar axis. It has to be taken intő account, however, that cellulose 
crystallizes in natúré under very different circumstances compared to, fór 
example, melt-crystallized polyamides. Thus, fór example, in vivő synthesis 
and crystallization can occur in parallel. Crystallization of natural cellulose 
shows somé peculiar characteristics, fór example, the fibrils shown in Fig. 4.27 
cannot be produced from in vitro crystallized cellulose.

Polymers can alsó crystallize under circumstances favourable fór fibril 
bút nőt fór spherulite formation as outlined in Fig. 4.28.

This phenomenon is known as transcrystallization, the name coming 
from the fact that crystalline nuclei are displaced on a planar surface. Such 
crystallization modes can be induced by stresses in the melt, or by an impurity 
on the wall etc.

Fibrils play an important role in almost all types of polymer crys­
tallization. They can form branches and twists, and if the nucleation density is 
low and the growing units reach about one micron in size, then fibrils grow in

Fig. 4.28. Parallel ordering of fibrils, on transcrystallization. Growth process starts from surface 
nuclei. (After Sharples 1966.)
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the radial direction, and spherulites are formed. In generál, chains are 
oriented perpendicular to the fibrillar growth direction, which suggests that 
the growth operates through chain folding and its mechanism is similar to 
that observed in growing polymer single crystals from solution. In certain 
exceptional cases (as in cellulose) chain molecules are oriented along the 
fibrils.

4.2.6. Other structural units

The main structural units found in polymers crystallized under normál 
conditions have been reviewed, there are, however, a number of other 
structures which must be included in a morphological survey, such as 
hedrites, dendrites and extended chain lamellae.

Hedrites are polygonal structures quite similar to single crystals, as they 
have planar surfaces. They consist of several lamellar layers, and the totál 
length can reach about one micron. A typical hedritic structure is shown in 
Fig. 4.29. It is important to note that they can form under certain conditions

Fig. 4.29.1 ledritic structure at various levels of magnification a mark — 50 /zm, b mark 10 /zm. 
(After Geil 1963.)
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both from solution and the melt. It was shown fór polymethylene oxide by 
Geil et al. (1960), and fór isotactic polystyrene and poly(4-methyl-pentene-l) 
by others. It proves directly that lamellar growth found in single crystals 
grown from Solutions can alsó appear in melts.

Pelzbauer studied the fracture surfaces of polyamide samples cooled 
from the melt, and found well-developed single crystals; thus single crystal 
formation from the melt is alsó proven.

Dendrites are intermediate products. They consist of poorly developed 
single crystals being formed under imperfect crystallization conditions. Their 
shape resembles that of pines. A dendritic polyethylene sample is shown in 
Fig. 4.30.

Fig. 4.30. Dendritic structure. (After Geil 1963.)

Extended chain lamellae, though nőt common, are alsó found in somé 
polymers.

The viscosity of polymer melts is very high, a long rangé migration of 
macromolecules on crystallization, and a reorganization in the crystalline 
State are nőt therefore expected. It is suprising that polyethylenes with a 
molecular mass exceeding 10,000, under conditions of slow crystalization, 
can form extended chain crystals.

Nőt only are the chains parallel, bút even the chain ends are in a common 
pláne forming lamellae, as in low molecular paraffinic crystals. An example of 
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this type of crystallization is shown in Fig. 4.31 where a cryogenic fracture 
surface is demonstrated. Andersen (1964) has proven that, with faster cooling, 
lamellae are formed in which chain-folding is present. It is important that 
under somé circumstances a significant reorganization of molecules can

Fig. 4.31. Electron micrograph of an extended chain polyethylene crystal. The steps 
corresponding to the chain lengths can be observed on the fracture surface of the búik polymer. 
(After Andersen 1964.)

Fig. 4.32. Micrograph of the Wunderlich polyethylene. (After Wunderlich 1963.)
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occur. There is evidence fór the presence of a kind of molecular mass 
fractionation; molecules with different molecular mass forming different 
structural units. Wunderlich (1963) has pointed out that extended chain 
crystals can be grown from polyethylene if crystallization is performed under 
high pressure (Fig. 4.32).

According to the theory of Keith and Padden (1963, 1964), to be dis- 
cussed later, during spherulitic growth molecules with lower molecular mass 
or stereoregularity do nőt contribute to fibril formation in the crystalline 
lattice bút remain in the interfibrillar phase forming an amorphous zone.

4.2.7. A generál view of polymer morphology

It is clear from the experimental data considered above, that in polymers, 
different structures are present simultaneously. The size of these units can 
cover many orders of magnitude in the same sample, fór example, fibrils can 
be observed in several polymer samples, and these fibrils contain crystallites 
with dimensions two orders of magnitude lower.

However, it is nőt always appreciated that different methods of analysis 
do nőt necessarily give equally direct information about structural dimen­
sions. This Will be discussed in more detail later, bút, fór example, from the 
broadening of X-ray diffraction rings one can calculate the average crystallite 
size. In the case of cellulose this value is probably equal to the dimension of 
crystalline areas isolated by amorphous regions. This is supported by the 
electron-microscopic investigation of crystallites obtained by acidic hydro- 
lysis. If, however, single crystals are studied, the same X-ray diffraction line 
broadening can be observed in structures of much greater dimensions, which 
can be explained by structural imperfections. This has been mentioned in 
connection with the paracrystalline theory of Hosemann.

When reviewing morphological structures it has to be pointed out that 
the same unit can appear in various contexts; fór example, spherulitic fibrils 
are underdeveloped if the nucleation density is high, and these fibrils will be 
the highest structural unit in the system. If, however, the nucleation density is 
low and spherulites can fully develop, fibrils are only a subunit in a higher 
structure.

In kinetic measurements used to detect crystallization processes it is 
important to know the form of the growing units, and, if several types of unit 
are present, their natúré. If, fór example, spherulites develop in a crystallizing 
polymer simultaneously with the crystallization process, and crystal growth is 
fást, then nucleation and spherulitic growth are the directly measurable



Sect. 4.2 Survey of polymer morphology 177

Interdefect areas or crystallites.
If it spans over the totál fibriHar 
diameter it can be isolated.

Defects in the fibrils resulting in 
line broadening of X-ray-----  
scattering lines contributing 
to the amorphous content.

Single crystalline nucleus. 
If the density of nuclei is 

high norma Ily just this unit develops.
Spherulite

Spherulite with fibriHar 
branching.\Chains are 
perpendicular to the long axis.

Interfibrillar matéria/. This is the 
main amorphous component. 
Itisleft out between the 
growing fibrils.

Fig. 4.33. A schematic summary of polymer structure. Appearance of various morphological 
units within the spherulites. Amorphous zones are formed at the interfaces of spherulites. (After 
Sharples 1966.)

processes, they are the rate-determining steps, nőt the crystallization itself. By 
this method, and under these circumstances, crystallization cannot be 
monitored.

The most problematic topic in this field is the relationship between the 
structure of solution grown single crystals and melt-crystallized samples. 
Solution grown single crystals with well-deftned surfaces can be studied 
relatively easily, bút from a practical point of view the melt-crystallization 
process is more important, albeit the study of these structures is more difficult.

A summary of structural units can be found in Fig. 4.33.





CHAPTER 5

Methods fór studying the 
supermolecular structure 
of polymers

The growth of different polymer structures can be studied by direct 
microscopic observation or by the determination of volume changes 
associated with crystallization. The two methods yield essentially the same 
result. Microscopic observation, can however, be applied only if the 
developing spherulites are large enough fór microscopic observation. As will 
be shown later, volume changes measured as a function of time at constant 
temperature give Information about crystallization processes. Such an 
approach uses methods based on the Avrami equation.

In the course of discussion use will be made of results obtained by other 
methods as well, so it seems worthwhile therefore, to review briefly in advance 
the more important approaches.

This introductory description gives only a qualitative picture. Later, 
where necessary, further details will alsó be discussed.

5.1. DILATOMETRY

Changes in volume or density are determined using dilatometers. Such 
equipment is used in other branches of Science, nevertheless a brief description 
will be given here.

The required accuracy of volume measurement is in the case of 1 /„ 
crystallinity change, 1 unit in 2,000 should be measurable. This may nőt ap­
pear to be an easy task, nevertheless it is within the capabilites of common 
dilatometers. Given a 0.1 cm3 polymer sample and using a capillary of 0.4 mm 
diameter, a meniscus displacement of a few tenths of a milliméter would be 
expected. Such a dilatometer is shown in Fig. 5.1.
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The volume of the sample placed in the dilatometer is normally about 0.1 
cm3, then the whole system is evacuated, and sometimes heated simulta- 
neously. If the polymer has been precipitated from solvents a long evacuation 
is required to remove the solvent. After evacuation the glass tűbe is sealed at 
point A. Here care must be taken to avoid polymer degradation. After turning

Fig. 5.1. Schematic view of a dilatometer. (After Sharples 1966.)

the system around the polished cone, it is füled with mercury by distillation. 
Finally the dilatometer is sealed at point B. If only relatíve measurements are 
made, no further calibration is required.

The mass fraction of the unchanged liquid polymer is given by:

"<L =
(5.1)

where h is the height of the meniscus at time t, hQ and h are the heights at the 
beginning and at the end of crystallization respectively, mL is the mass of the 
liquid polymer, m0 the totál mass of the polymer. It is to be noted that the 
transformed matéria! is only partially crystalline, and Information obtained 
by this method covers only the extent of transformation to the new State, the 
transition to the newly formed crystallinity bút nőt the extent of the 
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crystallinity itself. If crystallinity is to be determined, the absolute densities, 
and the density-crystallinity relationship must be known.

To determine the absolute density it is necessary to know the volume of 
the dilatometer, the mass of the inserted mercury and the thermal expansion 
coefficient of both. The sensitivity of the system decreases if the volume ratio 
of the fluid to that of the sample increases. This simple measurement requires 
accurate temperature control, temperature fluctuations exceeding 0.0TC 
show up at the meniscus. A dilatometer filled with mercury only is re- 
commended to check thermal stability.

The time needed fór thermal equilibration must alsó be known. This can 
be determined by moving the dilatometer from one bath to a second held at a 
different temperature—both above the melting point—and measuring the 
time needed fór equilibration.

h0 can be determined by measuring the equilibrium meniscus height- 
temperature relationship and extrapolating to the temperature where 
crystallization begins. Eq. (5.1) contains h0 determined in this way.

Fig. 5.2. Results of a dilatometric measurement. (After Sharples 1966.)

When studying crystallization the dilatometer is moved from a bath held 
at a temperature above the melting point to another one at the temperature of 
crystallization. The result of such an experiment is shown in Fig. 5.2.

The h0 value shown in the Figure should be checked by the method 
described above. Choice of t0 is to somé extent arbitrary. In the case of 
samples moved from one bath to another, both above the melting point, it is 
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easy to detect the time when the system reaches the temperature of the new 
bath. In the case of the system described above t0 is of order of 2 minutes. 
Determination of hm is complicated if the polymer exhibits secondary 
crystallization. During secondary crystallization hx is determined from the 
slope. The accuracy of the analysis is strongly influenced by that achieved in 
hx determination.

The three main sources of error in dilatometry are:
1. Presence of air bubbles. The source of this error is either insuffici- 

ent evacuation of the polymer, or its degradation at the test temperature. 
This kind of error can usually be detected by inspection, bút it should be 
emphasized that their presence can be highly misleading when processing the 
data.

2. Jump of the meniscus. This kind of error appears if the solidifying 
polymer seals the totál cross-section of the dilatometer. It can be detected on 
the meniscus height-time curve during crystallization or on subsequent 
melting.

3. Voids and fissures in the polymer. If such defects appear on the surface, 
bút they are small, or if they are inclusions, the liquid cannot penetrate 
from outside. Even microscopic investigation cannot help in detecting them. 
If the sample becomes opaque on solidification the presence of such voids is 
highly probable.

5.2. LIGHT MICROSCOPY

In the case of polymers forming large spherulites the processes of crystal 
nucleation and growth can be followed by optical means. Such polymers 
are, fór example, polypropylene, polyethylene oxide, polyamide and 
polyethylene. In such cases optical microscopy is the must suitable method to 
study the crystallization process. Using a polarization microscope the two 
processes can be observed easily, and the effect of external conditions, such as 
crystallization temperature, can be measured.

The optical microscope has found application in many branches of 
scientific research, bút here somé special features will be discussed which are 
applicable to the study of polymer crystallization.

The polymer melt is nőt birefringent—except under the effect of shear 
deformation as, fór example, in flow birefringence tests. The growing spheru­
lites are, however, strongly birefringent, thus crystallization can be observed 
easily using crossed Nicols. The study of details in unpolarized light is highly 
recommended, since nőt only are the diameters of spherulites important, bút 



Sect. 5.2 Light microscopy 183

the evolving substructure is alsó crucial, and this is frequently better 
discernible in nonpolarized light. The experiments can be performed with the 
aid of a relatively simple microscope, although an ocularmicrometer, 
photographic facility and a hot stage are alsó required.

By piacing a thermocouple close to the sample, temperature control can 
be achieved within + 0.03°C. The actual temperature of the sample must of 
course be calibrated with materials of known melting points.

Before performing the experiment at the crystallization temperature, the 
sample must be melted at a higher temperature. The determination of thermal 
equilibration during crystallization is alsó important, as it can lead to serious 
errors in finding the zero time point of the experiment, especially when 
crystallization is rapid. Observations are usually performed on thin films, 
between two glass plates. If fást equilibration is required, thin plates must be 
used and the sample must be moved from the melting stage to that 
thermostated at the crystallization temperature as rapidly as possible.

If crystallization at the temperature of measurement is rapid, the 
equilibration time can be estimated by observing the time lag between piacing 
the polymer on the stage and the appearance of birefringence.

If it turns out that the melting temperature has no effect on properties, 
the polymer can be melted in situ by a very simple method, using heat 
radiation, via a small heating filament above the sample.

Crystallization of thin films cannot be studied effectively by this 
method because of the possibility of degradation. Fór example, polypro­
pylene crystallizing between 120 and 145°C can yield very different rates 
depending on degradation unless special precautions are taken. One such 
method fór preventing the penetration of oxygen intő the sample is to cover it 
with silicone oil of high viscosity. Evén then the sample must be checked fór 
signs of degradation. A sensitive test fór this is the constancy of the growth 
rates under constant crystallization temperature within a given series of 
measurements, since the growth rate normally depends strongly on the degree 
of degradation.

Fór somé polymers, such as polyethylene and polyamides, results 
obtained from the observation of thin films are different from those performed 
with búik materials. Its exact reason is nőt known, bút the cooling process is 
different in thin films and this probably influences the density of nucleation. 
Owing to differences of this kind cross-check experiments on sections cut 
from samples crystallized under búik conditions are highly recommended. 
Sincc such sections are never as clear as crystallized thin films if the búik 
behaviour is identical with that of the films—then films are prefcrable fór 
study.
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5.3. LIGHT SCATTERING IN POLYMERS

Polarized monochromatic light beams passing through thin layers of a 
polymer containing spherulites and viewed through crossed Nicols, give a 
scattered, easily photographed intensity distribution resembling a four-leaf 
clover. This system is known as small angle light scattering (SALS). The 
phenomenon can be used fór spherulite characterization even at spherulite 
diameters which cannot be resolved by polar-optical means. Fig. 5.3 shows a

Fig. 5.3. Small angle light scattering (SALS) measuring system.

(p1,05 pm <t>1,57pm

<t> 2,09pm 0 2,61 pm
Fig. 5.4. SALS photographs of polypropylene samples with different spherulite diameters. 
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schematic apparátus fór measuring small angle light scattering, where the 
light source is a laser. Fig. 5.4, fór example, shows a series of SALS photo­
graphs using a He-Ne gas laser (wavelength 632.8 nm) on polypropylene 
samples with different average spherulite diameters. Here the light was pola- 
rized vertically and the analyzer was horizontal, these are known as
SALS experiments.

Studies with a vertical analyzer (with the pláne of polarization parallel 
to the analyzer) are referred to as Fv SALS experiments.

The theoretical explanation of the SALS phenomenon has been pro- 
vided by Stein and Rhodes (1960). They have shown that the scattering of 
homogeneous anisotropic spheres in an isotropic médium can be described
by the equation:

'Hv=^0
’ 3
_L3

x (ar-at)cos2
0\
— sin/zcos/z x
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2

x (4 sin U - U cos U - 3Si l/)2 (5.2)

where Vo is the volume of the anisotropic sphere, at and ar the tangential and 
radial polarizabilities of the sphere respectively, 0 is the radial and the 
azimuthal scattering angle. A is a proportionality factor, SiU is defined by the 
integrál:

f sinx , /cSiU = ----- dx t5-5)
J x
o 

and U is:

4nR0 . 0 Í5 41U = —— sin —. 
A 2

In this equation Ro is the radius of the sphere, 0 the angle between the 
scattered and direct beams, and A' the wavelength of the light in the médium 
studied.

The scattered intensity in H„ SALS experiments shows a maximum at 
0/2 where the value of U is 4.09. Thus the average radius of the anisotropic 
spheres (the underformed spherulites) can be calculated from the measured 
angle of maximum intensity (0/2) using the equation:

. 47tR0 .0 ts st4.09 = — sin —. (5-5*
A 2

In practice spherulites of diameters ranging between 0.1 and 50 micrometers 
can be studied using the equation.
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With samples crystallized at different temperatures, the greater the 
spherulite diameter, the smaller the clover-shaped diffraction pattern (see 
Fig. 5.4).

Heat treatment strongly influences the spherulite size. Fig. 5.5 shows an 
example of the relationship between spherulite size and crystallization 
temperature fór a polypropylene sample cooled from 170°C.

The method can be applied to follow the deformation of the spherulites 
under tensile deformation (Samuels 1974).

Cooling from 170°C,°C

Fig. 5.5. Spherulite diameter of polypropylene (Daplen DM 55) samples as function of 
crystallization temperature.

5.4. ELECTRON MICROSCOPY

Electron microscopy is a very powerful tool fór the study of polymer 
morphology at the optical level. The devices are divided intő two groups: 
transmission (TEM) and scanning (SEM) electron microscope. These two 
techniques are used fór different purposes and their resolving powers differ 
substantially.

The resolving power of normál light microscopes is 0.2 /tm, that of TEM 
devices is 1 nm, whereas in SEM systems 10 nm would be expected. The depth 
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of focus fór scanning electron microscopes is about 300 times larger than that 
of optical instruments, so that even at relatively low magnification SEM 
shows considerably more relief than is possible with other systems.

We have to note, however, that there exist electron microscopes with 
resolving powers of 0.2 nm (TEM) or 0.5 nm (SEM) (capable of detecting 
single atoms), nevertheless in polymer research only supermolecular 
structures above 2—10 nm have been discovered so far.

5.4.1. Transmission electron microscopy (TEM)

Transmission electron microscopy requires 10'7-10 8 m thick samples 
which do nőt degrade in the high vacuum prevailing in the microscope.

Thin single crystals can be studied by TEM with relatíve ease, they are 
mounted on carbon film and contrasted by evaporating platinum or other 
metals. In the case of samples with no contrast an electron beam can be passed 
through the sample at predetermined points so that electron diffraction 
patterns can be detected. Thus the position of molecular chains in relation to 
the visual position of the crystals can be determined. Electron irradiation 
frequently damages thin polymer samples, therefore performing measure­
ments of this kind is quite difficult. It is necessary to take intő account that the 
crystal structure itself may be modified under the action of irradiation.

In the case of thicker samples the difficulties are even greater, which 
explains the scarcity of knowledge about búik structures.

Fig. 5.6. Structure of high impact polystyrene. (After Kalló 1979.)
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Surface replicas can be made bút the surface is nőt always representative 
of the internál structure. Replicas are frequently made of fracture surfaces 
obtained at low temperatures. This is especially useful in materials exhibiting 
rubber elasticity at room temperature. There are alsó special techniques 
where the polymer sample is prepared by mixing it with materials of a similar 
viscosity which can later be dissolved from the polymer. The remaining 
structure corresponds to the búik polymer structure. By the application of 
ultrasound small pieces of matéria! can be produced from polymer samples 
which are suitable fór study by transmission electron microscopy. It has to 
be taken intő account, however, that during preparation, structures different 
from those of the original sample can be formed, especially in samples which 
are oriented or contain particles capable of orientation.

TEM is very useful in studying finely distributed additives. In the case of 
high impact PS, fór example, the structure of rubbery additives can be 
explored if the electron density of the elastomer is increased by binding heavy 
metál ions to it. Fig. 5.6 shows a micrograph of this kind where even the 
internál void structure of the additive is easily discernible.

5.4.2. Scanning electron microscopy (SEM) 
*

SEM does nőt need thin sections. With such a high depth of focus these 
Instruments can produce very informative micrographs of surfaces or frac­
ture surfaces of samples up to several cm2 in area. Samples are prepared fór 
SEM by evaporating metals onto the surfaces to be viewed. Samples must 
resist high vacuum during metál coating and in the SEM. Fór example 
whole bodies of insects can be pút in the chamber fór examination.

As an example SEM micrographs of PVC powders prepared by sus- 
pension, emulsion and búik polymerization are presented. The pictures of 
these three types are significantly different. Suspension PVC powder (Fig. 5.7) 
has an external crust controlling the plasticizer uptake. Inside this crust, 
within the secondary globules, of 100 /mi size, are the primary ones (0.5 
-1/zm) which can be observed in section by transmission electron microscopy.

Emulsion PVC powder has no external crust, the size of secondary 
globules lies between 10 and 20 /zm, within which the primary ones (0.1- 
0.5 /zm) are observable even on SEM micrographs (Fig. 5.8). It can be seen 
that the size distribution is nőt uniform in the sample, which can lead to 
Processing problems. Búik polymerized PVC powders alsó have no crust, the 
primary globules (0.2-1 /zm) are relatively homogeneous, local crust for- 
mation, can however, cause processing problems (Fig. 5.9).
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Fig. 5.7. SEM micrograph of a PVC 
powder suspension sample. (After Kalló 
1979.)

Fig. 5.8. SEM micrograph of a PVC 
powder emulsion sample. (After Kalló 
1979.)
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Fig. 5.9. SEM micrograph ol'a búik poly- 
merized PVC powder sample. (After Kalló 
1979.)

Fig. 5.10. SEM micrograph of the ion- 
ctched surface of an impact modified 
PVC-sheet, (After Kalló 1979.)
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Surfaces or fracture surfaces of multi-component polymer systems 
frequently show no characteristic structure. Structures can be developed in 
these cases, fór example, by etching. Chemical etching often gives no result 
because of secondary crystallization. Ion sputtering frequently gives good 
results where Chemical etching cannot be used. As an example the ion 
sputtered surface of high impact PVC is shown in Fig. 5.10. PVC degrades 
faster under the effect of ion bombardment than the additive (chlorinated 
polyethylene), thus the position and distribution of the high-impact additive 
is represented in the micrograph by the particles emerging from the surface 
(Kalló 1979).

5.5. X-RAY DIFFRACTION

Diffraction of monochromatic X-rays is used in the study of both molecular 
and supermolecular structures. The method will be dealt with in detail in 
Chapter 7., here only the main applications are outlined.

5.5.1. Normál (wide angle) diffraction

The X-ray diffraction pattern of an isotropic polymer exhibits a series of rings, 
that fór oriented samples is the fibre diagram, consisting of crescent arcs. 
These diffraction patterns contain a variety of information.

From the diffraction pattern it is possible to determine the position of the 
atoms building up the molecule in the crystalline phase, the size of the 
crystalline unit cell (from which the density of the perfect crystal can be 
calculated) and the position of chain segments within the unit cell. This kind of 
information refers to atomic arrangements and can be obtained by classical 
methods of structural analysis. These methods do nőt differ from those used in 
structural analysis of inorganic or low molecular organic crystals, they will 
therefore nőt be discussed in detail here.

Polymer texture, crystallinity ratio, size of crystalline particles and 
molecular orientation can alsó be determined from diffraction patterns. These 
methods are used extensively fór polymers, thus they will be discussed in 
detail later.

On the supermolecular structural levet X-ray diffraction can detect 
crystallites in spherulites and the amorphous natúré of extraspherulitic areas. 
Electron diffraction study of areas chosen by electron microscopy can reveal 
the arrangement of carbon chains.
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5.5.2. Small angle diffraction

Investigating diffraction at small angles (below 5°) reflections are often found 
produced by periodic structures with an identity period of 5-100 nm. This 
phenomenon can be observed both in natural and synthetic polymers, bút the 
origin and natúré of such large ordered units is still the subject of research.

In the case of oriented polymers (fór example, fibres and films) pe- 
riodically alternating crystalline and amorphous structures are expected to 
exist in certain directions. In fact the presence of such structures differing in 
electron density can be demonstrated by electron microscopy.

Polymer single crystals alsó exhibit similar long periods in small angle X- 
ray diffraction studies. Periods obtained in this case correspond to the 
thickness of the crystal observable in electron microscopy, that is, to the 
folding length of the chains.

It is worth mentioning in connection with supermolecular structures that 
in the case of imperfect structures, where electron microscopy is nőt 
applicable, long periods can be determined by small angle X-ray diffraction. 
They do nőt necessarily mean folding lengths, yet chain folding in polymer 
structures is the norm.

Small angle X-ray scattering will be discussed further after the 
consideratibn of polymer molecular textures, here only details concerning 
supermolecular structures were necessary.

5.6. THERMAL ANALYSIS

Thermoanalytical measurements have fór many years been performed 
in calorimeters. Nowadays automatic equipment is available. The most 
important methods are differential thermoanalysis (DTA) and differential 
scanning calorimetry (DSC).

5.6.1. Differential thermoanalysis (DTA)

In this method the temperature difference is detected between the sample 
under investigation and a known reference sample when the two substances 
are cooled or heated with equal energy. The two samples have a single, 
common heating system. The method is adiabatic, the heat evolved heats the 
sample. Heatingratescan vary between0.1 and l,000°C/min,usually between 
l-2°C/min. The temperature difference (dT) between the sample and the 



Sect. 5.6 Thermal analysis 193

reference is detected by an accurate temperature sensor as a function of 
temperature (or time). The equipment automatically records temperature and 
weight difference (if any) (TG), and the derivative of the latter quantity (DTG).

Variation of the sample temperature depends on thermal conductivity 
and heat capacity. The latter changes at phase transitions, thus trans- 
formation points can easily be detected by this method.

During melting and crystallization the sample absorbs or emits heat, 
leading to endothermic and exothermic peaks respectively. These effects are 
demonstrated in Fig. 5.11 which shows a typical thermogram. Polymers melt 

Fig. 5.11. Thermograms of polymers. Schematic.

within a fairly wide temperature rangé, the temperature interval fór 
crystallization is much narrower, bút a fair degree of overcooling is required 
to promote crystallization.

Since temperature changes during crystallization due to the continuous 
cooling or heating, this method is nőt suitable fór accurate crystallization 
kinetics measurements.

By calculating the area under melting peaks the crystallinity of samples 
can be estimated if suitable calibration is used. These kind of measurements, 
however, can be performed with much higher accuracy using DSC.

If a quenched sample (fór example a polyester) is studied between room 
temperature and the melting point, further transitions may appear. 
Secondary transition temperatures appear as a shift in the base line. This tem­
perature is often referred to as the glass temperature (Tj. Somé crystallization 
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can appear below the melting point bút above the glass transition 
temperature. This is known as cold crystallization which appears if the sample 
is in a liquid-like State between the secondary transition and the melting 
point.

In the course of melting and subsequent cooling the crystallites 
reorganize, and a new, much more stable crystalline structure develops. In 
oriented samples an additional heat effect due to chain disorientation can be 
observed below the melting point.

5.6.2. Differential scanning calorimetry (DSC)

This method is alsó based on the comparison of a sample with an inért 
standard, where, however, provision is made fór keeping the two samples at 
the same temperature. Thus no temperature difference develops between the 
sample and the reference, and the experiment is isothermal. If any 
temperature difference does appear between the sample and the standard, the 
instrument compensates by changing the heat flux. The heat flux difference, 
the thermal energy difference per unit time is measured:

AH=dAHfdt (5.6)

The two samples have two independent heating systems.
In this method alsó, Tg appears as a shift in the baseline, and melting and 

crystallization as exothermic and endothermic peaks respectively. The 
majority of scientific publications plot the endothermic peak as negative, and 
the exothermic as positive. DSC is better fór quantitative work than DTA. 
Heat exchange involved in the transition can be determined by measuring the 
area under the peaks with about 2% uncertainty. The following formula is 
applied: 

where K is a constant characteristic of the equipment, m the mass of the 
sample, R the sensitivity used, S the chart speed, and A the area under the 
peak.

Heating and cooling rates can vary within wide limits (fór example, 0.3- 
320°C/min), a typical value is 10°/min. Isothermal crystallization can alsó be 
studied here, the crystallization heat is measured as a function of time. The 
method is suitable fór determining the heat capacity of samples. In this case
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dAH/dt is determined within the desired temperature limits. Displacement of 
the recorder is proportional to the heat absorption of the sample:

dAH dT
~dT-mC'Sr (5.8)

where m is the mass of the sample, Cp the specific heat of the sample, and dT/dt 
the programmed speed of temperature change. Using Eq. (5.8) Cp can be 
determined directly.

More accurate measurements can be performed if repeated with a sample 
of known mass and specific heat (fór example, sapphire standards) where the 
unknown heat capacity is calculated from the ratio of the two equations. 
(Heating rate is kept constant thus eliminating any potential error in the 
calculation.)

DSC is important in determining the crystallinity of polymers. If the heat 
of crystallization is known fór the totally crystalline polymer, the crystallinity 
ratio can be determined from the heat absorbed during melting and the mass 
of the sample:

x%=~^-100. (5-9)

The heat of crystallization fór totally crystalline polymers will be 
discussed when polymer crystallinity is considered. However, Hcryst values fór 
three frequently used polymers are:

polyethylene 293 J/g,
polypropylene 138 J/g,
polyamide-6 188 J/g.

Thermoanalytical methods can be used to determine crystallinity only if 
the polymer melts on heating. Cellulose, fór example, is crystalline according 
to X-ray data, bút it degrades below its melting point.

DSC is very useful in distinguishing between chemically similar polymers 
produced by different technologies. The melting point of high density (low 
pressure) polyethylene (HDPE) is fór example 408 K (135°C), its crystallinity 
is around 68%, the melting point of low density (high pressure) polyethylene 
(LDPE) on the other hand is 386 K (113°C), and its crystallinity is around 
35%. The melting point and crystallinity of linear low density polyethylene 
(LLDPE) grades lie between these limits depending on the amount and 
Chemical composition of the co-monomer(s) used. In the case of block 
copolymers (such as PE-PP block copolymers) the different blocks give 
separate melting peaks. The position of the peaks indicates the type of



196 The supermolecular structure of polymers Ch. 5

polyethylene block. Fig. 5.12 shows the DSC curve fór a high density, low 
pressure polyethylene, while the diagram of a low density, high pressure PE 
sample is shown in Fig. 5.13. Comparing the two Figures the difference of the 
melting points and crystallinity is quite clear.

Fig. 5.12. DSC curve of a high density polyethylene sample. Crystallinity 57%.

LDPE

381,5

400 450 500
K

Fig. 5.13. DSC curve of a low density polyethylene sample. Crystallinity 35%.
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The weight of a sample is about 5 mg in either powder, film or fibre form. 
Temperature of small samples can change rapidly, so that heat exchange 
problems emerging with thick samples can be avoided.

Fig. 5.14 i 11 ustrates the behaviour of block copolymers. Separate melting 
transition of polyethylene and polypropylene blocks and the corresponding 
melting heats are clearly visible.

Returning to the differences between the melting and crystallization 
behaviour mentioned in connection with the DTA technique, Fig. 5.15 shows 
an experiment performed on biaxially oriented polypropylene film. On first 
heating two endothermic peaks can be observed, the first indicates the 
disappearance of orientation, the second the melting of crystallites. On

Fig. 5.14. DSC curve of a Profax 8523 type PE-PP block copolymer.

Fig. 5.15. DSC curve of a biaxially oriented PP film.
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cooling crystallization appears as an exothermic peak at a lower temperature 
and with much narrower transition interval than in the case of melting. On 
repeated melting a single endothermic peak appears, orientation is now 
absent. The area under the melting curves is, however, constant and equal to 
that under the crystallization peak, whereas crystallinity of polypropylene 
does nőt change on simply melting and recooling the polymer. This is worth 
mentioning since even in the literature, it is frequently suggested that thermal 
treatment or cooling can influence crystallinity considerably, fór example, it is 
often claimed that amorphous PP can be obtained by quenching in water. It 
must be stressed that any crystallinity change will be reflected in changes of 
melting heat and X-ray diffraction lines. Heat treatment leads to a change in 
the size of ordered domains or to stress relaxation at a molecular level. 
Quenching—expecially when using polypropylene—leads to smaller crystal­
lite sizes and to frozen in stresses. In the case of LDPE even the size of 
crystallites cannot be influenced by quenching, only frozen in deformations. 
The thermal behaviour of LLDPE shows strong dependency on its thermal 
history. As branching influences the crystallization rate, very different

Fig. 5.16. SEM micrograph of a PP sheet annealed under a particular thermal program tor 
several days.
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structures appear (Bodor and Dalcolmo 1987). These remarks refer to the 
different levels of molecular order coexisting in, and characteristic of, 
polymers which can be determined by thermal analysis using versatile 
experimental and theoretical approximations, and hence related to other 
matéria! properties.

Annealing has a considerable effect on the supermolecular structure: 
spherulite size and the sharpness of their interfaces increases. As an example 
Fig. 5.16 shows an SEM micrograph of PP spherulites annealed fór a long 
time. Fig. 5.17 shows the DSC thermogram of the same sample.

Well-developed spherulites in PP do nőt correspond to single crystals, 
since molecular chains are organized, beginning from an internál core 
following the rules of chain folding referred to earlier. Cleavage planes of the 
spherulites do nőt coincide with crystallographical planes. According to the 
DSC trace the crystallinity of the sample increased as well.

DSC-thermograms indicate with fine sensitivity the thermal history of a 
sample. In the case of synthetic fibres annealing relieves internál stresses up to 
the annealing temperature. Investigating such a sample the stresses relax 
further at the temperature of the previous annealing, and an exothermic effect 
appears. This effect is shown in Fig. 5.17. In order to obtain large spherulites 
the sample has been annealed just below its melting point, and the result is a 
double melting peak.

Thermoanalytical methods, especially DSC, give a great deal of in- 
formation about relatively small samples within a short time. They can be 
used to determine the melting point, melting temperature interval, crystallin­
ity, phase transitions, crystallization and curing kinetics, specific heat and 
internál stresses in polymers.

Fig. 5.17. DSC curve of the PP sample shown in Fig. 5.16.





CHAPTER 6

Kinetics of the development 
of supermolecular 
structures in polymers

Most studies of polymer crystallization kinetics so far have dealt with the 
average kinetic process observable by dilatometry, that is, crystallization as a 
combination of nucleation and crystal growth.

The density difference between crystalline polymers and their super- 
cooled melts at the same temperature is readily measurable, the volume 
difference can be as high as 10%. Thus dilatometry is suitable fór monitoring 
the time dependence of crystallization of búik polymers.

6.1. BASIC PRINCIPLES OF KINETIC ANALYSIS

The generál theory of phase transition kinetics was developed by Avrami in 
1940. Later Evans published similar equations in 1945 fór the growth of 
circles and spheres, describing the growth of corrosion centres on metál 
surfaces and the development of grains in metál blocks.

These principles were applied by Morgan, Flory and Mandelkern to the 
crystallization of polymers at the beginning of the 1950’s.

Structural development can be best understood in terms of elementary 
processes. The basic processes will be discussed in the following. Later, the 
validity of these concepts will be checked. All crystallization processes consist 
of nucleation and crystal growth, and before going further, it is useful to 
consider a number of definitions:

(i) Spontaneous nucleation. On cooling molten polymers to a fixed 
temperature nuclei appear randomly throughout the volume of the polymer.

(ii) Time dependence of nucleation. Nuclei can appear instantaneously 
on cooling or during crystallization in the non-transformed phase. In the first 
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case the time dependence is of zero order, in the latter it is a first order 
quantity, so that:

p = Nt (6.1)

where p is the number of nuclei per unit volume at time t, N the nucleus 
formation constant, the number of nuclei formed in unit time.

(iii) Natúré of the growth process. Growth can proceed in one, two or 
three dimensions resulting in needles, discs or spheres. Growth stops when 
neighbouring chains are impinged upon.

(iv) Time dependence of growth. Linear dimensions of growing bodies 
increase in proportion to time, and generally the following equation is 
assumed:

r = Gt (6.2)

where r is the relevant linear dimension (fór example, in the case of spherical 
growth the radius of the sphere), G is the growth constant.

(v) Density of the growing units. The transformed phase is nőt totally 
crystalline, it is, however, generally assumed that the crystallite content and 
thus the density of the growing units is constant. Let us denote the density of 
the untransformed liquid phase by pL, and that of the growing solid phase by 
ps. As a consequence of the notation the density of the totally solidified 
matéria! is ps.

The main goal of the Morgan-Flory-Mandelkern mathematical 
formalism is to establish the relationship between the average density of the 
crystallizing system and the time of crystallization. Characteristic parameters 
of the growth process can be determined from these equations. Most 
important of these is the Avrami exponent which will be discussed in detail 
later.

Here we mention only briefly that the functional form is complicated, 
and the exponent value depends on the dimensionality of the growth process, 
and on the kinetic order of nucleation. In the most generál case, that is, where 
three-dimensional growth is combined with first order nucleation, the 
Avrami exponent, n is 3 + 1 = 4.

Besides the Avrami exponent the rate constant can alsó be determined 
from the equation, which is a combined function of constants describing 
nucleus formation and growth. Values of these constants can in principle be 
proven by independent microscopic measurements.

Equations describing the early stages of growth are simple. It is known 
from experience that these equations can be applied up to 30% conversion. 
Later processes can be described by more complicated equations where 
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coincidence of increments has to be taken intő account. As will be shown later 
simple equations can be used to check the validity of far more complex ones.

In the following sections the three-dimensional spherulite formation will 
be described, based on random nucleation. Derivation of formuláé fór other 
cases—fór example fór needle-like growth—is similar, so that in these cases 
only the final formula will be described without derivation.

6.2. DESCRIPTION OF THE EARLY STAGES
OF CRYSTALLIZATION

If spherulite nucleation and growth proceeds fór x minutes, during a given 
time interval, dx:

N-modx (63)
Pl

nuclei are formed, where m0 is the mass of the crystallizing matéria! at t=0, N 
the nucleation rate constant in unit volume as defined previously, and pL the 
density of the liquid phase.

If crystal growth results in a spherulite of radius r, the amount of 
transformed matéria! is:

Let us investigate the degree of crystallization, ms/m0 at time t. The 
amount of transformed matéria! from the beginning of nucleation (t — x) is the 
product of the number of nuclei and the transformed mass per nucleus:

dms — m0 — dx-nG3(t — x)3ps '6-j)
Pl 3

where G is the growth constant (see Eg. (6.2)).
The amount of matéria! transformed to spherulites up to time t is:

x = t
f 4nNG3mops(t-x)3dx
I a

x = 0

and so:

ms = nNG3pst4 (6.7)
m0 3pL
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The mass ratio of the liquid matéria!, mL/m0 after time t can be expressed in 
the following way:

mL _ms 
m0 m0 ’

thus Eq. (6.7) can be given by

wl _ । nNG3pst* 
3pL

(6.8)

(6.9)

The important consequence of Eq. (6.7) is that in the case of random 
nucleation and three-dimensional spherulite growth the mass fraction of the 
crystalline phase increases in proportion to the fourth power of time in the 
initial stage. The time exponent—the Avrami exponent—is 4 in this case. As 
mentioned earlier it consists of two terms: the dimensionality of growth which 
in this case is 3; and the time dependence of nucleation, which is unity here.

In practice, of course, the conclusion is reversed; if the experiment yields n 
= 4, nucleation and growth is likely to proceed according to the mechanism 
discussed.

6.3. DESCRIPTION OF THE TOTÁL 
CRYSTALLIZATION PROCESS INCLUDING 
COLLISIONS

There are two main methods by which Eqs (6.7) and (6.9) may be extended in 
order to describe the later stages of crystallization where the growing bodies 
meet or collide.

Evan’s method assumes that the centres of growing discs or spheres are 
fixed. This assumption is nőt, however, valid fór continuously shrinking 
Systems. The treatment proposed by Flory and Mandelkern gives more exact 
results, and discussion will be limited to this approach. It has to be noted, 
however, that differences between results obtained by the two methods are 
small.

The mass of crystallizing matéria! (dm,) in a time interval dx after time x 
is proportional to that mass dm, which would crystallize in the absence of 
collisions. The proportionality constant is equal to the fraction remaining in 
the liquid phase:

dm. 's- (6.10)
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This means that at the beginning of crystallization the probability of 
collisions is small, and the value of the proportionality factor is close to 1. As 
transformation proceeds the probability of collisions increases continuously, 
and the proportionality constant approaches zero. The value of dm3ldms is of 
course zero when crystallization is complete.

The assumed amount of crystallized matéria! without collisions is:

nNG3pst4 
ms = m0 —--------  

3pL
so that

4nm0NG3 psx3dx 
dms=---------—----------  

3pL

(6.7)

(6.H)

Rearranging Eq. (6.10) and substituting Eq. (6.11) gives:

4nNG3 psx3 dx 
^Pl

(6.12)

Integrating between x = 0 and x — f.

hí
m0-ms

m0
-nNG3pst4 

^Pl

(6.13)

Comparing with Eq. (6.8) and expressing in an exponential form suggests that:

— =exp( —zt4), (614)
m0

nNG3ps 
where z is the rate constant with a value of —------- .

3pL
This is the Avrami equation which describes the crystallization process 

in polymers. Expanding Eq. (6.14) intő series form the first term approxima- 
tes to Eq. (6.9) being correct at short times when the effect of collisions is 
insignificant.

6.4. ANALYSIS OF DILATOMETRY DATA

Application of derived equations becomes possible if connection is made 
between dilatometric data and crystallization.

The crystallinity ratio is:

(6.15)
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Whereas the totál volume at time t is given by:

jz = +
Pl Ps

(6.16)+

Ps Pl Ps

where m0, the initial mass of the system is constant. Final volume is Vx 
= m0/ps, where ps is the density of the growing spherulite, and therefore the 
final density. Similarly molVo=pc

v=v Kt~ ^00 ,

>0 mQJ (6.17)

(6.18)

(6.19)^O-^oo’

If the meniscus height in the capillary is measured instead of the volume:

m, h. — h^

Fór other types of nucleation and growth mechanism similar Avrami 
equations can be derived with the generál form:

h.—

Table 6.1

Exponents n of the Avrami equation fór different 
nucleation and growth mechanisms

n

3 + 1=4 Spherulitic growth + random nucleation
3 + 0 = 3 Spherulitic growth + instantaneous nucleation
2+1 = 3 Disc-like growth + random nucleation
2 + 0 = 2 Disc-like growth + instantaneous nucleation
1 + 1=2 Rod-like growth + random nucleation
1+0=1 Rod-like growth + instantaneous nucleation

After Sharples 1966.
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where n is the Avrami exponent. Various values of n are summarized in Table 
6.1.

Plotting In < — In
ho hx

versus In t,

n can be calculated from the slope. The intercept on the other hand gives the 

rate constant:

_zt», (6-22)
\ho

= lnz + nlnt. (6.23)

Two further parameters can be derived from the Avrami equations: 
induction time and the half-time of the process. Induction time is the time 
where mL/m0 differs appreciably from unity. Half-time alsó characteristic of 
crystallization can be calculated from Eq. (6.14) (mL/mo=O.S).

_/ln2V'2 (6.24)

It depends on both z and n, therefore it can be used to compare z rate 
constants of different processes only if n is invariant.

6.5. EXPERIMENTAL DATA

Keller et al. in 1954, and Flory and Mandelkern independently in the 
same year proved that crystallization in crystallizable polymers proceeds in 
accordance with the Avrami equation.

Fig. 6.1 shows the crystallization of polyethylene terephthalate as a < 
function of time at three different temperatures. Continuous curves are 
calculated from the Avrami equation assuming:

n = 2 at 110°C,

n = 4 at 236 and 240 °C
z has been chosen to give the best fit to the experimental data. The curves 
demonstrate the acceleration of crystallization at the beginning of the phase 
transition, and the slowing down of the process as a result of collisions. It is 
quite clear that different crystallization conditions lead to changes in the 
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mechanism, reflected in the change of the Avrami exponent as a function of 
temperature.

Fig. 6.2 shows the crystallization of fractionated poly(ethylene adipate) 
after Takayanagi (1957), plotting ln(-lnmL/m0) versus Igt.

Fig. 6.1. Crystallization isotherms of poly(ethylene glycol terephthalate). (After Keller et al. 1954.)

Fig. 6.2. Avrami plots of fractionated poly(ethylene adipate) samples. 
Crystallized at different temperatures. (After Takayanagi 1957.)
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6.6. DEVIATIONS FROM THE AVRAMI
EQUATION

Avrami equations have been used frequently to verify assumed n values. Gént 
has shown that in such cases plots with different n values (such as n = 3 and n 
= 4) are only slightly different, and deviations are comparable with the 
experimental error. Fig. 6.3 shows as an example the crystallization of 
different rubber samples at — 26 °C together with calculated values using n — 3 
and n = 4. Errors come from h0 and h x determination, and the ln(— In mjmo) 
— Int plot is a highly distorted scale where reasonable agreement can be 
obtained with experimental data even if it is limited to a small portion of the 
totál process. Takayanagi has demonstrated this using unfractionated 
poly(ethylene adipate) samples (Fig. 6.4). According to these results the 
Avrami equation is valid only over in a limited rangé of the crystallization 
process. mL/m0 values are shown on the right hand side of the plot, so it can be 
seen that only about a half of the crystallization process can be described by 
the Avrami equation.

These deviations do nőt mean that data obtained from the Avrami plots 
are invalid. On the contrary, if the cause of this deviation is found, further 
information is gained about the system.

Processes leading to deviations can be simultaneous or consecutive.

Fig. 6.3. Crystallization of various rubber samples at — 26°C. Continuous line corresponds to n 

= 4, dashed line to n = 3. (After Gént 1954.)
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An example of a simuitaneous process is the appearance of two types 
of spherulites (the existence of such structures is known in the case of 
polypropylene and nylon-66) or the development of similar units from 
different types of nuclei (fór example instantaneous and random).

Consecutive processes can be spherulite growth from needle-like or disc- 
like nuclei. All these processes lead to an apparent time dependence of the 
Avrami exponent.

There are indications that sometimes the Avrami analysis gives false 
information. In the case of poly(ethylene oxide) crystallization can be 
described by n = 2, which seems to be compatible with growth of disc-like 
structures from instantaneously formed nuclei or with the growth of needle- 
like structures from randomly formed nuclei (see Table 6.1). Microscopic 
observations on the other hand prove unequivocally that crystallization is a 
spherulitic growth process from instantaneously formed nuclei (see Fig. 4.11). 
The Avrami exponent in this case should be 3. Such discrepancies fór directly 
observable structures cast somé doubt on those structures, which cannot be 
detected independently.

Fig. 6.4. Avrami plot of unfractionated poly(ethylene adipate) samples. Agreement is only partial, 
as is shown by the right hand side mL/m0 values, it extends to about 50% crystallization. (After 
Takayanagi 1957.)
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Further complications appear with systems where n is non-integer. 
Such an example is poly(decamethylene terephthalate) shown in Fig. 6.5.

Deviations from the Avrami equation can originate from:
1. the simultaneous appearance of different growth mechanisms (fór 

example needle- and disc-like);

Fig. 6.5. Crystallization of poly(decamethylene terephthalate) at 112.95 °C. The Avrami equation 
seems to be Valid, bút with fractional exponent n = 3.587±0.008. (After Banks et al. 1964.)

2. impurities influencing crystal growth;
3. the density of the growing phase nőt being uniform (higher in internál 

regions) so that it is time dependent.
In the latter case the Avrami equation must be modified by a term taking 

intő account the time dependence of ps:

— =exp(—zt4 At-”), (6-25)

where At~m describes the time dependence of ps.
If m = 0, Eq. (6.25) is equal to the original Avrami equation. If m = 0 the 

resulting Avrami exponent cannot be regarded as an unambiguous 
characteristic of crystal nucleation and growth.

4. molecular mass distribution can influence crystallization kinetics. 
Studies by Banks on poly(ethylene oxide) were repeated by Hay et al. in 1969. 
According to their experiments the Avrami exponent can be altered by 
fractionation. Values of n = 2, 2.5 and 3 were obtained. The existence and 
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significance of such fractional exponent is still unexplained. If n = 4 is obtained 
in an experiment, branching of fibrils occurs at small angles. Under these 
conditions growth packing is so dense that the density of the crystallized 
phase does nőt change, consequently the assumption that nucleation is 
random and growth is spherulitic appears to be justified.

The Avrami analysis yields interesting results concerning the time 
dependence of the crystallization process and is applicable even when the 
growing units cannot be observed by microscope. Whereas somé of the 
conclusions may be disputed the analysis is largely correct and forms a useful 
means of tackling situations where other practical methods cannot cope.

The eífect of external variables such as melting temperature, molecular 
mass and plasticizers can be studied quickly be the Avrami method. Often the 
determination of half-times is enough to solve technological problems.

Cases when the Avrami equation is applicable bút with fractional 
exponents can lead to a better understanding of growth mechanisms. 
Phenomena of this kind are under investigation, and the analysis of these 
results is expected to provide new information about fibrillar morphology.

6.7. SECONDARY CRYSTALLIZATION
*

Crystallization does nőt always end as predicted by the Avrami equation, 
which can only be applied to primary crystallization, after this process there 
occurs a secondary crystallization which lasts fór a considerable period of

Fig. 6.6. Crystallization of various polyethylene samples as a function of time. Deviation from the 
Avrami equation can be seen in the final stage of transformation. (After Rabesiaka and Kovács 
1961.)
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time. Fig. 6.6 demonstrates a secondary crystallization process of this kind, 
where Avrami plots are presented versus time fór 4 polyethylene samples.

In the case of secondary crystallization the crystallinity-time relation­
ship can be given by the formula:

x = C + Dln(t—10) (6.26)

where x is the crystalline mass fraction at time t, t0 the beginning of the 
secondary crystallization process, C and D empirical constants.

Eq. 6.26 is, of course, only an approximation, since x does have a limiting 
value, it cannot fór example be greater, than 100%.

In somé polymers, such as poly(ethylene terephthalate) or poly(ethylene 
adipate) no secondary crystallization occurs, in other cases (polyethylene or 
polyamides), however, it takes up almost one half of the totál crystallization 
process, and thus cannot be neglected.

Fig. 6.7. Crystallization of polyethylene at elevated pressures. (After Matsuoka 1960.)

Fig. 6.7 shows the crystallization of polyethylene at high pressures. In 
this case nőt only the Avrami plots, bút the isotherms themselves show the 
presence of secondary crystallization. Both the increase of crystalline fraction 
and a continuous perfection of the already existing crystallites have been 
offered as explanations of the underlying mechanisms. The second hypothesis 
seems to be the most probable, the perfection process can be monitored by the 
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increase of long-range order, the chain folding distance, so that the 
development of larger and more perfect crystals can be demonstrated.

Secondary crystallization plays a prominent role in fibre-producing 
technologies (annealing).

6.8. NUCLEATION

6.8.1. Types of nucleation

Two types of nucleation have been observed: homogeneous and heterog- 
eneous. Homogeneous nucleation means that polymer chains can aggregate 
spontaneously below the melting point. After reaching a critical size nuclei of 
this sort can begin participating in crystal growth processes.Distribution of 
these nuclei is random, and their generation is usually a first order function of 
time (Eq. (5.1)).

Heterogeneous nuclei start from impurities either distributed in the 
polymer or located at surfaces, frequently the wall of the Container. In this 
case nuclei form simultaneously as soon as the sample reaches the 
crystallization temperature, and time dependence of nucleation is a zero order 
function. <

6.8.2. Size of growing units

The number of nuclei determines the maximum size of crystallizing units. In 
the case of heterogeneous nucleation the final average volume of crystallized 
units, 0 can be calculated by dividing the final volume, E® by the number of 
nuclei, N'V0 where N' is the number of nuclei per unit volume, and Eq the 
initial volume:

(6.27)

If the nucleation is homogeneous, new nuclei form during the growth of 
previously formed units, the relation being more complicated, approximately:

(6.28)

where N is the nucleation constant per unit volume (see Eq. (6.1)), and G the 
growth constant (Eq. (6.2)).
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The number of nuclei, and hence that of formed crystallites has been 
shown to influence the physical properties of many crystalline polymers. The 
size of spherulites in the crystallized product can vary due to artifical 
nucleating agents.

6.8.3. Homogeneous nucleation

The relationship between nucleation rate and temperature according to
Turnbull and Fischer is:

N = No exp
ed
kT kT ) (6.29)

where £D is the activation energy at the surface of the nucleus, G* the Gibbs 
energy needed fór the formation of critical nuclei; AG* is proportional to 
T^/A T2 where Tm is the melting point, A T the overcooling (nucleation rate 
increases with increasing overcooling). No is a matériái constant, rate of 
nucleation if the exponent is zero, k the Boltzmann constant, and T the 
absolute temperature.

Fig. 6.8. Dependence of nucleus formation rate on the degree of undercooling.

At lower temperature E^/k Tbecomes dominant, the activation energy, 
En, decreases in proportion to temperature, thus nucleation slows down. 
Fig. 6.8 shows the rate of nucleation as a function of temperature.
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6.8.4. Heterogeneous nucleation

Impurities, nuclei of external origin, frequently play a decisive role in poly­
mer crystallization. In the case of fibre-forming polymers, such as polypropy­
lene and polyamide, crystallization sets out from heterogeneous nuclei. If 
nucleation is independent of time, nucleation is usually assumed to be 
heterogeneous. If, however, nucleation is time dependent—fór example 
exhibits a linear function of time—, it does nőt necessarily mean that 
nucleation is homogeneous. There are numerous data showing that even time 
dependent nucleation can be heterogeneous.

Price et al. carried out interesting experiments to prove the presence of 
heterogeneous nucleation. Small polyethylene particles were dispersed in an 
inért liquid médium and melted by increasing the temperature of the médium. 
If the dispersion is fine enough and nucleation is heterogeneous, somé of the 
molten polyethylene droplets are nőt likely to contain a nucleating centre. 
The polyethylene involved in the experiment crystallized rapidly at 125 °C in 
búik form. This corresponds to about 13°C overcooling. In dispersed form, 
according to microscopic observation, somé of the droplets crystallized 
between 120 °C and 125 °C. The majority, however, did nőt crystallize until 
90 °C, corresponding to about 50 °C overcooling. This value is 35 °C higher 
than the normál overcooling (Fig. 6.9).
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Fig. 6.9. Crystallization of polyethylene droplets as a function of the crystallization temperature. 
n/n0 denotes the ratio of crystallized droplets. Polyethylene droplets were dispersed in an inért 
médium. (After Cormia et al. 1962.)
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This experiment demonstrates that homogeneous nucleation plays 
practically no role in búik crystallization of polymers.

Heterogeneous nuclei do nőt necessarily differ chemically from the 
polymer melt, a difference appears perhaps only in physical order and melting 
point. Obviously these units survive even at temperatures somewhat higher 
than the melting point of the polymer, and reappear instantaneously on 
cooling.

6.8.5. Artifical nucleating agents

Nucleation density in polymers may be controlled. This is important from 
a commercial point of view as well since it means that the final size of the 
growing units can be predetermined, and this in turn allows somé control 
over the properties of the final product.

Artifical additives controlling nucleation have been discovered empiri- 
cally, and interestingly, their structure has no relation to that of nuclei formed 
spontaneously in polymers.

The effect of nucleating agents on the spherulite size of 
polyamide-6

Table 6.2

Spherulite diameter, pm

Nucleating agent 0/ /o 150 °C 5°C
Crystallization temperature

Base polymer — 50—60 15—20
Polyamide 6/6 0.2 10—15 5—10

1.0 4—5 4—5
Poly(ethylene terephthalate) 0.2 10—15 5—10

1.0 4—5 4—5
Pb3(PO4)2 0.05 10—15 8—10

0.1 4—5 4—5
0.5 4—5 4—5

NaH2PO4 0.05 5—10 3—7
0.1 3—7 3—5
0.5 5—7 3—5

Na7P5O16 0.05 5—6 4—6
0.1 4—5 3—5
0.5 6—9 5—8

TiOj 0.05 20—25 5—10

After Inoue 1963.
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Various polymers show different degrees of compatibility with artifical 
nucleating agents. It is relatively easy to insert artifical nucleating agents intő 
polyamides, bút in the case of polyethylene it is more difficult. Fór polyolefins 
nucleating agents can be colloidal silica-gel or a variety of salts (fór example 
aluminium sulphate). In the case of polyethylene nuclei can be formed by 
dispersing íme polypropylene powder in the polymer.

Inoue (1963) studied the effect of different nucleating agents on nylon-6. 
His results are summarized in Table 6.2.

Spherulite divmeter, pm

Fig. 6.10. The effect of spherulite diameter on the flow point in polyamide 6/6, N is the number of 
spherulite interfaces (After Starkweather and Brooks 1959.)

Artifical nucleating agents are being used more and more frequently by 
the plastics and synthetic fibre industry. The relationship between spherulite 
size controlled in this way and the yield stress is demonstrated by Fig. 6.10.

6.9. THE GROWTH PROCESS DURING
CRYSTALLIZATION

6.9.1. General mechanism

The crystal growth process, as we have already seen, can result in a variety of 
structures. In describing the growth process we shall limit ourselves to more 
characteristic mechanisms fór the sake of simplicity.
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Crystal growth of low molecular compounds is usually described in the 
following way: molecules reach the crystal surface by diffusion, where they 
adsorb and reach the minimál free energy position by migration, that is, the 
part of the surface where growth is nőt yet finished. This process is shown in 
Fig. 6.11a. This relatively fást process stops fór a while when the layer is 
saturated. Then the next step is the rate limiting process, formation of a new, 
secondary nucleus on the filled layer (Fig. 6.116). The rate of formation of 
secondary nuclei is a similar function of overcooling as in the case of primar y 
nuclei (Eq. (6.29)). There is only one difference; here the nucleus is only two 
dimensional, and so the logarithm of rate is proportional nőt to 1/4 T2, bút to 

\jAT. So that:
A B 

growth rate = exp(— — - ——
1 TAT

(6.30)

where m = 1 if nucleus formation is two-dimensional. Owing to the exponen- 
tial dependence, slight overcooling does nőt result in significant growth. 
Later, however, even a relatively small change in AT increases the growth 
rate sharply (see Fig. 6.8).

Fig. 6.11. Crystal growth process in a low molecular matéria!, a The molecule diffuses to the 
growing surface then migrates to the low free energy points; b those molecules which are to form a 
new, secondary nucleus, before the new growing step begins. (After Mullin 1961.)

Fig. 6.12. Spirál form crystal growth by screw dislocation mechanism. a Crystallization starting 
al crystal defects; b molecules crystalhzing in a spirál form (top view); c spirál growth (sídé view).

(After Mullin 1961.)
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In practice many low molecular compounds crystallize according to Eq. 
(6.30), bút there are many exceptions as well. Frank has shown that crystal 
defects on the growing surface are low energy points where crystallizing 
molecules can easily bind. Precipitating molecules regenerate the crystal 
defect, and the crystal grows in the form of a spirál without any need fór 
secondary nucleus formation (Fig. 6.12). These growth processes based on 
screw dislocations are less sensitive to temperature. Their growth rate can be 
described by the empirical relation:

growth rate = A A T2 (6.31)

where A is a matéria! constant.
In the case of low molecular materials there exists a third possible 

mechanism, where the diffusion of molecules to the growing surface is the rate 
determining step. This mechanism will nőt be treated in detail here.

6.9.2. Growth of polymer single crystals

Polyethylene single crystals grown from dilute Solutions form by chain 
folding, that is, folding of the molecular chains at uniform, regular distances, 
the backbone carbon chains being essentially perpendicular to the crystal 
planes. Accofding to Holland and Lindenmayer crystal growth is pro- 
portional to time, that is, the process is a first order function of time. This 
means that the rate-determining step is nőt diffusion, since if that were the 
case the exponent would be smaller than unity. It has alsó been shown that the 
growth rate depends on temperature according to Eq. (6.30), that is, it 
proceeds via secondary nucleation.

6.9.3. Relationship between single crystals and spherulites

The study of single crystals has led to the discovery of chain folding as a 
generál crystallization form fór polymers. From Solutions of greater than 
0.1% concentration, instead of single crystals, spherulite-like structures form 
on cooling. In these cases, growth is of course more complex. Similar 
complications can occur in dilute Solutions if unfractionated samples are 
used, if the solution is stirred, or perhaps if temperature control is nőt 
satisfactory. The growth process itself can change during crystallization, as 
single crystals are highly irregular in the early stage. Other examples are 
known, where morphology of growing units or even crystallization kinetics 
change during the crystallization process.
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6.9.4. Crystallization from the melt

In order to interpret structures crystallized from melts it is first necessary to 
know how the growth rate depends on temperature. As we have already seen 
the two probable mechanisms—secondary nucleation and spirál growth— 
vary characteristically with temperature (Eqs (6.30) and (6.31)).

It has been established earlier that rate of crystallization in rubber 
increases on cooling. The maximum rate is reached at — 23°C, below this 
temperature the growth rate decreases and reaches zero close to — 50 °C 
(Wood and Bekkedahl 1946).

Crystallization rates fór synthetic polymers during slight overcooling 
depend on temperature according to Eq. (6.30), that is, secondary nucleation 
occurs.

Fig. 6.13 shows as an example the spherulite diameter as a function of 
time fór polypropylene crystallized at 125 °C.

Time, min
Fig. 6.13. Growth of a polypropylene spherulite at 125°C. (After Keith and Padden 1964.)

Crystal growth proceeds according to a secondary nucleation mechan- 
ism. Somé uncertainty springs from the fact that the melting point is nőt 
sharp, it is therefore difficult to decide whether m is 1 or 2 in the equation, that 
is, the dimensionality of the secondary nucleus is 2 or 3. This question is still 
open to debate, to settle it one way or the other a much more precise method 
would be needed fór melting point measurements. In any event, fór the study 
of polymers in spite of the high viscosity of the polymer melt, the rate 
determining process ofspherulite growth is nőt diffusion, as this would lead to 
a t1/2 type of time dependence.
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The radial growth rate always exhibits a maximum as a function of 
temperature, an example is that of polyamide-6 shown in Fig. 6.14.

Growth thus proceeds according to Eq. (6.30), via a secondary nucleation 
mechanism.

It is interesting to investigate how this temperature dependence 
influences the final size of growing units. According to Eq. (6.28) this

Fig. 6.14. Temperature dependence of the spherulite growth rate in polyamide-6. (After Magill 
1961.)

paraméter depends on the ratio of nucleation constants (G/N), during 
homogeneous nucleation. So that final dependence is determined by the 
temperature dependence of G relatíve to N, both being related to nucleation 
(primary and secondary nucleation respectively).

Secondary nucleation must be more rapid than primary, especially if the 
secondary nucleus is only two-dimensional. It is now generally accepted that 
since both G and A represent similar processes, their temperature dependence 
is probably alsó similar, their ratio being independent of temperature. In 
contrast to the generál opinion that a higher crystallization temperature leads 
to large spherulites, in somé cases a constant G/N ratio has been observed, 
when spherulitic size is independent of temperature. If this is nőt the case, it 
can probably be explained by non-random, instantaneous nucleation. If 
nucleation is instantaneous (heterogeneous), spherulitic size is independent of 
growth rate (see Eq. (6.27)). Nucleation density increases with decreasing 
temperature leading to a decrease in the average spherulitic size.
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6.9.5. Mechanism of spherulitic growth

After establishing that secondary nucleation is the rate determining step in 
spherulitic growth, we have to take a closer look at how this leads to the 
formation of the fairly complicated structures described earlier.

Spherulitic growth was first observed in low molecular compounds 
during the last century.

Keith and Padden generalized the earlier results obtained on low 
molecular materials and published their ideas about the generál mechanism 
of spherulitic growth.

Two important requirements of this mechanism are the high viscosity of 
the crystallization médium, and the presence of somé impurity nőt being able 
to participate in the growth process. In the case of low molecular materials 
this component can be added to the system or can be present originally, it can 
even be the solvent itself. In polymer melts there are always branched or 
atactic components present less amenable fór crystallization as compared to 
the pure polymer, so they do nőt build intő the crystal during the growth 
process.

Somé peculiar characteristics of spherulites could be studied by slowing 
down the growth process, fór example, by reducing the overcooling. It should 
be observed (see Fig. 4.15) that fibrils grow from the central nucleus, normally 
by small angle branching, and sometimes by twinning.

Keith and Padden explained the growth process in the following way. 
impurities do nőt build intő the growing parts, and, as a result, narrow lobes 
penetrating deep intő the melt develop, which grow further only if they meet 
crystallizable matéria!. This phenomenon is well-known in metals where these 
lobes allow cellular structures to develop. In polymers, because of the high 
viscosity these lobes become fibrils.

The diameter of these fibrils is determined by two factors, diffusion of 
non-crystallizing molecules from the growing surface to the melt, and by the 
growth rate. A paraméter, ö has been introduced which is the ratio of diffusion 
and growth constants (D/G). This gives a rough approximation oí the fibril 
diameter. The ö value fór polymers is 1 /zm or less. Growing fibrils can expand, 
bút if they become too wide (wider than ő), the growing surface becomes 
unstable. This leads to scission and branching, bút the angle between the new 
units is usually small. This mechanism explains satisfactorily spherulitic 
growth and alsó describes the observed properties. It follows (rom these 
observations that ö should increase with decreasing G. In fact it has been 
observed that the fibril diameter does increase with decreasing growth rate.
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A growing surface meets an unchanging environment during the growth 
process, so that the growth rate will be constant (Fig. 6.15) provided that 
impurities are nőt present in high concentrations, or that they do nőt become 
concentrated in the first stage of the growing process. If impurities are 
concentrated, they occur between the growing units, and if they are too close 
to each other, the growth process slows down. Under normál circumstances 
this is readily measurable, as shown in Fig. 6.15.

Fig. 6.15. Radial growth of a polypropylene spherulite in the presence of a large amount of 
impurity. Impurity in this case is atactic polypropylene. (After Keith and Padden 1964.)

Direct experiments to study the incorporation of radioactive impurities 
have alsó been performed. Results show that these indicators concentrate at 
the interface of spherulites at the end of the crystallization process. Thus 
spherulites appear to form single crystalline nuclei, or from several layers of 
single crystals. Nuclei become unstable and begin to grow if ö reaches the 1 ^m 
limit. Subsequently growth is ftbrillar with branching, which leads eventually 
to spherical symmetry. Fibrils are in fact elongated single crystals consisting 
of földed chains. Molecular chains are approximately perpendicular to the 
growth direction, which explains why the chains in the spherulite are 
tangential.

Interfibrillar regions abundant in impurities either do nőt crystallize or 
do so at a much lower speed. If crystallization is slow, the Avrami kinetics 
become more complicated, and this phenomenon is probably responsible fór 
secondary crystallization.
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6.9.6. The effect of annealing on spherulitic structure

The structural effects of annealing in polymers, especially in synthetic fibres, 
are nőt completely understood. Annealing close to the melting point leads to 
partial melting and increases chain mobility. Since the melting point is Tm 
— AH/AS and the melting heat of polymers is nőt substantially different from 
their monomers, it is reasonable to assume that the melting heat differences 
among polymer molecules themselves are even less, and that melting 
entropies are likely to be different. This means that melting point differences 
are nőt due to differences in molecular mass, bút to differences in molecular 
order. The melting point of incompletely crystalline polymer areas is 
significantly lower than that of the crystalline regions.

Partial melting is accompanied by recrystallization. In polyethylene, fór 
example, annealing close to the melting point first causes partial melting 
followed by further crystallization (Fig. 6.16).

Very close to the melting point, Tm, the specific volume of the sample 
increases rapidly with time, and then remains constant even after very slight 
cooling. At lower temperatures the plateau value of specific volume begins to

Fig. 6.16. The effect of annealing on the specific volume of polyethylene as a function of time. 
(After Gubler et al. 1963.)
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decrease after somé hours because of recrystallization, and the írnál value can 
be even lower than the original. At even lower temperatures the plateau 
disappears, the initial increase in specific volume being followed by a decrease 
giving a peak value at a relatively short time.

The annealing process consists of partial melting and recrystallization, 
and its result is influenced by earlier crystallization, and turthermore by the 
melting point of crystalline areas already present.

From a morphological point of view melting is nőt simply the inverse 
process of crystallization. Crystallization means nucleation and growth, while 
melting occurs simultaneously at all crystallized parts of the spherulite. At 
interfaces, of course, where incompatible impurities are concentrated, melt­
ing proceeds faster.

The processes accompanying annealing can be studied using mono- 
crystals. Annealing of single crystals alsó leads to secondary crystallization, 
indicated by the increase in density after a transient decrease (Fig. 6.17).

The chain-folding length detected by small angle X-ray scattering 
experiments increases during recrystallization. This has already been 
discussed in another context with Fig. 4.24. According to Fischer s results this 
paraméter fór annealed polyethylene increases from 10 nm to 50 nm. The 
increase is very rapid above 110°C (Fig. 6.18).

In melt-crystallized samples detection of folding lengths by electron 
microscopy is difficul t, since it is necessary to use fracture surfaces or Chemical

Fig. 6.17. Time dependence of the density of polyethylene single crystals at various annealing 
temperatures.
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etching. These methods can themselves altér the structure, bút small angle X- 
ray scattering yields results similar to single crystals, consequently presum- 
ably the effect of annealing is similar fór búik polymers.

As the density change in annealing is similar to that during secondary 
crystallization, the t,wo processes are usually assumed to be similar.

Fig. 6.18. Dependence of the long period of polyethylene single crystals on the temperature of 
annealing.

6.10. MELTING OF POLYMERS

High molecular crystalline materials do nőt melt at a single, well-defined 
temperature, bút over a fairly wide temperature interval.

Fór the melting point of these materials the Thomson equation is valid: 

' m 1 m 1-
2a,. \ (6.32)

where Tm is the melting point related to a lamellar thickness, D; is the 
melting point fór an infinite crystal, <re the surface energy of the base pláne 
involving chain folding, AHm the melting enthalpy per unit volume, and D the 
actual lamellar thickness.
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Assuming that the heat uptake during the melting process is pro­
portional to the lamellar fraction calculated from the Thomson equation, 
Wlochowitz and Eder (1984) developed a method to determine the lamellar 
thickness, D, distribution. The essence of this method is that from the 
temperature dependence of the DSC melting curves a lamellar thickness 
distribution curve is calculated using the Thomson equation. Fig. 6.19 shows

Fig. 6.19. Lamella distribution of a PE sample, crystallized at different temperatures.

500 , 1000
DA)

the lamellar distribution curve calculated by this method fór a polyethyle­
ne sample crystallized at different temperatures. Constants used fór the 
calculation are as follows:

Tm = 4l5 K, <re = 60.9 x l0~3 J/m2, zl/7m = 2.88 x 10"8 J/m3.

Vertical lines shown on the Figure at the peaks denote folding periods 
calculated from small angle X-ray diffraction measurements. This lamellar 
thickness value can be calculated from the long period L, using the formula:

D = xL (6.33) 

where x is the crystalline fraction.



CHAPTER 7

Molecular structure 
of polymers

7.1. OPTICAL AND X-RAY LEVEL STUDIES

So far the solid state order of polymers observable by optical or electron 
microscopy has been discussed at length. This level of arrangement is called 
supermolecular to distinguish it from the molecular structure which describes 
the relative position and orientation of molecular chains. Molecular ordering 
begins at about 1.0 nm, and is studied mainly by X-ray diffraction. These two 
levels of ordering are usually referred to as optical and X-ray levels. It should 
be noted that the X-ray level includes the determination of atomié positions 
within the crystals (crystallographic analysis), and that it corresponds to 
molecular and atomié ordering, the main method of investigation being X-ray 
diffraction with, to a lesser extent, electron diffraction.

Determination of atomié order in crystals is the main goal of crys- 
tallography, and this is essentially the same in inorganic, organic and 
macromolecular materials. The crystallographic area will nőt therefore be 
dealt with in detail, only from the point of view of molecular structure. 
Molecular ordering, however, will be thoroughly discussed, and the tech- 
nique normally used is X-ray diffraction.

7.2. RELATIONSHIP BETWEEN LIGHT
AND X-RAY DIFFRACTION

The basis of X-ray diffraction investigations is the fact that, under the action 
of X-rays, electrons in the atoms become excited and irradiate energy, thus 
forming secondary radiation centres. (The radiation is scattered on the 
electronic shells of the atoms.) These secondary waves interfere depending 
upon the relative positions of the scattering centres. From the position and 



230 Molecular structure of polymers Ch. 7

intensity of these interferences, the type and position of the electronic clouds 
(of the atoms) can be determined.

Characteristic distances observable by optical microscopy are around 
100 nm, by electron microscopy 0.15-2.5 nm, and by X-ray diffraction 0.01 
nm. The majority of our knowledge about atomié positions and intra- 
molecular distances is gained from X-ray diffraction measurements.

X-ray diffraction is the analogue of light diffraction. If a monochromatic 
light beam is passed through a grating of grating constant, a, interference 
lines appear on a photographic plate displaced at a distance, t, from the 
grating. If the distance / of the interference line from the centre, and the 
wavelength are known, the optical grating constant, a, can be calculated.

Fig. 7.1. The schematic representation of light diffraction on a grating.

Fig. 7.1. clearly shows that if interference appears at a distance, l, from 
the centre line, the path difference, AS, between the neighbouring scattering 
centres must be equal to nL From the path difference, and the scattering 
angle, <p, the grating constant, a can be calculated:

dS = nA = asin <p, (7.1)

/ 
tan <p=

t
(7.2)

At small angles:

/ 
tan ©asm ipx -, 

t

nA nAt
a= - ----= T- sin tp------ /

(7.3)

(7.4)
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It should be noted that the measurable quantities, / and t, are in the order 
of centimeters and meters respectively, whereas the calculated grating 
constant and the wavelength are in the order of micrometers. So, fór ex­
ample, if 1= 100 mm, í=3000 mm, 2 = 0.0005 mm (0.5 /zm) and n — 1, that 
is, from the first interference line, then:

3000 0.0005
a —----------------=0.015 mm.

100
According to the theory of diffraction the wavelength of the applied 

radiation, independent of its kind must be close to the dimensions to be 
observed. This means that X-radiation with a wavelenth of 0.1 nm gives 
information concerning dimensions of around 0.1 nm. This relationship can 
be given in a more exact way, such that:

R * 
4n sin 0 ’

(7.5)

where 0 is the diffraction (or Bragg) angle, and is equal to half of the angle 
between the incident and observed radiation, whereas R is the dimension to 
be studied (Frenkel 1968).

Using this Debye criterion one can predict precisely the wavelength 
necessary to study a certain kind of structural order in advance, provided that 
the order of magnitude of the periodicity is known. In practice it means that 
spherulites are studied using visible light, while structures falling below X-ray 
level are studied by electron diffraction.

X-ray studies are very important in fibre production. Investigating the 
conditions fór fibre formation, Happey (1951) formulated the following three 
criteria:

1. The polymeric raw matéria! has to be soluble or fusible.
2. The polymer has to be orientable.
3. The orientation has to be uniaxial.

Points 2. and 3. can be studied easily by X-ray diffraction.
Processes during fibre drawing and annealing can be followed by X-rays. 

The majority of our knowledge about chain structure is gained from X-ray 
studies.

Before going on to a discussion of X-ray techniques, mention should be 
made of different ideas concerning crystallinity in fibres. Kargin (1940) had 
the opinion that the presence of crystallinity in fibres, especially in cellulose 
fibres, is doubtful. This opinion was based on the theoretical expectation that 
interference lines should become sharper with decreasing wavelengths (fór 
example, in electron diffraction). Such an effect has nőt been observed in 
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practice and has led to continuing discussion in the Soviet Union. The 
opposite opinion, which is accepted by this author, has been stated by 
Kitaigorodsky. According to him, the only criterion fór crystallinity is the 
presence of three dimensional order as indicated by X-ray diffraction 
(Kitaigorodsky 1952). It should be said, however, that this is a suffícient, bút 
nőt necessary condition. The presence of crystallinity has been demonstrated 
fór example in polyamides where the crystallites were too small to produce 
well-resolved interference lines, yet their presence has been unambiguously 
demonstrated by differential scanning calorimetry (Bodor 1969).

7.3. BASIC NOTIONS OF X-RAY DIFFRACTION

The basic equation of X-ray diffraction is the Bragg formula:

nÁ = 2dsin0, (7.6)

where n is the order of reflection, 2 the applied wavelength, d the distance 
between the atomié planes, and 0 the Bragg angle, that is, half the angle 
between incident and diffracted beams.

It should be noted that d is an interplanar distance between atomié 
planes, nőt an interatomic distance. This difference is explained by Fig. 7.2. 
Atomié planes are usually characterized by the Miller indices. These indices 
describe the intercepts of the given pláne with the crystallographic axes and 
are related to the unit cell dimension. (The unit cell is the smallest repeating

Fig. 7.2. Two dimensional lattice with lattice constants a and 6, and with atomic planes of 
different indices.
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volume unit.) Fig. 7.2. shows the [110], [010], [120] and [220] planes. The 
first index refers to axis a, the second one to axis b, the third one is zero, as axis 
c is zero in the case of two-dimensional lattices. The [110] pláne is thus a 
crystalline direction which intersects the a and b axes at a distance of la, and 
\b from the origin of the unit cell. All other lines running parallel with this 
direction are equidistant from one another, r/]10, and are all characterized 
by the same subscripts [110], Similarly, í/120 denotes the distance between 
planes which intersect the crystalline axes at la and 2b respectively. Atomié 
planes have a similar meaning in three dimensions. As an example the [111] 
pláne of a cubic unit cell is shown in Fig. 7.3.

Fig. 7.3. A three dimensional lattice and the </IH atomié pláne.

The positions of diffraction spots are determined by interplanar spacings 
obeying the Bragg equation; their intensity being determined by the number 
and type of atoms lying on the pláne. The aim of structural analysis is to 
identify the lattice which gives a particular diffraction pattern, from the 
positions and intensities of the diffraction spots. The lattice cannot always be 
reconstructed from the diffraction pattern unequivocally, and even in cases 
where the molecule is nőt considered complex, it requires cumbersome 
calculations.

Nőt all interplanar distances can be related to a diffraction spot. 
Depending on the spacial grouping of the crystal, systematic extinctions may 
occur, fór example, in the case of certain spacial groups only even reflections 
appear along the b axis (Kakudo and Kasai 1972).

Figs 7.2 and 7.3 clearly show that in this representation one pláne is 
plotted several times, and that planes with higher indices are crowded around 
the origin of the unit cell. It seems reasonable therefore to introduce the so- 
called reciprocal lattice, which gives a clearer representation, where all planes 
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with the same indices refer to a single point only, and, as we shall see later, are 
directly related to the X-ray diffraction pattern.

The reciprocal lattice is such a set of points, where all atomic planes are 
denoted by a separate point. Such a point lies on a line perpendicular to the 
atomic pláne, at a distance of Á/d from the origin. Thus, fór example, the 
reciprocal lattice of a two dimensional lattice is shown in Fig. 7.4. The lattice

*320 *220 *120 *020 *120 *220 *320 *420

*310 *210 *110 *0W *110 *210 *310 *41o

300 200 100 
b'

a*
000 *100 *200 *300 *400

*310 *210 *110 *010 *110 *210 *310 *410

*320 *220 *120 *020 *120 *220 *320 *420 

*330 *230 *130 *030 *130 *230 *330 *430

Fig. 7.4. The hkO section of the orthorhombic reciprocal lattice.

(KO) Planes
Fig. 7.5. The hkO planes of the monoclinic reciprocal lattice together with the unit cell.
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constants of the reciprocal lattice are usually denoted by stars. a ,b ,c . (d 
= A/d, and in orthogonal systems a* = A/a, b* = ^b, c* = ^c\

The relationship between the reciprocal lattice and the crystallographic 
planes in a monoclinic crystal is shown in Fig. 7.5. The points identify the reál 
lattice points, while the squares represent the reciprocal lattice. The points 
with higher indices are farther from the origin, and vectors directed from the 
origin to the reciprocal lattice points are perpendicular to the crystal planes. 
In non-orthogonal systems the directions of crystallographic and reciprocal 

lattice axes are different.
The reciprocal lattice will be investigated more thoroughly in sub- 

sequent sections. What is to be emphasised here is that it is nőt simply a 
convenient device, bút is pivotal in the diffraction phenomenon. Fór example, 
the diffraction pattern obtained from a single crystal using a Buerger camera,

Fig. 7.6. One reciprocal lattice pláne of the e-aminocaproic acid on a photograph obtained with a

Buerger camera.

is an undistorted picture of the reciprocal lattice (Fig. 7.6). This camera and 
the corresponding procedure is used fór the study of monocrystals, bút the 
principle is alsó important in understanding polymer X-ray diffraction.
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7.4. CONDITIONS FÓR INTERFERENCE AND GEOMETRY 
OF THE INTERFERENCE PATTERN

Fór the sake of simplicity it is useful to study a linear array of atoms, and find 
the conditions fór interference with this geometry. If the lattice constant (the 
identity period) of this one dimensional lattice is a, and the incident radiation 
is perpendicular to the linear array, then interference will occur as described 
by the following equation (see alsó Chapter 7.2 on light diffraction):

AS = nX = asin cp, 

or with the auxiliary angle:

nÁ = a cos 0

(7.1)

(7.7)

Fig. 7.7. Scattering of radiation from a point array. a Conditions fór interference if the incident 
radiation is perpendicular to the point array; h the layer lines of the interference pattern; c 
conditions fór interference if the incident radiation is nőt perpendicular to the point array; d layer 
lines of the interference pattern in case c.
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where $ is the angle between the point array and the diffraction direction (Fig. 

7.7a).
One can see that the first, or zero order diffraction appears in the di­

rection of the incident beam, symmetrically around the point array; the first 
(„ = 1 or - 1) and second (n = 2 or - 2) order diffractions ranking conically up- 
wards and downwards from the direction of the incident radiation (Fig. 7.7b).

If the incident radiation is nőt perpendicular to the point array, then the 
condition fór diffraction is modified according to Fig. 7.7c:

n2 = acos<P — a cos©.

In this case diffraction is no longer symmetrical, bút the diffraction cones 
appear similarly to the previous case (Fig. 7.7d).

Fig. 7.8. Appearance of diffraction cones a on fiat film, b in a cylindrical camera.

When fiat recording films are used, the diffraction cones are distorted to 
hyperbolic curves (Fig. 7.8a). Should cylindrical films be used (Fig. 7.8b) the 
intersection of the cones with the cylindrical surface yields circles, on fiat 
film these give straight lines. These lines are referred to as layer lines. and 
are labelled according to the notation of Fig. 7.7.

In practice X-rays are scattered by three-dimensional crystalline lattices, 
nőt one dimensional point-arrays. Three-dimensional lattices can be 
represented by three-dimensional atomié arrays, “synthesized írom three 
one-dimensional arrays. (Mathematically it can be regarded as the convol- 
ution of three one-dimensional point arrays.) All the linear arrays produce 
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their diffraction cones, and reflections appear where the three cones intersect 
one another (Fig. 7.9).

A diffraction photograph fór single crystals is outlined in Fig. 7.10. Fór a 
better understanding of single crystal diffraction photographs we have to get

Fig. 7.9. Superposition of scattering cones in a three-dimensional lattice; a, c, f scattering cones of 
an individual point array; b, d, g intersection of cones with the fiat film; e superposition of two and 
h three point-array diffraction cones on a fiat film; i condition fór the appearance of an 
interference reflection, when the three cones intersect in a single point.

acquainted with the relationship between interference conditions and the 
reciprocal lattice and with the reflection sphere.

As we have seen, the condition fór interference-spot formation is the 
simultaneous intersection of three conical surfaces at one point. These 
conditions can be determined mathematically using this geometric picture 
and analytical geometry, bút the solution is more simple if the reciprocal 
lattice is used. It was Ewald (1921) who first demontrated the simple 
relationship between the reciprocal lattice and the Bragg equation.
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Take a circle with unit radius and centre C (Fig. 7.11). If radiation enters 
the circle at point P, and, passing through point C, reaches the crystal placed 
at point 0, and if the angle between the atomié planes and the radiation is 
equal to 0, the diffraction will appear at 20, so long as the conditions fór 
diffraction are fulfilled. It can be shown that these conditions are met if one 
point of the reciprocal lattice with origin 0 touches the circle.

Fig. 7.10. Schematic of a single crystal X-ray analysis.

Fig. 7.11. Relationship between the reciprocal lattice and the Bragg-law.
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Let a reciprocal lattice point on the circle be N. This point, according to 
the definition of the reciprocal lattice lies on a straight line perpendicular to 

the atomic pláne, at a distance - from the origin. The angle ONP, according

to the Thales theorem, is a right angle. The ratio ON /OP is equal to — and

NP is parallel to the crystallographic planes, since ON is perpendicular to 
both. Angle NPO is thus equal to 0, that is, the angle between the incident 
radiation and the crystallographic planes:

sin 0= (7-6)

according to the Bragg equation.
It has been shown that such crystallographic planes which lie on the 

reflection circle fulfill the conditions of diffraction. The reflection circle has 
been introduced fór the sake of simplicity, bút the proof is equally valid fór a 
sphere with unit radius. Such spheres, because of the properties referred to 
above, are known as reflection spheres. The direction of the reflected beam 
runs parallel to the line drawn from the centre of the sphere to the reciprocal 
lattice point. Physically the lattice scatters radiation from point 0, bút 
calculations are easier if performed from the centre of the reflection sphere. It 
can be shown that CN is parallel to the scattered radiation; since the angle 
OPN is equal to 0 and CP is equal to CN, thus the angle CPN and PNC 
are equal, and angles NCP and OCN are zr-20 and 10 respectively.

Diffraction can thus be regarded as the coincidence of the reflection 
sphere surface with the reciprocal lattice points. The positions of the incident 
radiation and crystal define the position of the reflection sphere.

7.5. TYPES OF X-RAY DIFFRACTION PHOTOGRAPH. FIBRE 
DIAGRAM

As we have seen, the atoms of a single crystal give interference only under 
specific conditions. These are that the Bragg conditions should be fulfilled, 
or in other words, the reciprocal lattice point should touch the surface of the 
Ewald-sphere. Therefore, if a fixed single crystal is illuminated with a 
monochromatic X-ray beam, very few, if any, interference spots will be 
observed on a film placed around the crystal. I n order to get several reflections 
fór data processing the following techniques may be applied:
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1. The position of the single crystal should be fixed, and the radiation nőt 
monochromatic, bút continuous (Laue photographs).

2. The radiation is monochromatic, bút the position of the crystal is 
changed systematically (rotation or precession photographs).

3. The radiation is monochromatic, bút the sample is in powder form 
instead of single crystal, and as a result, reflecting planes with all orientations 
occur (powder-photographs).
The last two techniques can be applied to evaluate interplanar distances 
using the Bragg equation.

Rotating the crystal alsó rotates the reciprocal lattice, since the direction 
of the reciprocal lattice points is always perpendicular to the crystalline 
planes. As the reciprocal lattice rotates, its points touch the surface of the 
reflection sphere. In this case reflection occurs, and its direction is given by a 
straight line drawn from the centre of the reflection sphere to the particular 
point. This is shown in Fig. 7.12.

Fig. 7.12. Relationship between the reflection sphere and the reciprocal lattice. Reflection is 
observed where the reciprocal lattice point touches the surface of the reflection sphere.

Fig. 7.13. As Fig. 7.12, showing the diffraction cone.
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All layers of the reciprocal lattice (the zero layer and the w-th layer are 
shown in Fig. 7.12) intersect the reflection sphere in a circle. Connecting the 
circumferences of these circles with the centre of the reflection sphere forms 
the reflection cones shown in Fig. 7.8. Obviously, a cone related to a particular 
layer line originates from the same reciprocal lattice layer. Labelling of the 
layer-line and reciprocal lattice layer are indicated in Fig. 7.13.

Fig. 7.14 shows diffraction photographs taken of single crystals, and 
indicates intersections of the rotating three-dimensional reciprocal lattice 
with a pláne. The pláne in this case represents a part of the reflection sphere in 
the vicinity of the origin. In practice, as was suggested earlier, the layer lines 
deform to hyperbolae on fiat sheet film. Linear layer lines can be obtained 
using cylindrical cameras, and Fig. 7.14 shows how the reflection spots can be 
assigned to reciprocal lattice points.

Fig. 7.14. The reciprocal lattice crosses the pláne representing a small part of the surface of the 
reflection sphere during its rotation.

Fibres usually contain axially oriented, highly anisometric crystallites 
along the fibre axis. There is no orientation perpendicular to the fibre axis, 
that is, all positions obtainable by the rotation of the single crystal are present. 
The X-ray diffraction pattern fór a fibre is analogous to the precession (or 
rotation) photograph of a single crystal (Fig. 7.15).

When taking a fibre photograph, the fibre is placed in the camera, and 
illuminated through a small hole (diameter 0.5-0.8 mm) by monochromatic 
X-ray radiation, and the diffraction pattern is exposed on a sheet film (Fig. 
7.16).
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Fig. 7.15. Relationship between the fibre diagram and X-ray diffractogram of a rotated single 
crystal.

Fig. 7.16. Schematic of a camera used fór fibre studies. a Anode of the X-ray tűbe, b collimating 
system, c sample, d film.

In practice X-ray tubes with copper anodes are normally used, and the 
characteristic wavelength is 0.154 nm. In fact this characteristic radiation 
consists of two components with slightly different wavelengths, leading to a 
broadening, and sometimes to a doubling of interference spots. Fór more 
precise work monochromators or special filters (Ni-filter, of optimum 
thickness 0.0085 mm) are used to remove one of the components. Diffraction 
photographs can alsó be obtained with X-ray tubes having molybdenum 
anodes, here the characteristic wavelength is 0.071 nm. In this case zirconium 
filters are used (of optimum thickness 0.037 mm).

Since the maximum value of sin 0 is 1, it follows from the Braggequation 
(Eq. (7.6)) that diffraction can be obtained from planes satisfying the 
inequality:

!ÍS1. 
2d -

(7-9)
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If the characteristic wavelength is 0.154 nm and d = 0.1 nm, only the first 
diffraction line appears, and an interplanar distance lower than 0.077 nm 
cannot be detected with this radiation.

Within the reciprocal lattice concept it means that those reciprocal 
lattice points which lie outside the reflection sphere can never be in the 
reflection position. If the wavelength gets lower, the reciprocal lattice shrinks, 
and further points, hitherto outside the reflection sphere can reflect the 
radiation.

In practice A is known, and n is taken to be unity, so fór example, the 
second line related to the [ 111 ] pláne is called [222]; the reflection angle, 20 is 
measured, and the distance between the atomié planes can be calculated.

7.6. POWDER DIFFRACTION. DIFFRACTOMETERS

The essential difference between diffractograms obtained from monocrystals 
and powders lies in that in the latter case reflections are obtained from several 
microcrystals with different orientations. Here the d[kl reciprocal lattice point 
related to the dhkl pláne no longer appears in a single point. Owing to the 
various orientations, directions perpendicular to the dhkl pláne can appear in 
any spatial direction. The reciprocal lattice point, d[kl smears out, producing a 
spherical surface. The radius of this sphere is equal to dhkb and the centre is the 
origin of the reciprocal lattice. The Ewald reflection sphere intersects this

Fig. 7.17. Appearance of a powder diffractogram at the intersection of the reflection sphere and 
^kl -
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sphere of radius dhk| in a circle (Fig. 7.17) and this gives the reflection position. 
Diffraction is obtained along the conical surface determined by the 
intersection of the spheres, shown in Fig. 7.17. The situation is similar fór other 
crystallographic planes, so, fór example, from planes a diffraction 
pattern consisting of five concentric cones can be obtained, as shown in Fig. 
7.18. Cones denoted as d^ and ds refer to scattering angles greater than 90°, 
the direction of the cones is therefore reversed.

If the powder is nőt sufficiently fine, the diffraction ring becomes 
“granular”, indicating uneven distribution of crystalline orientation.

In powder diffraction measurements cylindrical cameras are used in 
order to detect the full rangé of scattering angles. Since diffraction rings are 
symmetrical, a section is suffícient fór their description. Debye-Scherrer 
cameras take such photographs, and the diffraction patterns are known as 
Debye-Scherrer photographs (Fig. 7.19). The Debye-Scherrer cameras used 
in practice are designed so that their circumference makes the calculation of 
reflection angles somewhat easier. The angle between two, symmetrically 
displaced interference sites is equal to 40. If the circumference of thecamera is 
equal to 180 mm, the distance measured in mm between the symmetrical 
diffraction lines, being related to the 4® scattering angle is equal to 2(9 (in 
degrees).

Cameras with a circumference of 360 mm are alsó available, and then 
1 degree corresponds to 1 mm.

As an alternative to photographic film X-rays can be detected by Geiger- 
Müller or other counters. A schematic diagram fór a diffractometer of this 
type is shown in Fig. 7.20. Such diffractometers are very useful in the 
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measurement of powder diffractograms. The counter, however, moves along a 
single radius, and cannot be used to study orientation, at least nőt in this 
simple form.

Unoriented crystalline polymer samples exhibit powderlike diffracto- 
grams, since the crystalline parts contain crystallites with various orienta- 
tions. When studying such samples powder cameras or diffractometers are 
used. In most polymers processable reflections lie in the 10-40° angular rangé, 
and higher order reflections cannot easily be evaluated owing to the line 
broadening effect of small crystallites, or crystalline defects. In the angular 
rangé mentioned, planar films can be used. These are easier to handle than 
cylindrical cameras.

The advantages of cylindrical cameras are that reflections can be 
detected over a greater angular rangé than with a planar film, and that layer 
lines appear as straight lines. On the other hand, however, planar films can be

Fig. 7.19. The Debye-Scherrer camera and diffractogram.

Fig. 7.20. Schematic of an X-ray diffractometer. T X-ray tűbe, C—sample to be studied, D— 
detector (proportional counter).
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handled more easily, and the evaluation of photographs from oriented 
samples is simplified. In practice first a planar camera is applied and then by 
inspection one can decide whether further photography is necessary using 
more complicated cameras.

7.7. PROCESSING OF DIFFRACTION DATA,
MAIN ASPECTS OF EVALUATION

Important information obtainable from diffraction photographs are:
- Identification of polymers;
- determination of the identity period;
- lateral ordering of polymeric chains;
- orientation of crystallites;
- crystallite size;
- crystalline content;
- unit cell data (number of monometric units in the cell, cell dimen- 

sions, absolute crystalline density, etc.);
- determination of the point group (from the systematic absence of 

reflections);
- atomié positions within the unit cell (fine structure analysis based on 

measured intensities).
Here six points will be discussed in detail, while problems grouped under 

the last two points will be omitted. The reasons fór limiting the discussion are 
that the latter problems constitute themes fór several books by themselves; 
and further, these methods are identical fór all types of crystalline materials 
whether ionic or covalent, low- or high molecular mass; and finally, this type 
of structural analysis need be performed only once fór a given matéria!. 
Investigations listed under the first six headings monitor changes of the 
matéria! under preparation, or processing of the polymers, and are therefore 
helpful in understanding and explaining technological processes at the 
molecular level.

7.8. IDENTIFICATION BY X-RAY DIFFRACTOGRAMS

Interplanar distances detected by X-ray diffraction are characteristic of 
individual materials in a similar way to fingerprints. Most crystalline 
substances, including crystalline polymers, can be identified based on their 
powder-diffractogram. Standard identification systems are available, fór 
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example card libraries which contain the three most intense reflections. A lót 
of important data can be found in a book from Kitaigorodsky (1952). This 
book contains the d interplanar distances and relatíve intensities fór several 
Chemical substances.

Distances between atomié reflection planes (d-values) can be calculated 
from a diffraction pattern knowing the reflection angles and the wavelength, 
and using the Bragg formula (7.6).

In the case of polymers, especially oriented polymeric fibres, identifica- 
tion of polymer and orientation are possible from the fibre-diagram simply by 
inspection. Evén crystallographic modifications (in the case of polymorphic 
materials) are easy to determine.

Evaluation by inspection requires experience and practice, and somé of 
the basic characteristics will be dealt with later. In particular, indentity period 
and lateral ordering are useful in the identification of oriented polymers.

7.9. IDENTITY PERIOD

The identity period is the repeat distance characteristic of one of crys­
tallographic axes. In the case of fibres, where uniaxial orientation is present, 
this quantity is especially characteristic. As shown later the identity period 
gives somé information about the Chemical composition as well. The prin- 
ciple fór measurement has already been discussed, the identity period is cal­
culated from cylindrical or pláne diffraction photographs using Eq. (7.1). If 
the incident radiation is perpendicular to the identity period of the sample 
studied, then, according to Fig. 7.7a:

sin cp '

The identity period can be calculated from any point on any layer-line using 
Eq. (7.1), and equal periodic distances are obtained, provided, of course, 
that appropriate n values have been chosen, <p is the angle between the 
scattered radiation and the equator of the reflection sphere.

As an example, a diffraction photograph taken of a rotated single crystal 
of s-aminocaproic acid using a cylindrical camera of 180 mm diameter is 
shown in Fig. 7.21. According to these measurements the first layer-line is at a 
distance of 7.5 mm from the equator, the second is 17.5 mm, and the third is 35 
mm. From these data, and knowing the radius of the camera, the 
corresponding tan <p values are 0.2617, 0.6106 and 1.2212 respectively. 
Further studies show that the order of these layer lines are n= 1, 2, and 3.
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Since in this case the wavelength A = 0.54 nm, identity periods, I, are 0.609, 
0.593 and 0.598 nm respectively. These are in good agreement with the 
literature value published by Bernal (0.59 nm).

Determination of identity periods from planar or fibre diffraction pho­
tographs is similar. It is important to remember, however, that according to 
Fig. 7.8 scattering cones intersect with planar film in hyperbolic curves. The

Fig. 7.21. X-ray photograph of a rotated e-aminocaproic acid single crystal. Cylindrical camera.

calculation is outlined in Fig. 7.22. It includes the case when at the apex of the 
hyperbolic curve a meridián reflection, Tm, appears. In this case:

4mC 
tan <p = ■

OC
(7.10)

From which sin <p and / can be calculated using Eq. (7.1). Point Am is on the 
second layer line in this case.

If there is no meridián reflection, then the identity period can be 
determined from any other reflection spot appearing on layer lines other than 
m = 0, fór example in the case of point At the calculation goes as follows:

AB AB 
sin <p = = = -=—=----- .

AO (AC2 + OC2)'12
(7.11)
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and so:

; 2A(AC2 + OC2)í/2

AB
(7.12)

If the crystal is rotated, or in the case of static (non-rotating), fibre- 
diagrams, reflections generally appear four times (points A, d2, d3 and d4 in 
Fig. 7.22). On the layer line belonging to n = 0 (the equator-line) the reflections

Fig. 7.22. Determination of the identity period.

of crystalline planes parallel to the rotational axis of the crystal appear, so 
identical reflections appear twice only. Meridián reflections originating from 
planes parallel to the fibre axis alsó appear only twice. If the crystalline axis 
running parallel to the fibre axis is the c-axis, then the equatorial reflections 
have indices oftype [hkO], while meridián reflections belong to the [001] type. 
If the fibre direction is parallel to the b-axis, the reflection appearing on the 
equator can be characterized by subscripts [hOl], and those on the meridián 
line by [OkO]. This is indicated in Fig. 7.14.

The identity period should nőt be confused with the interplanar spacings 
belonging to the reflections spots. These two quantities are equal fór the 
[001] and [010] meridián reflexes only. Fór point Ai fór example: 

tan 2® = AtC
OC

(7.13)
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where 20 is the scattering angle between the direct and scattering radiation 
and, according to Eq. (7.6):

4 =................. ......... ..... .  (7.14)
2sin0 /i 4C\ 

2sin -arctan -=- 
\2 OC)

In practice distances AC and AB are measured as half the distance between 
points A{ and A3 and points Af and A* respectively.

The fibre diagram fór a stretched polyethylene sample is shown in Fig.
7.23. The distance between film and sample was 50 mm, and the identity

Meridián

Fig. 7.23. X-ray photograph of a stretched PE fibre.

period calculated from the reflections, appearing on the layer lines is 
0.254 nm. It is important to note that fór the first layer line n = 1, which can be 
established only after the identification of the reflections. This means that in 
the drawn polyethylene fibre the molecular chains are in an oriented state. 
Taking intő account the tetrahedral structure of the C-C chain, and assuming 
0.15 nm fór the interatomic spacing the experimental identity period is equal 
to the repetition distance of the zig-zag structure (Fig. 7.24).

Fór PVC the identity period is 0.51 nm, consequently in PVC every 
second chlorine atom is in an identical position (Fig. 7.25a). In poly(vinyl 
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alcohol) the identity period is 0.252 nm (Fig. 7.25b), and in poly(vinylidene 
chloride) it is 0.47 nm (Fig. 7.25c).

The fibre diffraction diagram of polyamide-6 is shown in Fig. 7.26. 
Arrows show the meridián reflections appearing on the 2nd, 4th and 6th lay- 
er lines, ío-values related to these reflections are 10.8°, 20.8° and 38.7° 
respectively, these values are calculated from the reflection positions and the 
50 mm sample to film distance. From these angles the calculated identity 
periods are 1.64, 1.73 and 1.72 nm respectively, in good agreement with the 
literature value (1.724 nm). The identity period of polyamide-66 is 1.72 nm. 
These values met expectations: in polycaprolactam (polyamide-6) two

Fig. 7.24. Identity (or repetition) period of the polyethylene chain.

Fig. 7.25. Identity period of poly(vinyl chloride). poly(vinyl alcohol) and polyfvinylidenechloride) 
from left to right. (After Mark 1943.)
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Fig. 7.26. Fibre diffraction photograph of polyamide-6.

Fig. 7.27. Identity period of polyamide-6.

Chemical units constitute the identity period in the fully extended State, 
whereas in hexamethylene adipamide (polyamide-66) only one is involved 
(Figs 7.27 and 7.28).

When helical structures are formed the identity period is shorter than 
expected. Fór example in poly(isobutylene) the identity period is equal to 
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1.863 nm, and it contains 8 isobutylene units. If the chain were fully extended, 
the identity period should be 3.0 nm. The reason fór this short identity period 
is that the molecular chain is in helical form (Fig. 7.29).

Similarly the identity period of polypropylene is only 0.65 nm instead 
of0.75nm, the value expected fór 3 monomerje units (Fig. 7.30). The iden­
tity period of poly(vinyl acetate) is 0.51 nm. bút after hydrolysis that of the 
poly(vinyl alcohol) product is only 0.252 nm. This shows that only every 
second acetate group counts as being in the identical position. This is 
obviously true fór its derivative (the poly(vinyl alcohol) molecule) too, bút 
because of its lower volume, the —OH group can form in the crystal lattice in 
an identical manner regardless of its position, this is the reason fór the halved 
identity period. Putting it another way, the position of the acetate group is

Fig. 7.28. Identity period of polyamide-6/6.
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1863 nm

Fig. 7.29. Identity period of polyisobutylene.

Fig. 7.30. Identity period of polypropylene.
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Fig. 7.31. X-ray photograph showing a fibre Fig. 7.32. X-ray photograph showing a fibre 
of poly(<u-hydroxy undecanoic acid). (After of poly(<u-hydroxy decanoic acid). (After 
Baker 1945. Baker 1945.)

important from the point of view of crystallization, that of the OH group is 
nőt, because of its lower volume.

In polyesters one of the O atoms of the carboxyl group builds intő the 
chain, the basic chain can be regarded as a paraffinic chain with somé oxygen 
substituted groups, the measured identity period is equal to the repetition 
length of the C = 0 groups being in identical position. Fór example, from the 
diffraction photograph of co-hydroxy undecanoic acid the identity period is 
1.5 nm (calculated value 1.49 nm), while that of co-hydroxy decanoic acid is 
2.73 nm (calculated 2.71 nm). In the latter case every second molecule is in 
identical position (Figs. 7.31 and 7.32).

The X-ray diffraction pattern is compatible with the order outlined in 
Fig. 7.33. The appearance of a meridián line instead of a single spot in Fig. 7.31 
shows that the chains are nőt totally oriented along the fibre axis. In Fig. 7.32, 
however, there is one sharp spot which indicates perfect orientation. 
Generalizing these findings, one can say that in the case of co-hydroxy acids 
containing even numbers of carbon atoms the unit cell is doubled, its 
geometry is orthogonal, and the fibres run parallel with the chain axis. The 
identity period of w-hydroxy acids containing odd numbers of carbon atoms 
involves only one molecule, the unit cell is nőt orthogonal (usually 
monoclinic), and there is somé angle between the chain and fibre orientation.
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Fig. 7.33. Identity periods in fibres of poly(<u-hydroxy undecanoic acid) and poly(<»-hydroxy 
decanoic acid). (After Fuller and Baker 1943.)

The layered structure of polar groups in polyamides and polyesters and in 
its copolymers is quite generál. If the number of polar groups is increased then 
the planar zig-zag structure is replaced by a helical one. The appearance ot 
helical structures is accompanied by a shortened identity period. The matéria! 
properties are related to the type of layered structure, so, fór example, the 
melting point increases with increasing helicity (Fuller and Baker 1943).

7.10. LATERAL ORDER OF MOLECULAR CHAINS

On fibre diffractograms, reflections perpendicular to the fibre axis are nőt 
hyperbolic curves, they are displaced along straight lines, this is the zero layer- 
line, or equator line. From the position of these reflections the interplanar 
spacings, d related to the reflections are easily calculated using the Bragg 
equation. Equatorial reflections are characteristic of oriented polymers. The 
next Table contains the interplanar spacings showing lateral order in somé of 
the more important polymers. These values can be determined from fibre- 
diffractograms (Table 7.1). It can be seen from the Table that the lateral
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volume required by poly(vinyl alcohol) is higher than that fór polyethylene. 
Interplanar spacings measured in polyethylene are characteristic of paraffinic 
chains. If side groups are present then interplanar spacings change, depending 
on the number of side groups, their búik, and any deviations from the planar 
zig-zag structure.

Appearance of polymorphic modifications can be detected and moni- 
tored by the study of lateral ordering. Fór example, the identity periods of 
cellulose-I and cellulose-II modifications are both 1.03 nm. d values measured 
on the equator, are however, different. In polyamides, a and /? modifications 
can be detected on the meridián and the equator. Three different modifica­
tions of polypropylene have been described by T urner-Jones (1964) (Fig. 7.34).

Fig. 7.34. X-ray diffractograms of various modifications of polypropylene. (After Turner-Jones et 
al. 1964.)

The identity period and the lateral order can be used in the identification 
of polymers, as mentioned earlier.

Chemical reactions on fibres destroy their crystalline structure, and, as a 
result, in principle, Chemical reactions can be monitored by X-ray analysis. It 
has to be taken intő account, however, that Chemical reactions occur first and 
predominantly in amorphous parts, and any changes are nőt reflected in the 
X-ray diffraction pattcrns.

X-ray diffraction is nőt an adequate analytical tool if copolymerization 
occurs. The reason fór this is that comonomers are normally close to each
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other in Chemical composition and in volume (isomorphous substitution), 
and therefore fit intő the same crystal lattice. If the volumes of the two 
monomeric units are different, the higher volume monomer hinders the 
crystallization of the smaller one, and this can be detected by X-ray 
diffraction.

Fig. 7.35. The unit cell of cellulose and powder diffractogram. (After Howsmon 1950.)

Swelling of polymers can be studied by X-ray diffraction. One can decide, 
fór example, whether swelling is limited to the amorphous phase, or if it alsó 
involves the crystalline phase. If the crystalline part is involved, then phase 
transition can occur, or the unit cell distorts. In the case of cellulose under the 
influence of strong acids (such as 72% H2SO4 or 83% H3PO4 Solutions) the 
lateral order changes continuously, while under the effect of swelling agents 
shifts attributable to these agents can be detected. As an example let us 
consider the swelling phenomenon induced by diamines. Fig. 7.35a shows the 
unit cell of cellulose in the a-c pláne, while Fig. 7.35b shows the X-ray 
diffractogram of the unoriented cellulose fibre. Change of the [101] distance

Table 7.2

The effect of diamines on the [101] pláne 
distance

After Howsmon 1950.

Natural cellulose 0.61 nm
+ Hydrazine 1.03 nm
+ Ethylene diamine 1.23 nm
+ Tetramethylene diamine 1.46 nm
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under the effect of diamines is listed in Table 7.2. It can be seen that this 
interplanar distance may more than double in the swelling média. Such 
swelling processes can be monitored by X-ray diffraction quite successfully.

7.11. ORIENTATION OF MACROMOLECULES

7.11.1. Mono- and biaxial orientation: pole diagrams

Orientation can occur in both amorphous and crystalline substances. An 
example of amorphous orientation is stretched atactic polystyrene. Optical 
birefringence can be detected using a simple polárisadon microscope, and 
chain orientation is easily recognized from X-ray diffraction patterns. In this 
case molecular segments exhibit a well-defined orientation without forming 
crystalline parts.

In semicrystalline samples orientation can be detected in both amor­
phous and crystalline parts. These two kinds of orientation can be measured 
independently, and sometimes differ substantially.

Orientation can be characterized by, fór example, the directionality of 
molecular segments. If there is no favoured direction, then orientation vectors 
exhibit a uniform distribution on a spherical surface (Fig. 7.36a). Fibres in the 
unstretched State have a similar structure. If however, the fibre is stretched, 
molecular segments become oriented along the fibre axis, and two poles are 
observed in this direction (Fig. 7.36b). This is known as uniaxial orientation.

If orientation is biaxial as, fór example, in biaxially oriented films or in 
stretched and rolled fibres, the poles are alsó defonned in the lateral direction 
(Fig. 7.36c).

Fig. 7.36. Characterization of orientation in polymers. a No orientation, b uniaxial orientation, c 
biaxial (planar) orientation. (After Ke 1964.)



262 Molecular structure of polymers Ch. 7

In practice, instead of spherical surfaces pole diagrams are used; these are 
used widely in the crystallographic study of polycrystalline materials, 
particularly in metallurgy. Pole diagrams are the projections of spherical 
surfaces where points of equal intensity are connected by continuous smooth 
lines. In order to describe the orientation of all three crystalline axes two pole 
diagrams are needed (Fig. 7.37). If the orientation is uniaxial a single pole dia­
gram is sufficient. In this case, instead of a pole diagram, the number of oriented 
molecular chains can be plotted versus the angle between the chain and the 
fibre axis (Fig. 7.38).

Fig. 7.37. Pole diagram of a polymer. (After Ke 1964.)

Fig. 7.38. Orientation plot as a function of angle with respect to the fibre direction. (After Ke 
1964.)
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Fór semicrystalline materials two diagrams would serve better, since the 
orientation of the crystalline parts can differ substantially from that of the 
amorphous parts.

7.11.2. Experimental methods used to determine molecular 

orientation in polymers

The five most important methods fór orientation measurements are.
1. X-ray diffraction;
2. optical birefringence;
3. velocity of ultrasound;
4. polarized infrared radiation;
5. magnetic anisotropy.
X-ray studies can describe the angular distribution of orientation, so this 

is the most popular type of measurement employed. It is very important fór 
the study of fibre drawing processes where drawing is performed on fibre 
bundles, and it is nőt sufficient to know simply the average orientation. It is 
necessary to know whether orientation within the bundle is uniform or nőt, 
since the interior fibres may be stretched to a greater extent than those on the 
outside.

Optical birefringence gives the average of crystalline and amorphous 
orientation, pure crystalline orientation can only be measured by X-ray 
diffraction. A combination of these two methods—after cumbersome 
calculations—yields the amorphous and crystalline orientation values 
separately. It should be emphasised that X-ray diffractograms can alsó be 
used to determine amorphous orientation so long as the crystalline 
interference spots do nőt disturb data processing.

Frequently orientation means orientation of ordered phases. It has to 
be stressed, however, that both crystalline and amorphous materials can 
exist in both oriented and unoriented States, examples are the oriented and 
unoriented polypropylene fibre (crystalline) and the stretched and unstretch- 
ed atactic polystyrene fibre (amorphous). The fact that a matéria! exhibits 
birefringence indicates the presence of orientation, bút does nőt necessarily 
imply crystallinity.

The velocity of ultrasound in polymers is very sensitive to chain ori­
entation. Fást and accurate methods have been developed to determine the 
average (amorphous + crystalline) orientation (see under section 7.11.8).

Generally speaking, it is necessary to make a clear distinction between 
three notions, namely: orientation, crystallinity, and crystalline partiele size
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Crystallinity Crystalline partidé 
size distribution

Fig. 7.39. Orientation, crystallinity and crystalline partiele size as three independent properties of 
solid crystalline polymers.

Fig. 7.40. Models of two polymers with equal crystallinity bút different crystalline partiele size.

distribution. These parameters can change independently and are frequently 
confused even in the literature. In order to characterize a semicrystalline 
polymer adequately, all these parameters need to be determined (Fig. 7.39). The 
difference between orientation and crystallinity should be clear from the 
previous text. Independence of crystallinity and crystalline size distribution is 
outlined in Fig. 7.40.

7.11.3. Cold drawing and necking

When drawing synthetic fibres the decrease of the cross section is nőt uniform 
along the length of a fibre. At certain places the fibre becomes thin and 
elongated, this is known as necking, and the neck moves along the fibre on 
further stretching (Fig. 7.41).
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Experience shows that this behaviour does nőt occur at higher tem- 
peratures, or if the stretching process is very slow. Necking is observed only if 
the fibre is crystalline, or if it crystallizes on drawing.

The necking phenomenon can be explained as follows: parallel 
molecular bundles formed on drawing show very high resistance to further 
drawing, and at the interface of stretched and unstretched molecular chains 
(at the neck) the drawing force acts at a single point. Deformation is 
accompanied by a strong exothermal effect, the local temperature increase 
can reach 20-30°C, which makes local deformation easier. If the process is 
very slow, it becomes isothermal, rather than adiabatic, the heat evolved is 
dissipated by heat conduction, and no necking is observed. Similarly necking 
does nőt occur at higher temperatures, owing to increased molecular mobility 
the fibre can be stretched easily at any point (Fig. 7.42). Fibres can usually 
be stretched to about 4—5 times their original length, this is known as the 
natural drawing ratio. At higher extensions the fibre usually breaks. There 
are, however, somé exceptions where low-volume side groups make chain 
slippage possible (polyethylene, polypropylene).

Fig. 7.41. The necking phenomenon in fibres.

Fig. 7.42. Molecular orientation during necking.
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Necking is a factor to be taken intő account when studying orientation in 
polymers. The diameters of insufficiently drawn fibres can reach four times the 
diameter of uniformly stretched parts. Such “nodes” can easily be missed 
when samples are studied by microscopy. Frequently local or residual stresses 
are confused with orientation. Orientation means a directional ordering of 
molecular chains, while stresses are forces which tend to reorganize the 
polymer, sometimes leading to fracture. In strongly oriented systems (such as 
fibres) stresses can be relieved by annealing. High degrees of orientation can 
be achieved only if the parallel orientation of the chains is nőt accompanied 
by high stresses. Such “ultraoriented” fibres can be produced fór example in 
the gel State.

7.11.4. Determination of orientation from X-ray diffractograms

On the diffractogram of an unoriented sample each interplanar distance yields 
a circular interference line. The effect of orientation is to transform these circles 
intő an arc or sickle-shape. The diffraction pattern obtained from a perfectly 

a) b)

C axis in parallel with 
the fibre direction

Fig. 7.43. Diffraction photograph of an unoriented and oriented PP sample. a Unoriented 
sample, b oriented sample, c schematic of Fig. a together with the M iller indices of reflection lines, 
d schematic of Fig. b together with the Miller indices of interference lines, orientation is vertical.
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oriented sample is equivalent (at least in principle) to that present in a single 
crystal. So, depending on the space grouping, every interplanar distance lead- 
ing to diffraction produces a point pair on the equator and meridian-line, and 
four points on higher layer-lines. In practice, orientation always leads to the 
appearance of arc-like patterns. As an example Fig. 7.43 shows the diffraction 
patterns fór both unoriented and oriented polypropylene fibres together with 
their simplified line-diagrams. Changes induced by orientation are quite clear: 
the unoriented sample shows that all orientations of crystalline planes are 
equally probable: under the effect of orienting forces, all chains tend to orient 
in a single direction, and, similarly to single crystals, diffraction is obtained in 
one direction only.

If, instead of a point-like reflection, tangential arc-like patterns are 
obtained, then either the molecular chains are nőt perfectly oriented, or if they 
are oriented, their direction does nőt coincide with that of the fibre axis. The 
fibre axis is parallel to the molecular chains when drawn fibres are studied. In 
most unit cells this is the c axis, which is perpendicular to the a*-b* pláne of 
the reciprocal lattice. In this case [001] type reflections appear on the meridián 
and [hkO] type on the equator line. If the direction of molecular chains is in 
the b axis then [OkO] type reflections appear on the meridián and [hOl] type 
on the equator. This is the case, fór example, with cellulose.

Fig. 7.44. X-ray diffraction photograph and micrograph of a cellulose fibre. (Kitaigorodsky 1952.)
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In natural cellulose fibres microscopy suggests that the structure of the 
cellulose wall exhibits a spirál structure where the typical angle is 57° (Fig. 
7.44). The same angle can be detected on X-ray diffractograms. It should be 
noted here that the X-ray diffractogram is rotated by 90°, interference arcs 
falling below the 57° angle appear perpendicular to the fibre axis, the arc 
shown is the [002] reflection of cellulose.

The effect of chain orientation on diffraction is demonstrated by the 
reflection sphere and the reciprocal lattice in Fig. 7.45, which is a modification 
of Fig. 7.17. Reciprocal lattice vectors, d*, are nőt oriented in one direction 
as in single crystals, being nőt distributed uniformly on the surface of a sphere 
with radius d* as in powder diffraction, bút displaced around part of the 
spherical surface.

d)
Fig. 7.45. Appearance of orientation on fiat diffraction photographs in terms of the reciprocal 
lattice-reflection sphere model. Formation of crystalline planes characterized by reciprocal 
lattice vector d*: a perpendicular to the fibre axis, b parallel to the fibre axis, c generál position 
and d their intersection with the fibre surface of the reflection sphere which results in observable 
reflections.
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Let us take a closer look at the differences between Figs 7.45a, b and 
c. Planes perpendicular to the fibre axis appear on the meridián, their 
distribution shows the perfection of the orientation, so, if reflections of this 
type appear, they can be used to characterize orientation.

Planes parallel to the fibre axis, in the case of uniaxial orientation, appear 
on the equator of a sphere defined by the d* reciprocal lattice vector, and the 
points are distributed along a “beit”, or bánd. Other, generál reflections 
appear perpendicular to the [hkl] crystallographic pláne, according to its 
orientation. d* reciprocal lattice points drawn perpendicular to the planes at 
the origin are concentrated on parts of the spherical surface with radius d*, 
and a reflection appears if the end-points, p of the reciprocal lattice points 
coincide with the surface of the reflection sphere. This is shown in Fig. 1A5d, 
where the sphere with radius d* (shown in Fig. 7.17) is replaced by the 
reciprocal lattice vectors of the atomic planes oriented perpendicular to the 
fibre axis, in accordance with Fig. 7.45a. The degree of scattering shows the 
extent of orientation. As can be seen from Fig. 7.45 the width of the arc 
associated with the [hkl] reflection is determined by that area where the 
reflection sphere and the ^kl reciprocal lattice points touch each other.

It has to be stressed again that nőt all of the crystallographic planes give a 
reflection spot. This is limited by the reflection conditions, which are, in turn, 
determined by the spatial structure of the crystal.

If, fór example, the planes are perfectly oriented, and the repetition 
period of the planes is 0.5 nm, then, according to the Bragg equation, and 
assuming CuKa radiation: 

sin 0 =
2^=0.154,

1.0
(7.14)A

2d
and hence

0 = 8°5O'.

So that on the meridián only those planes which have an angle with the 
radiation direction of at least 8° 50', (that is, are imperfectly oriented), give a 
reflection. In order to study such planes tilted diffraction photographs are 

necessary.
If this is explained in terms of the reciprocal lattice and reflection sphere, 

it means that a reflection sphere of unit radius rotating around the origin of 
the reciprocal lattice touches the vertical axis only at the origin of the 
reciprocal lattice, so that the reciprocal lattice points lying on the axis of 
rotation never get intő a reflection position. If such reflections are to be 
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studied, then somé other axis has to be chosen, or the tilted scattering 
technique has to be used.

It can be seen from Fig. 7.46 that the toroidal body obtained by the 
rotation of the reflection sphere contains those reciprocal lattice points which 
can reflect the radiation, so points lying on the axis of rotation do nőt give 
reflections, with the exception of the origin, and provided that the orientation

These points do nőt get intő

Fig. 7.46. The scattering toroid determined by the reflection sphere and reciprocal lattice.

is perfect. Orientation measurements, therefore, begin with the determination 
of the diffraction arc length of the equatorial reflections measured in degrees.

Fibre diagrams are made with fiat film cameras and the optical density of 
the exposed film is determined. Optical density is defined as:

ö=log^, (7.15)

where D is the optical density, Io and I are the intensities of the incident, and 
transmitted radiation respectively. It is well-known that the optical density of 
photographic film is (within certain limits) proportional to the amount of 
incident radiation so that the angular distribution of optical density gives a 
measure of chain positions.

Optical densities are measured by microdensitometers or microphoto- 
meters, point by point, and the optical density is plotted versus the angle 
between the scattered light and the equator.
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7.11.5. Types of orientation found in X-ray diffractograms

It has been mentioned that on X-ray diffractograms of unoriented samples, 
independent of the axis chosen, a full diffraction circle is obtained (Fig. 7.47a). 
In drawn fibres uniaxial orientation is present, so that orientation will be 
detected from the A and C directions, bút nőt from the B direction (along the 
chain axis). This means that a fibre can be rotated in any direction along the 
fibre axis, and the molecular order remains unchanged, in this direction there 
is no orientation (see Fig. 7.47b).

c) Biaxial orientation

d) Uniplanar orientation

e) Selective uniplanar orientationSample
Fig. 7.47. Occurrence of various types oforientation on the X-ray diffraction photographs. (After

Howsmon 1950.)

a) Random orientation

b) Uniaxial orientation
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If the fibre is calandered, or a film is drawn in two perpendicular 
directions, biaxial orientation occurs, and the sample shows orientation even 
from direction B (Fig. 7.47c).

With film it frequently occurs that when X-rays are incident per­
pendicular to the surface, an unoriented structure is observed, whilst 
investigation of the edges indicates high orientation.

This is uniplanar orientation (Fig. 7.47í7). If in such samples, orien­
tation is missing in certain crystallographic directions, bút appears in others, 
the orientation is known as selective uniplanar orientation (Fig. 7.47e).

7.11.6. Experimental results of measuring orientation

Sisson and Clark (1933) measured the intensity of the [002] reflection in 
cellulose as a function of the angle between the scattered radiation and the 
equator. Optical densities naturally depend on the exposure time, and in 
order to remove this dependence the optical density curves have been 

Scattering direction with 
respect to the fibre axis

Fig. 7.48. The intensity of 002 line in cellulose as a function of the angle between the fibre axis
and scattering direction at various exposure times. (After Sisson and Clark 1933.)
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normalized to 100 units as the maximum (the percentage distribution is 
shown in Figs 7.48 and 7.49).

The degree of orientation has been characterized by the angle, where the 
intensity decreases to 40% of the maximum value. Barkley and Woodyard 
(1938) found a mathematical relationship between the degree of orientation, 
A, measured in this way and the ultimate strength, S, such that:

S= 193.5 —3.18 X (7.16)

where S is measured in Ibs/sq.inch. Experimental points are given in Fig. 7.50.

o -30 min. 
+■60 min. 

-120 min. 
o-240min.

. 8 £

10

6

80 60 40 20 0 20 40 60 80
Scattering direction with respectto the fibre axis

Fig. 7.49. The normalized representation of the results shown in Fig. 48. (After Sisson and Clark 
1933.)

Fig. 7.50. Correlation between tensile strength and orientation of cellulose fibres.



274 Molecular structure of polymers Ch. 7

Meredith (1944) decreased the standard deviation of the data by 
plotting 40% nőt of the optical density, bút of the X-ray intensity. This was 
achieved by making calibration lines with different exposure times on each 
photographic film, so that if the optical density was nőt strictly proportional 
to the intensity of the scattered radiation, it could be corrected. Nowadays 
the linearity of most photographic films is good over wider ranges of 
exposure times, so this method is no longer necessary.

Fig. 7.51. Orientation halfwidth.

A widely used orientation paraméter is the half-width of the angular 
distribution curve, where the scattered intensity decreases to one half of the 
maximum value (Fig. 7.51). When calculating the half intensity, the 
background optical density level is taken intő account.

The orientation paraméter, A, is high if the orientation is low and vice 
versa. It is therefore preferable to use the reciprocal value of the orientation 
factor:

180

or alternatively, as introduced by Krimm and Tobolsky:

180

(7.17)

(7.18)

These parameters increase with orientation, and therefore describe the 
orientation in a more graphic way. The following measure of orientation 
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was originally introduced in optical measurements, bút is now used widely 
elsewhere:

3(cos2a) — 1 (7.19)

/is referred to as the orientation factor, where a is the angle of orientation, 
that is, the angle between the axis normál to the pláne and the fibre axis, the 
bar denotes averaging. If orientation is ideál (or perfect) then a —0, and 
cos2 a = 1, f = 1. If orientation is perpendicular to the fibre axis, then a = 90 , 
and f = —0.5. If there is no spéciire orientation, that is, the orientation of 
the planes is randomly distributed in all directions, then cos2 a =1/3, and / 
= 0.

In order to give a full deseription of orientation, three orientation 
functions are necessary. In the case of uniaxial orientation the third function 

Fig. 7.52. Orientation function diagram of the cold drawing of polyethylene. (After Ke 1964.)

may be calculated from the other two values and data of the unit cell. Fór an 
orthogonal unit cell fór example:

/+/+/=o- (7-20)J a J p Jv
From the uniaxial orientation functions, an orientation function diagram can 
be constructed. As an example, the orientation function diagram fór the cold 
drawing process of polyethylene is shown in Fig. 7.52. At the origin of this 
diagram there is no orientation. Along any of the axes the unity value means 
perfect orientation. As one can see from the diagram, in polyethylene ori­
entation appears along the c-axis.
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Roldan (1962) introduced the following orientation paraméter fór 
polyamides:

(7-21)

where 2av is the average intensity of the measured line of the rotated sample, 
while Iequ is the maximum intensity of the same line on the equator, K is a 
correction factor which takes intő account line broadening, its value being 
close to unity.

If /av = 7equ (that is, there is no orientation), then f=0. If orientation 
increases and 7e u>4v / approximates to unity.

When orientation is strong, it can be characterized by a distribution 
curve, which gives the probability density of oriented chains as a function of 
the angle between the chain and the equator (the polar angle) (see Fig. 7.38). If, 
however, the orientation is slight, then the ratio of intensities measured on the 
equator and the meridián gives a paraméter which reflects slight changes in 
orientation.

It should be noted that the arcs of the fibre diagram do nőt indicate 
whether the orientation is accompanied by a spirál arrangement of the 
molecular chains. Because of the cylindrical form of fibres only a projection of 
the spirál structure appears. We have seen, fór example, that in cellulose there 
are oriented spiral-like structures, and the angle between these structures is 
57°. Arcs on the X-ray pattern indicate this 57° as an interval, as if within these 
limits all directions were possible. In fact these spirals exhibit a constant and 
uniform angle, bút the X-ray diffractogram shows only the projections. The 
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existence of spirál or helical structures can be inferred nőt from the arc shapes 
on the X-ray diffraction pattern, bút from the shorter identity period. 
Diffraction of helical structures has been comprehensively discussed by 
Vajnstein (1966).

Hermans was the first to point out that, from the point of view of 
orientation, it is important which interference line is chosen fór the 
measurement. Investigation of a single line gives unequivocal results only if 
the oriented units are cylindrical rods. Let us see, fór example, the scattering of 
the [101] pláne in Fig. 7.53. The crystallite can change its orientation with 
respect to the fibre axis, bút this has no effect perpendicular to the pláne. If the 
orientation behaviour is similar to this case, usually “tape-effecf ’ is meant, as 
the orienting units are tape-like structures. Generally, more reflections are 
studied, and only if their dependence on orientation is similar can the 
orientation be characterized by a single line.

Hermans and Kratky were the first to study the change in X-ray 
diffraction patterns as a function of orientation in cellulose. Fig. 7.54 shows an

Distance measured on the film

Fig. 7.54. Equatorial photometric curve obtained from the X-ray diffractogram of viscose fibre. 
(After Howsman 1956.)

equatorial photometric curve constructed from an X-ray diffractogram of a 
viscose fibre. The intensities of the [101] and [10T] diffraction arcs have been 
measured as a function of orientation angle. These curves are different fór 
these two reflections (Fig. 7.55), so the “tape-effecf ’ was present. If measure­
ments are performed on fibres freshly prepared from xanthogenate solution, 
the orientation curves fór the two reflections are similar, when orientation 
is rodlike. On processing the data, it has to be taken intő account that the
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Xanthate Xanthate

Fig. 7.55. 101 and 101 reflection intensities of viscose fibres as a function of the angle between the 
fibre axis and scattered radiation at different extensions. (After Kast 1953.)

amorphous parts can have their own orientation, nőt necessarily identical 
with that of the crystalline part (as discussed in earlier sections). Kast (1953) 
has shown, on photometric curves, that the scattered intensity of the 
amorphous areas alsó depend on the angle between the scattering direction 
and the equator, and that the amorphous curve shows a maximum at the 
equator (Fig. 7.56).

Fig. 7.56. Radial photometric curves of viscose fibres. Photometric measurements were 
performed under different a angles fór orientation measurement. The amorphous curve alsó 
shows a maximum at the equator. (After Kast 1953.)
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Kargin and Mikhailov (1940) looked fór a relationship between X-ray 
diffraction patterns and mechanical properties of viscose fibres drawn to 
different extents. They found that tensile strength increases with orientation, 
bút the mechanical product (the product of tensile strength and elongation at 
break) decreases. On annealing orientation decreased, bút elongation and 
ultimate strength increased.

Ingersoll (1946) alsó studied the relationship between the degree of 
orientation and mechanical properties of viscose fibres.

Bodor and Hangos (1954) performed similar investigations under the 
guidance of József Vándor. They studied the relationship between the 
orientation (0= 180/^4) of the [101] reflection and fibre properties on fresh 
viscose fibres produced in Hungárián Viscosa. Definite relationships were 
found between the degree of orientation and elongation (Fig. 7.57), tensile

60

c 40 
,o

i
§ 20

Fig. 7.57. Relationship between extension and orientation in viscose fibres. (After Bodor 1958.)

Degree of orientation

Fig. 7.58. Relationship between tensile strength and degree of orientation in viscose fibres. (After
Bodor 1958.)
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Fig. 7.59. Relationship between tensile strength in the wet State and the degree of orientation in 
viscose fibres. (After Bodor 1958.)

Fig. 7.60. Relationship between the loop tensile strength and degree of orientation in viscose 
fibres. (After Bodor 1958.)

strength (Fig. 7.58), wet tensile strength (Fig. 7.59), and loop tensile strength 
(Fig. 7.60).

Bodor alsó studied the orientation of crystalline and originally 
amorphous polyamide-6 fibres. The change in the X-ray diffraction pattern 
on drawing of polyamide fibres is shown in Fig. 7.61. Amorphous polyamide 
fibres can be produced if the molten filament is driven intő a dry ice and 
acetone bath. Two sharp reflections appear on the equator of the X-ray 
diffraction pattern of polyamide-6 fibre, one is the [200], the other is the [020,
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0% 50%, 100%, 150%,

200% 250%, 275%,

Fig. 7.61. Relationship between the orientation and extension of polyamide-6 fibres as shown by 
diffraction photographs. (After Bodor 1958.)

300%,

Fig. 7.62. Changes in the X-ray diffractogram of crystalline polyamide-6 during extension. (After
Bodor 1958.)
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220] double reflection. (The chain axis is the c axis). The relationship between 
the orientation degree of the arc and the draw ratio is linear in the case of the 
[020, 220] reflection, if the fibre is crystalline (Fig. 7.62). If the fibre is 
amorphous, this relation is somewhat different.

Orientation influences the rate of dye uptake (the rate of diffusion). If the 
fibres are insufficiently drawn, diffusion of dye molecules is much faster, and 
this leads to problems in the technology. Munden and Palmer(1950) studied 
dye uptake in polyamide-66, and it has been established that with a 250% 
draw, the dye diffusion rate decreases to 0.03% of the original value. It is 
interesting, however, that the equilibrium dye uptake is the same in both 
cases, that is, the orientation influences the diffusion rate bút leaves the 
equilibrium value unchanged. Equilibrium is reached within about 100 
hours.

Orientation can alsó be the result of the fibre formádon process itself. 
Geleji et al. (1962) studied the orientation developed during fibre spinning 
of polypropylene fibres (Fig. 7.63). As can be seen from the photographs, a 
decrease in the fibre spinning temperature leads to orientation, and a similar 
effect is observed if the haul-off speed is increased.

Fig. 7.63. X-ray difTraction photograph of polypropylene fibre under various conditions.
Parameters are haul-off speed and fibre-formation temperature. (After Geleji et al. 1962.)
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Reference has already been made to orientation in non-crystalline 
materials (such as polystyrene). The amorphous part of semicrystalline 
polymers may alsó be oriented, this would be detected by an increased 
intensity of the amorphous ring on the equator. This effect is nőt limited to the 
viscose fibre discussed above.

Other examples are found in polyethylene and polypropylene, where the 
intensity increment due to the amorphous ring can be separated from the 
crystalline interference lines, or in polyamide-6 and polyamide-66, where the 
two effects are superimposed on each other. It should be noted, however, that 
an amorphous ring does nőt necessarily appear on the X-ray diffractogram of 
every semicrystalline polymer. In the case of poly(vinylidene fluoride), fór 
example, no haló can be detected. The probable reason fór this is that an 
amorphous diffraction ring appears only if the scattering centres within the 
amorphous area are distributed randomly, and the distance between these 
centres does nőt vary too widely. It has been shown by model experiments 
that if the inter-particle distance between the scattering centres shows a high 
standard deviation (somé 100%), the amorphous parts lead to background 
scattering only, and the amorphous ring does nőt appear. The main effects of 
orientation on fibre properties are summarized in Table 7.3.

In major cotton-producing countries the orientation of cotton fibres is 
measured by X-ray diffraction according to national and international 
standards, and these data are utilized in product qualification.

Finally a practical note: orientation can be determined more readily 
from fiat diffraction photographs than from diffractograms taken in 
cylindrical cameras (fór example from Debye-Scherrer diffractograms). Fór 
fiat films data processing is performed along a perfect circle, whereas in the

The effect of orientation on various properties of fibres

Table 7.3

The effect of orientation
Increases Decreases Does nőt change

Tensile strength
Young’s modulus
Brittleness
Lateral swelling
Refractive index
Relaxation after elongation

Elongation Water vapour absorption
Axial swelling Elastic extension limit
Rate of dye uptake Equilibrium dye uptake
Plasticity
Puckering resistance
Chemical reactivity

After Howsmon 1950.
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case of cylindrical films, reflections are found along the intersection of a 
conical and a cylindrical surface. Orientation can be measured by diffracto- 
meters too, bút when used fór this purpose, they require a special 
arrangement.

7.11.7. Orientation determination from birefringence measurements

Optically anisotropic bodies are characterized by the indicatrix. The 
indicatrix is a rotational ellipsoid with axes proportional to the refractive 
index measured in the particular direction. Birefringence is determined in the 
three direction of space as:

d1 = n2-n3,

d2 = n3-n1,

(7.22)

Of these three equations only two are independent, the third can be cal­
culated.

In the case of uniaxial orientation n2 = n3, and only one independent 
equation ex’ists. The relationship between refractive index and polarizability, 
a, is given by the Lorentz-Lorentz equation:

n2-1 4
~ = r na n2 + 2 3

(7.23)

Fór an infinitesimal increment of refractive index it follows from Eq. (7.23) 
that:

6n 7 4
, , ■, dn= - mia.
(n2 + 2)2 3

Fór finite refractive index difference, dp

2n(n2 + 2)2
Ai =n2-«3 = — ----------  9 n

and fór fibres:

. 2 («2 + 2)\ A
d = n1-n2 = „n---------- (ai-a2) 9 n

where n is the average refractive index.

(7.24)

(7.25)

(7.26)
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Birefringence is measured using a microscope with crossed Nicols. 
Transmission of polarized light at 45° angle with respect to the fibre axis is
given by:

T = sin2(ó/2), (7.27)

where

2nAd (7.28)

d is the sample thickness, and 2 the wavelength of the applied light. In pra- 
ctice, the path difference is corrected by a rotating wedge (known as the 
Berek compensator). The two extreme positions of the wedge, where no path 
difference is observed, can be determined since in these cases the centre of 
the fibre appears to be black. From these values the optical path difference, 
r, can be calculated using the tables supplied with the optics. If fibre 
diameter and path difference are known, the birefringence can be given by.

Optical birefringence gives the average orientation of crystalline and 
amorphous areas.

This overall orientation is the weighted average of crystalline an 
amorphous orientations:

Áv=x/„+(l-X)/am (7J0)

where x is the crystallinity, the crystalline, and /am the amorphous 
orientation, as given by Eq. (7.19). Optical birefringence in uniaxially onented 
polycrystalline polymers can be given by (Hermans 1946).

d=x4°Jcr+(l-x)dLÁm, (731)

where is the internál birefringence of the totally oriented crystal and dam 
that of the amorphous parts. (In the case of isotactic polypropylene dcr — 29.1 
x 10~3, dfm = 60.0x 10“3). Rearranging Eq. (7.31) gives:

1 Ám (7.32)

and a linear relationship is obtained between A/xf„, such that.



286 Molecular structure of polymers Ch. 7

This relation can be used to determine d° and A° if values of A x f 
and Ám are known. The same equation can be used to check the validity of /am 
obtained in the sonic modulus measurements referred to below.

7.11.8. Orientation measurements from ultrasound

This type of orientation measurement is based on the fact that the sonic 
modulus, E, is dependent upon the orientation of molecular chains. The 
relationship between molecular orientation and the velocity of sound is 
outlined in Fig. 7.64.

Polymer 
molecules

Propagation 
direction of 
sound

Perpendicular to the molecular axes

Parallel with the 
molecular axes

At an angle of
S with respect to the axes

Sound propagation

Fig. 7.64. Possible orientations of molecular chains with respect to sound direction.

Ward (1962) has shown that:

1 1— cos2©
F ~ F°c clal

(7.33)

where E is the measured modulus, 0 the angle between the velocity of sound 
and the axis of symmetry, and E^ the modulus of the totally oriented fibre. 
Here “lat” is an abbreviation fór lateral, or transverse modulus.

Samuels (1965) showed that the sonic modulus can be used to study 
orientation in heterogeneous two phase systems. This analysis assumes that in 
a homogeneous ideál mixture, density and compressibility are additive 
quantities. If both amorphous and crystalline phases are present, the 
following relationship is valid fór compressibility:

K = xKcr + (l-x)Kam (7.34)
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(7.35)

, C, and density,

(7.36)

where K is the compressibility of the mixture, Kcr is that of the crystalline, Kam 
is that of the amorphous parts, x is the crystalline fraction.

The relationship between compressibility, K, búik elastic modulus, B, 
Young’s modulus, E and Poisson’s ratio, v, is:

1 3(1 — 2v)
k=b~~~é~-

The ratio between the sonic modulus, E, velocity of sound 
p, in rigid, rod-like objects was established by Newton.

E — pC2.

Combining Eqs (7.35) and (7.36) gives:

„ 1 ,(l-2v) (7.37)

According to Waltermann (1963), Poisson’s ratio fór polypropylene is v 
= 0.33, so that fór long, rodlike polypropylene samples Eq. (7.37) reduces to:

„ _ 1 _ 1 - 1 (7-38)
B E pC2'

Comparing Eqs (7.33)-(7.38) one can see that fór the sonic modulus of an 
oriented polypropylene sample:

— = f-A—\l-cos20) + —\l-cos20am), (7-39)

Eor \^lat, cr/ \fflat, am/

In the case of unoriented samples cos2 0 = 1/3, and so:

3 _ x + 1—x (7.40)
2EU - EŰt.cr ^lat.am

where u refers to the unoriented State.
If sonic modulus of unoriented semicrystalline polymers is studied as a 

function of crystallinity, the internál lateral modulus of crystalline and 
amorphous areas can be obtained. Table 7.4 shows the sonic modulus, density 
and crystalline fraction values calculated by Samuels fór somé polypropylene 
samples. From these experimental data the following internál lateral moduli 
can be calculated fór crystalline and amorphous parts of isotactic 
polypropylene:

E°t.ct = 3.96GPa, (741)
El°at.am=106GPa. (7’42)
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Sonic moduli and crystallinities of polypropylene fibres

Table 7.4

Sample
Sonic modulus 

(£) in GPa
Density 
g/cm3

Crystallinity, % 
after Samuels

1. 2.27 0.8875 0.410
2. 2.48 0.8936 0.485
3. 2.63 0.8980 0.540
4. 3.01 0.9061 0.643

Once these data are known, the amorphous orientation can be calculated 
from:

3/2(dE -1) = (7-43)
^lat, cr ^lat,am

where /cr is the crystalline, /am is the amorphous orientation.
/„ can be determined from X-ray data and:

= (7.44)

In practice sound velocity is determined by a “time of flight” method: that 
time interval is measured which is needed fór the sound-pulse to cover a 
certain distance. If the distance is changed systematically and a path-time 
diagram constructed, the velocity can be calculated from the slope of the 
curve:

C =
path difference 

time
(7.45)

If, fór example, a distance of 110 mm takes 85 /zs, then:

110 mm
85 /zs

= 1.69 km/s.

In fibres the sonic modulus is frequently given in g/den units:

E = C2 • 11.3 [g/den]. (7.46)

The sonic modulus in Pascals fór any kind of matéria! is given by:

E = pC2[Pa], (7.36)

if the density is given in kg/m3, sound velocity in m/s and the velocity is in 
km/s, the result is obtained in GPa units.
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Somé equipments are available commercially which measure the sonic 
velocity by driving the fibre through two sensor heads, the distance between 
the heads being periodically decreased and increased. As a consequence, the 
time of flight alsó changes periodically, and the slope referred to in Eq. (7.45) 
can be determined.

The schematic view of such an apparátus is shown in Fig. 7.65. The time 
of flight versus sensor head distance is shown in Fig. 7.66.

ReceiverClamp

Fig. 7.65. Schematic of equipment used fór the determination of ultrasound velocity. 

(After Samuels 1974.)

Distance between the transmitter and receiver

Fig. 7.66. Variation of time-of-flight fór ultrasound pulse with the distance between the detectors 
in the ultrasound velocity determining equipment. (After Samuels 1974.)

7.11.9. Experimental results and the importance 
of amorphous orientation

Experimental data show that in the overall context, tensile strength, 
elongation and shrinkage all depend primarily on amorphous orientation. 
Geleji et al. (1977) studied the relationship between morphology and 
mechanical properties of various polypropylene fibres of different molecular 
mass distribution. Table 7.5 summarizes the results obtained fór fibres with 

different draw ratios.
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Amorphous orientation is more sensitive to drawing than crystalline 
orientation. Fig. 7.67 shows the tensile strength as a function of amorphous 
orientation, while the initial modulus-amorphous orientation plot can be 
seen in Fig. 7.68.

A more thorough investigation of the data shows that amorphous 
orientation and the size of amorphous regions together influence the

Fig. 7.67. Relationship between tensile strength and amorphous orientation fór polypropylene 

fibres.

Fig. 7.68. Initial modulus of polypropylene fibres as a function of amorphous orientation.
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properties. The linear dimensions of amorphous regions can be estimated 
from the long period, L, obtained from small angle X-ray scattering (SAXS) 
data and from the crystalline partiele size, D. As a First approximation Tam, the 
size of the amorphous region, is the difference between the long period and

• W2
Fig. 7.69. Initial modulus of polypropylene fibres as a function of specific amorphous orientation.

Fig. 7.70. Tensile strength of polypropylene fibres as a function of specific amorphous orientation.
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Fig. 7.71. Sonic (Young’s) modulus of polypropylene fibres as a function of specific amorphous 

orientation.

Fig. 7.72. Elongation at break of polypropylene fibres as a function of specific amorphous 

orientation.
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crystalline partiele size:

T3m = L-D. (7.47)

If the amorphous orientation is divided by the size of the amorphous region, 
the specific amorphous orientation is obtained:

/Spec,am=y5-- (7-48)
'am

Initial modulus (Fig. 7.69), tensile strength (7.70), sonic (Young’s) modulus 
(Fig. 7.71) and elongation at break (Fig. 7.72) all depend essen tially linearly on 
the specific amorphous orientation. Amorphous orientation is limited to the 
amorphous regions—it is then plausible that the mechanical properties of 
fibres referred to above, are mainly determined by the specific amorphous 
orientation.

7.12. DETERMINATION OF CRYSTALLINE
PARTICLE SIZE

Two properties of X-ray diffraction photographs can be used in the 
determinátion of crystalline partiele size: one is line-broadening, the other is 
granular structure.

It was observed by Laue (1913) and Scherrer (1920) that interference lines 
are broadened if the size of the crystallites falls below 50 nm. If the crystallite 
size exceeds 10“6 m, then interference conditions are valid fór relatively few 
crystallites, and the diffraction pattern becomes “granular”. It can be seen 
even by inspection that the partiele size is nőt fine enough fór the normál 
Debye-Scherrer diffractogram. This “granularity” can be evaluated exactly, 
bút the order of magnitude does nőt exist in polymers, so its treatment will be 
omitted here.

The line-broadening effect is, however, very important in polymers. The 
phenomenon itself is similar to that of interference lines observed fór optical 
gratings. In the case of optical gratings, when the number of slits is suffi- 
ciently high, the interference pattern is sharp. If, however, the number of 
diffraction slits is decreased, the interference lines broaden somewhat. If the 
crystallite size falls below the limit of 50 nm, a similar line broadening occurs 
in X-ray diffraction (Henry et al. 1951).

Despite the fact that line broadening in polycrystalline materials cannot 
be aseribed to the reduced size of crystallites exclusively, internál stresses and 
impurities have a similar effect (Hosemann 1950, Kitaigorodsky 1952), and 
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crystallite size can be estimated by the study of X-ray diffraction line 
broadening. As the effect of other factors cannot be taken intő account 
exactly, somé authors prefer to refer to “apparent crystallite size” or ‘‘partiele 
size equivalent” (Ruscher 1958).

Apparent crystalline partiele size can be calculated using the 
relationship:

KA
Dhkl“ /?cos 0 (7.49)

where Dhkl is the crystallite size normál to the hkl pláne (in nm), K is a 
proportionality factor (its value being close to unity), A the applied 
wavelength, fi a measure of line broadening (in radians), and 0 the Bragg 
angle.

Apparent crystallite size refers to the dimension obtained by the above 
formula when K= 1 is chosen (Jones 1938). Line broadening, is the excess 
line broadening as opposed to the instrument line broadening. The linewidth 
is measured as the halfwidth (in radians) related to half of the maximum 
absorption (Fig. 7.73).

Fig. 7.73. Representation of linewidth or halfwidth.

Frequently the integrál linewidth value is used, this is the ratio of the 
totál area of the diffraction line and the maximum height. It is equal to the 
width of a rectangle, the height of which is equal to the height of the diffraction 
line, its area being equal to the totál area of the diffraction line (Fig. 7.74).

Instrument broadening, ^inst, refers to the linewidth obtained under 
specific circumstances fór a given camera type, síit system, and angular rangé, 
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when measuring infinite crystallite size. Fór this purpose copper sheet or 
graphite are used.

Line broadening, fi, is determined using the relationship:

P - V7TÍT <™»
where is the measured, and j?inst the instrument linewidth.

It should be noted that line broadening is the lateral smearing of the 
interference line (Fig. 7.75), while in the case of orientation it is the angular 
distribution along a circular arc which has to be taken intő account (Fig. 7.76).

These two notions are frequently confused. The reason fór this may be 
that in both cases a half-width is calculated as a characteristic value. Fór

Fig. 7.74. Representation of the integrál linewidth.

Fig. 7.75. Crystalline partiele size determined from broadening of the crescent profilé.

Fig. 7.76. Determination of the degree of orientation from the angular width of the diffraction arc.
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orientation measurements, the angle with respect to the equator is calculated, 
while in the case of line broadening, the width is measured in the radial 
direction.

In cylindrical cameras the linewidth, expressed in radians, can be cal­
culated simply from the linewidth, B measured on the photometric curve:

« A (7.51)
fR

where B is the measured linewidth (mm), f the magnification factor of the 
photometer, and R the radius of the camera (mm).

In the case of a fiat fűm camera:

2?r ( ri r2 \ ín cmí--^(arc,a”J7-arc,a”77.) * 1

where r, and r2 are the distances of the two sides of the line from the centre of 
the film, such that:

B = rx-r2 (7-53)

c is the distance between the object and the film (mm), and f the magnification 
factor of the photometer. In diffractometers the linewidth can be read directly 
in degrees, here the linewidth in radians is given by:

^m = ^B° = 1-745-1()3ö° (7-54> 

where B° is the linewidth in degrees.

B*
Fig. 7.77. Calibration function fór crystalline partiele size determination from the line broadening 
at 20 = 14°. Müller Mikro 111 diffractometer, síit width 1°.
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To solve frequently occurring problems quickly, graphical relationships 
can be established fór a given line, instrument and síit system, so that the 
crystalline partiele size can be read direetly. Such an empirical function is 
shown in Fig. 7.77.

From a practical point of view it is important that the evaluation of 
linewidths is made easy in cylindrical cameras (such as in Debye-Scherrer 
cameras), since the formula is relatively simple in this case. Data processing is 
more complicated with fiat cameras, and they are nőt therefore used fór 
this purpose. Line broadening measurements are very simple with 
diffractometers.

The information content of X-ray interference lines are better exploited if 
the factors influencing the measured data are known individually. If 
experimental intensity values are denoted as h(x) (where x is the spatial, here 
the angular coordinate), then, in order to determine the instrument distortion 
function, g(x) spectrum analysis must be applied. Once the instrument 
distortion function is known, experimental curves can be improved by 
spectrum analysis, and the instrument effects can be removed mathematically.

This is a generál problem in data processing, and several methods have 
been developed to solve it. Here we mention the method of Stokes (1948) 
which was developed before the advent of computers. This method makes use 
of Lipson-Beevers strips used in X-ray structural analysis.

Its essence is the determination of Fourier coefficients fór the h(x), 
experimental, and g(x\ instrument line broadening curves, so that the Fou­
rier coefficients of the /(x) functions, (F(n)) can be determined by simple 
algebraié division. If the Fourier coefficients of the undistorted / (x) function 
are known, /(x) can be calculated by inverse Fourier transformation.

Applying this, or somé similar method, the undistorted lineshape can be 
found and the average crystalline partiele size calculated from the Laue- 
Scherrer equation.

7.12.1. Determination of crystalline partiele size distribution

Thus far the determination of the average value of crystalline partiele size has 
been discussed. If more crystallographic reflections are studied, information 
can be gained about the average value in different [hkl] directions.

Bertaut (1949) developed a method to determine the distribution of 
crystalline partiele size fór catalysts. This method calculates the distribution 
function from the undistorted interference profiles obtained by Foi rier 
analysis of the experimental curve. A similar approach has been used by
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Profax 6331
Number weighted crystalline partidé size

Fig. 7.78. Number weighted distribution of crystalline partiele size in a Profax 6331 
polypropylene sample.

Profax 6331

Fig. 7.79. Diameter weighted distribution of crystalline partiele size in a Profax 6331 

polypropylene sample.

Bodor and Füzes (1978) fór polymers. The distribution of crystalline partiele 
size is shown in Figs 7.78 and 7.79 fór Profax 6331 polypropylene. In the first 
case weight factors are calculated from the number of particles, in the second 
from their diameter. Crystalline partiele size distribution curves can be 
bimodal, an example fór a polyamide sample is shown in Fig. 7.80.
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Poliamide MET 2
Diameter weighted crystalline partidé size

Fig. 7.80. Diameter weighted distribution of crystalline partiele size in a MET 2 polyamide 
sample (bimodal distribution).

7.13. DETERMINATION OF CRYSTALLINITY
IN POLYMERS

7.13.1. Definition of crystallinity
(Crystalline mass fraction)

Earlier discussion has suggested that the partially crystalline natúré of somé 
polymers may be recognized from their X-ray diffraction patterns. By 
definition a crystalline matéria! is one exhibiting three-dimensional order. 
The presence of crystallinity can be detected by X-ray diffraction and 
thermodynamic measurements.

The definition of the degree of crystallinity, that is, the ratio of crystalline 
and non-crystalline components, is as follows: if N different phases are present 
(fór example one amorphous and several crystalline phases, such as 
hexagonal, cubic, etc.) then the mass fraction fór the k-th type is given by:

ak= — (7.55)
m

where mk is the mass of the /c-th phase (/ = 1 to N) and m the totál mass:
N

Z mi-
j=1
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In the case of a two-phase model where only one crystalline (1) and the 
amorphous (2) phases are present, the crystalline mass fraction is:

a1=x=—, (7-56)
m

where m = ml + m2.
X-ray determination of crystallinity is based on measuring the intensity 

of X-rays scattered by crystalline, mi, and amorphous m2, parts of the 
sample, and is calculated as:

x = mi__=. (7.57)
m1+m2 mcr + mam

Since X-rays are scattered mainly by the electronic shell of the atoms, it is 
reasonable to assume that the scattered intensity is proportional to the 
number of electrons, that is, to the mass of the scattering phase. It follows that 
if the crystallinity is to be measured by X-ray diffraction, it is sufficient to 
compare the intensity of reflections scattered by the various phases, this 
means that the integrál intensities must be calculated. Details of this 
calculation will be discussed later.

After suitable calibration, any physical method related to crystallinity 
can be used fór crystalline fraction measurements, these include density, 
infrared absorption intensities, heat capacity, Chemical reactivity or mechan­
ical hardness.

It is important to know the number of different crystalline phases, in 
polyamides, fór example, and frequently in polypropylene and polyethylene, 
several crystalline phases coexist. In these cases density measurements cannot 
be used since the densities of the different crystalline phases vary somewhat. 
Under these circumstances, besides the measured density value it is neces- 
sary to know the relatíve amounts of the different crystalline phases.

Crystallization processes can be monitored by thermoanalytical 
methods, so that the exothermal crystallization process can be detected by 
DSC. Sometimes crystallization results in very fine crystallites as in 
polyamides and their X-ray diffraction pattern is difficult to distinguish from 
the amorphous haló, since the line broadening effect is strong. Crystallization 
is, however, unambiguously detected by DSC. These samples are crystalline, 
despite the fact that, by current X-ray diffraction methods, interference lines 
overlap with amorphous scattering, and only an angular shift indicates the 
presence of crystallinity. The crystalline natúré of these samples can be shown 
by a detailed analysis of the diffraction pattern, bút this is indirect evidence. 
The DSC curves of such samples do nőt reveal any further crystallization, 
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whereas the crystallization process is easily identifíed on DSC curves of 
amorphous polyamide samples on heating (Bodor 1969) under identical 
conditions.

Thus crystallinity can be detected by thermodynamic means, even 
though, owing to the small crystallite size, the interference lines are smeared 
out as a result of line broadening. In this sense thermodynamic criteria fór the 
presence of crystallinity are more generál than those based on X-ray 
scattering, that is, on the presence of three-dimensional order.

7.13.2. Resolution of scattering intensities 
of different origin

In order to evaluate crystallinity from X-ray diffraction curves three kinds of 
scattering must be distinguished. These are: background, amorphous and 
crystalline scattering. In practice, this means the calculation of areas under 
diffractometric or photometric curves.

7.13.2.1. Determination of background scattering

This scattered intensity originates partly from the thermal motion of the 
crystal lattice, and partly from Compton scattering which depends on the 
matéria! type, bút is independent of its physical State. Determination of this 
contribution causes problems mainly in photometric methods, since 
inadequate beam collimation causes the photometric curve to become ill-

Fig. 7.81. X-ray diffractogram of polypropylene obtained in a Debye-Scherrer camera. Beam síit 
0.5 mm.
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defined at small angles. Fór diffractometric curves where photon-counters are 
used background nőise can be calculated with greater certainty.

Included in the background scattering is that known as “white 
scattering” which is the result of mixed wavelength radiation from the X-ray 
tűbe, this appears close to the main radiation direction. White scattering is a 
function of the service time of the X-ray tűbe, and is caused by a thin tungsten 
layer being deposited on the anode from the incandescent filament. This form 
of scattering can be eliminated by effective monochromators.

Fig. 7.82. X-ray diffractogram of polypropylene obtained by a diffractometer using a Geiger- 
Müller counter as a detector. Síit is 1°.

Use of diffractometers improves data processing possibilities. To dem- 
onstrate the difference, photometric and diffractometric curves of the same 
sample are shown in Figs 7.81 and 7.82. The wide angle diffraction rangé in 
polymers falls between 3 and 35°, and background scattering is readily 
measured by diffractometric methods at the extremes of this angular rangé. 
Determination of background scattering in ftlms is problematic in the 
neighbourhood of the direct radiation (in the 20 = 3-10° rangé), and much 
published work includes calculations only from angles exceeding 20= 10°. 
This approach gives reproducible results, bút neglects part of the amorphous 
scattering, and leads to mathematical problems, as the underestimated 
amorphous areas have to be corrected empirically.

7.13.2.2. Determination of the shape of amorphous scattering curves

Determination of amorphous scattering intensity is relatively simple in those 
angular ranges where no crystalline reflections appear, since all scattering 
above the background can be ascribed to amorphous areas. If, however, 
crystalline peaks are superimposed on the amorphous haló, amorphous 
scattering is usually taken as the midpoint minimum between the crystalline 
peaks. It will be shown later that this technique is incorrect.
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Dependent upon the crystalline partiele size, their interference lines 
overlap, so amorphous curves calculated from the contour of the inter- 
crystalline minima are, at least to somé extent, influenced by crystalline 
scattering, and the crystallinity determined from these data will be incorrect. 
This problem will be returned to after presenting the basic ideas.

Resolution of totál scattering intő amorphous and crystalline parts 
assumes, of course, that only two phases are present in the polymer, and 
neglects any transitions. This approach is disputable, bút is usually accepted 
as a first approximation.

Amorphous scattering of polymers is best measured in the molten State, 
or in somé cases on quenched amorphous samples. The scattering pattern of 
amorphous polymers usually has two rings, bút sometimes several more are 
apparent. Natta (1957) analysed amorphous scattering curves fór several 
polymers with the conclusion that in most polymers there is a diffraction ring 
at 20 = 19.5°, which corresponds to the van dér Waals distance. In addition 
there is another diffraction bánd with a position dependent upon the size of 
the side groups (in the case of polypropylene at 20=16°). The latter 
corresponds to an approximately hexagonal ordering of the molecular chains. 
Amorphous scattering fór several polymers is plotted in Fig. 7.83.

There is evidence to suggest that amorphous scattering can be analysed 
better by electron than by X-ray diffraction. Fór example the X-ray diffraction 
curve fór molten polyethylene exhibits only two interference lines, while in 
electron-diffraction measurements a third amorphous ring is observed at 
higher angles.

Fig. 7.83. Amorphous X-ray diffraction of somé polymers. (After Natta 1959.)
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Amorphous scattering is usually related to the stereo-regularity of the 
chain. In isotactic polypropylene, fór example, a strong amorphous haló is 
observed at 20 = 20°, while in atactic one amorphous scattering dominates 
at 20= 16° (Bodor and Nagy 1968).

If the bandshape of the amorphous scattering is known, then the whole 
amorphous scattering curve can be constructed from a single experimental 
point, even if the crystalline diffraction lines overlap. Bandshape analysis fór 
amorphous matéria! is a crucial step in the determination of crystallinity, 
errors made at this point can lead to totally false results. All scattering in 
excess of the background and amorphous scattering can be ascribed to 
crystalline parts.

7.13.3. Calculation of crystallinity from amorphous 
and crystalline scattering

Data Processing methods can be divided intő two groups: in the first case a 
single diffractogram is sufficient, whereas in the second group at least two X- 
ray diffractograms are needed. Sometimes the first group is referred to as 
involving absolute methods, whilst the second uses relatíve ones. This 
distinction is nőt correct, since absolute and relatíve crystallinity values can 
be obtained by methods in both groupings.

7.13.3.1. Data Processing from individual diffraction patterns

When crystallinity is calculated from interference patterns (or more exactly, 
from the areas under the diffraction curve) it is implicitly assumed that the 
totál, integrated scattered intensity of the macroscopically isotropic sample is 
independent of the physical State. If the totál crystalline scattering is denoted 
as Tcr, and the totál amorphous scattering as Tam, then the crystalline fraction 
can be calculated from:

Tx= . (7.58)
Tcr+Tam

Scattered intensity is proportional to the area under the scattering curve, the 
intensity of the individual lines, however, must be corrected by the Lorentz 
and other structural factors.

These geometrical correction factors take account of scattered intensity 
dependence on the scattering angle. If the Ewald concept is used, it is 
necessary to take intő account the finite dimensions of the reciprocal lattice 
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points. Their intersection with the Ewald sphere depends on the position, 
and velocity of the reciprocal lattice point: geometrical relations influence the 
intensity. In the case of rotation photographs, fór example, the intensity 
depends on the angular velocity, that is, on the time spent by the finite volume 
reciprocal lattice “point” at a given position, or, in the case of powder 
photographs, it depends on the intersection area of two spheres.

Fór powder diffractograms these purely geometrical distortions can be 
corrected fór by the Lorentz factor:

1
sin2 0 cos 0 (7-59)

As suggested earlier, diffraction can alsó be interpreted as a reflection 
from a set of parallel planes (the angle between incident and scattered 
radiation being halved by the normál to the [hkl\ pláne), and so a polariza- 
tion characteristic of reflection appears, leading to reduced intensity. This 
phenomenon can be corrected fór by the polarization factor:

1 + cos2 20
2 (7.60)

When calculating the totál scattered intensity, the measured intensity (or 
area) has to be divided by the above mentioned factors, so that:

"Fm- %f.am Ti.am

(7.61)

(7.62)

where 7] is the area under the i-th line in the diffractometric curve (in arbitrary 
units), fi the corresponding correction factor, Tit am the area under the i-th 
bánd of the amorphous diffraction curve (in the same units as T,) and f, am, 
the corresponding correction factor.

Crystallinity determination should be based on diffractometric data 
taken over the full rangé of scattering angles from 0 to 360°.

Since this totál scattered intensity is rarely available in experiments, data 
collection and processing is usually limited to a narrower angular rangé. As 
mentioned in relation to Fig. 7.8, the main scattering rangé fór polymers 
extends to 20 = 35°. At angles higher than this value the intensity of scattering 
lines diminishes rapidly due to the thermal motion of lattice points, and they 
gradually merge intő the background scattering. The ratio, Q, of intensities 
scattered by ideál and reál crystals can be characterized by the Debye factor: 

Q = exp — 2B
sin 0\2

2 /
(7.63)
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where fi is a thermal factor, which is constant fór a given crystal. fi is related to 
the vibration amplitude, u, of the atoms, such that:

B = 8nV. (7-64)

fi determines the rate of intensity decrease of the reflections as a function 
of scattering angle. Fór polymers (in generál fór carbon compounds) fi is close 
to 0.035 nm.

If it is assumed that the scattered amorphous and crystalline intensities 
outside the angular rangé studied are negligible (or their ratio is the same) 
then after correcting the measured intensities according to Eqs (7.61) and 
(7.62) the crystalline fraction can be calculated from Eq. (7.58). A good 
example of this approach to crystallinity determination was reported by 
Krimm and Tobolsky (1951) fór polyethylene.

Fig. 7.84. Photometric curves of X-ray diffractograms taken from polyethylene samples of 
different crystallinities.

The X-ray diffractograms of three of the samples studied are shown in 
Fig. 7.84. The diffractograms refer to samples of different crystallinity. The 
two crystalline diffraction peaks are due to the [110] and [200] planes, while 
the amorphous ring appears close to the [110] line at a slightly smaller angle. 
Resolution of the diffraction pattern is based on the symmetric natúré of 
interference lines (Fig. 7.85). Amorphous scattering was measured independ-
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ently using molten samples. The centre of the amorphous scattering bánd 
corresponds to a 0.45 nm interplanar distance. The areas under the three 
component curves were determined planimetrically, and these intensities 
corrected according to the method established above. (The combined

Fig. 7.85. Resolution of component curves on the X-ray diffractogram of polyethylene.

correctioh factors fór polyethylene being /am = 0.69, /110= 1.00, /200 = 1.43.) 
The crystallinity from these three areas could then be calculated:

A10/10+ Aoo ^oo 

/no ^Iio + Áoo Too + Ám Cm
■ 100, (7.65)

x% =____ Ti io 4-1.43 T20q____
° 0.69 Tam+Tj i0 + 1.43 T200

where 7^m, T110 and T200 denote the areas under the amorphous and two 
crystalline diffraction lines respectively (see Fig. 7.85).

Should the amorphous or crystalline scattered intensity falling outside 
the measured angular interval nőt be negligible, or if their intensity ratio is 
substantially different from that in the measured interval, then an empirical 
constant k, must be included in the crystallinity formula, such that:

Tr
Cr + k Tam 

(7.66)

where the value of k has to be established by measurements extending to the 
totál angular rangé. The crystallinity of polypropylene has been determined 
by Natta et al. (1957) using this method.
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Characteristic lines of X-ray diffractograms of polypropylene
Table 7.6

Interference 
line

Crystallographic 
index 

hkl

Diffraction 
angle 

20° (Cu AJ

Relatíve 
intensity

Correction 
factor

C, 110 14 2 3.06

c2 040 17 1 5.18

130 18.8 0.8 6.89

C4 111 21.2 2 10.30
(131 041) 21.9

Amorphous — 16.3
----- ---------------—

o.y

After Natta 1959.

Table 7.6 contains the most important data of the diffraction lines taken 
intő account in their calculations. Fig. 7.86 shows the diffractograms of their 
polypropylene samples of different crystallinity and the corresponding 
amorphous bands with height ham.

The asymmetric amorphous bánd, which is the result of two overlapping 
peaks can be approximated by triangles. The base ends of these triangles are 
found at 10.8 and 25.3° respectively, while the height of the triangle, ham is at 
16.3°.

If measurements had been performed over the entire angular rangé, 
crystallinity could be determined using Eq. (7.58). However, acceptable 
results are obtained if the corrected intensity ratio is measured up to 20 - 30 . 
In practice measurements were performed only up to 20 = 25 , and 
crystallinity calculated from Eq. (7.66), where k is 0.9.

Another method which uses data measured over a restricted angulai 
rangé takes the ratio of uncorrected crystalline and amorphous intensities 
calculated from data measured over a chosen angular interval which includes 
the majority of measurable reflections. Crystallinity data obtained this way 
has to be compared with independent results, fór example, from density 
measurements. Such a method was used by Farrow (1961) to determine the 
crystallinity of polypropylene. Amorphous and crystalline ranges were 
distinguished by the minimum appearing between the [HO] and [040] 
reflections. Crystallinity was calculated by Eq. (7.58) (without correction 
factors) and independently, using density measurements. Data calculated by 
these independent methods showed a systematic difference fór stretched 
polypropylene fibres. With increasing extension ratios (and biiefringence)



310 Molecular structure of polymers Ch. 7

Fig. 7.86. Crystallinity determináljon from the X-ray diffractogram of polypropylene. (After 
Natta 1959.)

density values increased while the X-ray crystallinity remained constant (Fig 
7.87).

Farrow could nőt explain the inconsistency between the two crystallinity 
trends. According to present knowledge the probable cause was that the 
crystallite size became too small, as the average crystallite size decreased.

o 5 10 15 20 25
Birefringence, J 10 3

.5
5
ö

Fig. 7.87. Dependence of crystallinity on optical birefringence in polypropylene. Crystallinity 
data are taken from density and X-ray diffraction measurements. (After Farrow 1960.)
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Owing to line broadening and smearing the amorphous area may appear to 
increase, or at least remain constant, so the apparent crystallinity calculated 
from X-ray data decreases, or remains reasonably constant.

The measurement of intensity ratios of this kind is relatively simple, they 
are therefore popular, bút such methods yield only relatíve crystallinities. 
There is no guarantee that the intensity ratio in the chosen angular interval is 
equal to the corrected intensity values over the whole rangé. Crystallinities 
obtained in this way must therefore be checked, and compared with data 
obtained by other experimental methods.

It is interesting to note, and it proves the applicability of this approach, 
that there is no systematic difference between the crystallinities obtained fór 
polypropylene by the Natta and Farrow methods. This, of course, cannot be 
generalized to other polymers, where scattering may be totally different.

7.13.3.2. Ruland's method fór crystallinity determination

Ruland (1961) developed a method to determine crystallinity which will be 
discussed in somé detail because of its importance. In connection with the 
reciprocal space the following quantity has been introduced:

s =
A

2 sin 0
A

(7.67)

This is the characteristic paraméter of the reciprocal lattice, which is 
independent of the applied wavelength. In the case of powder diffractograms 
reciprocal lattice points can be found on the surface of a sphere of radius s. 
The diffractometer sweeps the reciprocal space in one dimension, bút fór exact 
measurements, integration of the intensity should be performed in all three 
dimensions. If the intensity distribution is spherically symmetric, spherical 
polar coordinates can be used and the angular variables integrated in 
advance:

J I(s)dvs = 4n J s21(s)ds (7.68)

and fór crystalline intensity:

J Ic(s)dvs = 4n | s2Ie(s)ds. (7-69)

Fór a first approximation the crystallinity of the sample can be calculated as: 

í s2Ic(s)ds
x=l-----------  (7.70)

f s2I(s)ds
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where x is somewhat lower than the exact value, since somé of the crystalline 
scattered intensity contributes to the diffuse background owing to crystal 
defects and the thermal motion of lattice points.

To allow fór these effects Ruland introduced a lattice defect paraméter, 
D, intő the intensity formula. This takes account of all intensity losses of 
crystalline reflections due to the non-ideal distribution of atoms.

The square average atom-scattering factor in the polymer studied can be 
calculated from:

p=XN1fl 7

where Nt is the number of atoms of the i-th type (determined by the 
stoichiometric formula), and f the atom-scattering factor.

Eqs (7.68) and (7.69) can then be rewritten in the form:
00 00 ____

4rt J s2I(s)ds = 4n J s2 f2 ds, (7.72)

and
dn \ s2Ie(s)ds = dnx \ s2 f2 D ds. (7.73)

Division of these two expressions gives the crystallinity ratio: *

J s2Ic(s)ds j s2f2 ds
x = J ... . (7.74)

í s2I(s)ds í s2f2 Dds 
o o

This expression is applicable if there is no orientation, the order is three- 
dimensional, the integrals are valid fór the limited rangé studied, crystalline 
peaks can be reliably and reproducibly resolved, and finally if the D-factor is 
known.

Fór first order lattice distortions (including thermal vibration) D can be 
described by a Gaussian distribution. Fór second order distortions the 
following expression is valid:

D= 2exp( —as2)
1 + exp(—as2)

Ruland found that the coefficient:

f s2/2 ds
Sp_______
f s2f2 Dds 

(7-75)

(7.76)
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if plotted versus s?, the upper limit of integration, gave identical slopes when 
relating Gaussian curves with D curves calculated by Eq. (7.75). These results 
are shown in Fig. 7.89. All kinds of lattice distortion can therefore be 
described approximately by a single Gaussian lattice defect factor:

D = exp( —ks2), (7.77)

where k has three components:

k = kT + k1 + kH (7.78)

where kT is the thermal contribution, and k, and kH are due to first and second 
order lattice distortions respectively.

Application of Ruland’s method can be illustrated by the study of a series 
of polypropylene samples with differing thermal histories:

Sample 1. Isotactic polypropylene, quenched from the melt in room 
temperature water.

Sample 2. The same as Sample 1., bút annealed at 105 °C fór 1 hour after 
quenching.

Sample 3. The same as Sample 1., bút annealed at 160 C fór 1/2 hour 
after quenching.

Sample 4. Heptane extract of raw polypropylene, highly atactic.
The experimental diffractometric curve was corrected fór polarization 

effects, and the intensity data plotted versus s instead of 20. Fig. 7.88 shows

Fig. 7.88. s2I(s)-s plot of X-ray diffraction data obtained from a polypropylene sample. (After
Ruland 1961.)



314 Molecular structure of polymers Ch. 7

the s2 /(s) function plotted versus s fór sample 3. The shaded area corresponds 
to incoherent scattering, and was calculated theoretically. The area under the 
dashed line and crystalline diffraction lines is due to coherent scattering. By 
integrating these areas, crystallinity can be calculated from Eq. (7.74), 
provided the constant K, in Eq. (7.76) is known.

Ruland constructed a nomogram fór the determination of K. f2 values 
were calculated from the Chemical composition and so = O.l taken as a lower 
limit in Eq. (7.76) gave s the K values as a function of sP, the upper integration 
limit, using k as a paraméter (Fig. 7.89).

Fig. 7.89. Nomogram used in the calculation of K value using various k lattice defect factor values 
as parameters, independent variable is sp, the upper integration limit. (After Ruland 1961.)

Ruland chose different k values and determined that which gave constant 
crystallinity results fór a particular sample. Table 7.7 shows the calculated 
crystallinities fór the four samples where k = 0 and 4, and using sP = 0.3,0.6,0.9 
and 1.2 as upper integration limits. He arrived at the somewhat surprising 
result that constant crystallinities could be obtained with k = 4 in all cases. It 
means that crystal distortion in these samples was very nearly uniform. This 
is a reasonable conclusion when it is taken intő account that, in polypropy- 
lene, crystal distortions are small compared to the effects of thermal motion.

This assumption has been corroborated by Natta and Corradini (1960), 
who found the average isotropic thermal coefficient of the polypropylene
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After Ruland 1961.

Table 7.7

Crystallinities in polypropylene as a function of k and the integration interval

Interval 1. Sample 2. Sample 3. Sample 4. Sample

SO~Sp k=0 k = 4 k = 0 k = 4 k = 0 k = 4 k = 0 k = 4

0.1—0.3 0.270 0.329 0.353 0.431 0.456 0.666 0.120 0.146

0.1—0.6 0.195 0.294 0.222 0.411 0.333 0.616 0.078 0.144

0.1—0.9 0.105 0.305 0.145 0.421 0.220 0.638 0.044 0.128

0.1—125 0.067 0.315 0.095 0.447 0.145 0.682 0.029 0.136

Average x 0.31 0.43 0.65 0.14

lattice to be 5 = 0.075-0.185 nm2 (on the Á scale used by Ruland this is 
0.75-1.85 Á2). The coefficient, k, used by Ruland is related to B such that 
B = 2k, as shown by a comparison of Eqs (7.63) and (7.77):

2 = exp

D = exp

(7.63) 

(7.77)

As methods have been developed in fine structure analysis to determine B, k 
can be determined experimentally if the thermal motion is dominant.

The Ruland method is nőt used in routine studies, bút his method has 
been the basis fór several further investigations and simplified versions of the 
method are widespread.

7.13.3.3. Data processing by comparing diffraction curves

The application of this means of evaluation depends on whether the 
particular polymer can be obtained in the totally amorphous State or whether 
it is semicrystalline under all circumstances. Examples fór the first group are 
natural rubber, isotactic polystyrene and poly(ethylene terephthalate), fór 
the second group, cellulose, poly(tetrafluoro ethylene) or crosslinked 
polyethylene.

In the first case crystallinity is determined from the scattering curve of a 
semicrystalline sample using that of the amorphous condition, as shown in 
Fig. 7.90. The amorphous fraction can be measured directly if identical 
primary radiation and sample thickness can be achieved fór both measure-
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Fig. 7.90. Determination of the amorphous fraction if the fully amorphous polymer is available.

ments. In this case if the scattering curve of the totally amorphous sample is 
denoted by the dashed curve (running through points C and C'), and the 
amorphous scattered intensity of the semicrystalline sample by the con- 
tinuous curve (a congruent curve running through points B and B' with 
similar shape). The amorphous fraction can be calculated as:

'AB
1 — x— . 

AC
(7.79)

Field (1941) studied the crystallinity of various rubber samples by this 
technique. He measured the intensity of the amorphous haló fór amorphous 
rubber samples under identical primary radiation conditions, as a function of 
the sample thickness (Fig. 7.91).

Once the calibration curve was known the dam “amorphous equivalent” 
thickness fór any semicrystalline sample with thickness dmeas could be 
determined and the crystalline fraction expressed as:

x =
^meas ^amorphous

^meas
(7.80)

Of course, in this case standard conditions (equal X-ray power, exposure 
time, developing conditions etc.) have to be maintained.

Since crystalline areas develop at the expense of the amorphous 
component, Field developed his method somewhat further. An empirical 
calibration curve was constructed which related the ratio of the intensity 
maxima of the crystalline interference, /cr, and that of the amorphous ring, 
/am, to crystallinity (Fig. 7.92).
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Fig. 7.91. Intensity of the amorphous ring of an amorphous rubber sample as a function of 

thickness. (After Field 1941.)

Fig. 7.92. Functional relationship between crystallinity and the Z„//om ratio.

With this calibration curve the crystallinity of any rubber sample could 
be determined, even without standardized experimental conditions.

This method in this form is, however, appropriate only fór the 
comparison of samples with similar crystalline partiele size, since the integrál 
crystalline interference line intensities are used as a measure of crystalline 
scattering. The maximum intensity is, however, a function of line broadening, 
and in the case of equal crystalline scattering they change in opposite 
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directions, the area of the interference line being constant, bút the height and 
linewidth can change.

Observed intensities can be made independent of the exposure 
conditions using equipment developed by Goppel (1947). The essence of his 
method is the application of a standard reference cell within the normál 
diffraction camera. The method is outlined in Fig. 7.93. The direct beam is

Fig. 7.93. Schematic view of the Goppel camera. Zo—intensity of the incident radiation; P—süt 
system; 0 sample; d—thickness of the sample; I—intensity of the direct radiation passing 
through the sample; G—Goppel reference chamber; F—film; L—lead plate to absorb the direct 
radiation; /'—intensity of the direct radiation passing through the reference sample; /hkl— 
intensity of the radiation scattered by the sample; /ref—intensity of the radiation scattered by the 
reference sample.

viewed by both cameras and the interference patterns of the standard and 
investigated matéria! appear on the same film. As a standard, Goppel used a 
mixture of A1(OH)3 and CaSO4. Using the Lambert law, where f0 is the 
intensity of the incident beam, t the exposure time, d the sample thickness, and 
H the linear absorption coefficient of the sample, the intensity of the 
amorphous haló in the totally amorphous sample can be expressed as:

Ia(d) = klotde~^, (7.81)
provided that 0, the diffraction angle, is sufficiently small. The intensity of the 
amorphous ring in the partially crystalline sample, of totál thickness d is given 
by:

7a.c(d) = k/otdae“Md (7.82)
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where is the equivalent thickness of the amorphous rubber. The intensity of 
one diffraction line of the reference matéria! at small Bragg angles is:

/rcf= (7'83) 

since the radiation passes through both the sample and the standard matéria! 
before being diffracted.

Division of Eq. (7.82) by Eq. (7.83) gives the ratio which is independent of 
both the absorption of the rubber and the intensity of the incident radiation. It 
is, however, directly proportional to the effective thickness of the amorphous 
rubber, that is, to the amorphous rubber content of the sample:

(7.84) 
/rcf k'e "'i"r d"r

where k" can be determined from the diffraction photograph of the totally 
amorphous sample, as here da = d. From a knowledge of the actual thickness 
and k", the amorphous fraction can be determined in any particular sample.

^%=— 100. <7'85’
d

Owing to technical reasons this method is limited to the fiat camera 
technique. It cannot be applied in diffractometers with proportional counter 
detectors, since the reference camera cannot be positioned as required. 
Diffractometers are, however, much more stable devices, and the intensity of 
the primary radiation can be considered constant within experimental error. 
A further problem with this type of diffractometer is that the radiation does 
nőt pass through the sample, it is reflected from a relatively ill-defined depth, 
so that equal sample thicknesses in various samples cannot be ensured or 
checked. Since in Goppel’s method only the amorphous scattering intensities 
are compared, and intensity measurements are sufficient, it is nőt necessary to 
integrate the individual crystalline interference lines, or to take intő account 
the line broadening effect of crystalline partiele size distribution. Because of 
low intensities, however, care must be taken that corrections due to 
incoherent scattering and the scattering of air should be made. Results 
obtained by the Goppel method are practically identical to crystallinities 
obtained from density measurements (Wildschut 1946).

If totally amorphous samples cannot be prepared, crystalline reflections 
must be included in the calculation of crystallinity. Such a method was 
developed by Hermans and Weidinger, originally fór cellulose (1948), and 
later was extended to other polymers (1949, 1951, 1961). Diffraction 
photographs of various cellulose samples were prepared under standardized 
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conditions, and the assumption made that these samples could be character- 
ized by different crystallinities. Fig. 7.94 shows the photometric curves of a 
ramie and of a viscose fibre.

They have prepared small, macroscopically isotropic cylinders (height 2 
mm, diameter 1.5 mm) from the fibres.

The left hand part of the curves (denoted as 7ref) is treated in the same 
way as in the Goppel method, normalization being performed according to that

26
Fig. 7.94. Scattering curves of ramie and viscose fibres.

approach. The Figure shows scattering curves with amorphous areas which 
exhibit maxima at 20=18°. The shaded areas originate from incoherent 
radiation which were determined from the study of monocrystals of diamond 
and sugár. From these curves characteristics were chosen which are supposed 
to be proportional to the amorphous content, bút the proportionality 
constant is uncertain. Such characteristics are, fór example, the area under the 
amorphous scattering curve, Tam, or the maximum height of this curve, Aam. 
Another independent dátum was alsó chosen, which is alsó proportional to 
crystallinity, bút the proportionality constant is again unknown. Such a 
dátum is, fór example, the totál integrated intensity of the crystalline 
scattering lines between 10° and 40°, Tcr. Using two scattering curves the 
unknown proportionality constants could be eliminated and their value 
calculated. If the crystalline fractions of the two samples are and x2, and 
L.i, are proportional to the amorphous contents, Tcr l and Tcr2 are 
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proportional to the crystalline content, and the following pair of equations 
can be written:

X1 _ ^cr, 1 . 1—X1 _ ^am, 1 (7.86)
x2 ^cr,2 1—ham 2

From these equations Xj and x2 can be determined.
Using this method the crystallinities of two samples with different 

crystallinities can be calculated from Eq. (7.86) and the scattering curves.
The method was developed further by Hermans and Weidinger in the 

sense that a single scattering diagram is sufficient if the process is standardized. 
That is, if the crystallinity diagram is constructed fór the polymer. The essence 
of this is that several samples of the same Chemical composition, bút with 
different crystallinities should be studied (such as cellulose or polypropylene) 
and the results are plotted as Tam versus Tcr or as ham versus Tcr diagrams. By 
doing so the characteristic values of the totally amorphous and crystalline 
samples can be established by extrapolation (Tam, 100, iooand ^r, ioo)- 
Using these quantities:

T — xT (7.87)2cr —X 2cr,100>

Tam=(l-x)Tam.loo, (7-88)

&am = (l-x)fcam,100- (7'89)

Crystallinity can be obtained if Eq. (7.87), is divided by Eq. (7.88) oi Eq. 
(7.89). If the measured Tam and Tcr values, and the extrapolated values are 
known, the crystallinity can be calculated Írom a single diffractogram with- 
out standardization.

y _ T" = 1 (7.90)
T Trp . cr, 100 <T-f i । i am

'cr • ant ' '
'am, 100 'cr

or fór Aam, 100

x = = 1 . (7.91)

Ham, 100 'ct

Obviously Eq. (7.90) is formally equal to Eq. (7.66), when k = Tcr ioo/Tam. 100 • 
The crystallinity diagram (which plots the crystallinity versus the 

amorphous or crystalline areas) fór polypropylene is shown in Fig. 7.95.
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The relationship is linear with a correlation coefficient of 0.9987, and 
can be given by:

x =------- 1-—. (7.92)
1 + 1.297^

* cr

If, instead of the integrál intensity of the amorphous curve, Tam, the 
height, him, is measured, then &'=Tcr, 100/Aam, 100 =9.53.

Fig. 7.95. Crystallinity diagram fór polypropylene.

The most critical step of the method is the separation of amorphous and 
crystalline areas. In several cases, especially fór cellulose derivatives, the 
amorphous area has been determined rather arbitrarily, the curve being close 
to a straight line. Fór synthetic polymers the measurement of the amorphous 
areas was consistent with the so-called absolute methods, thus carrying over 
errors associated with such techniques.

A further problem, which was pointed out earlier, is that if the totál 
scattering of the samples with different crystallinities is constant in the 
angular rangé studied (Tcr+Tam = const.), then Eq. (7.86) after somé 
rearrangement reduces to Eq. (7.58) without correction factors. This method 
under such circumstances gives a simple area ratio. Under standardized 
conditions the constancy of the totál area has been observed by Hermans and 
Weidinger in the case of cellulose, and a similar effect has been observed by 
Bodor et al. fór polypropylene (1964).
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7.13.4. Determination of crystallinity by density 
measurements

Determination of crystallinity by density measurements is based on the 
assumption that the two phases of polymers (that is, the crystalline and 
amorphous phases) can be characterized by well-defined, constant densities 
(or specific volumes); that there is no intermediate phase, and that the overall 
density can be calculated from those of the two phases by a simple linear rule.

The volumetric crystallinity is given by: 

Fam-rcr
■ 100. (7.93)

and the mass crystallinity is given by:

xm= P ■ 100. (7.94)
Per P^m

Volumetric crystallinity can alsó be determined from density data using:

xv = ^^100^. (7.95)
Per Pam P

Besides the classical methods of density measurement, density gradient 
columns and electromagnetic methods have become increasingly popular.

The density gradient column is especially suitable fór rapid density 
measurements on polymer samples. The essence of this method is that two 
liquids with different densities are poured intő a glass column so that the 
lighter liquid is above. If the liquids mix with each other a density gradient 
results, and the density of the mixture increases continuously (practically 
linearly) from the top to the bottom. Such a density gradient is usually 
produced in a long glass tűbe with glass spheres at the ends, so that the density 
gradient is established between two large volume, constant density liquids 
(Fig. 7.96).

When a polymer sample is dropped intő a density gradient column with 
the appropriate density rangé, it begins to sink as the density of the 
surrounding médium is lower than that of the polymer. On sinking further, 
however, the sample becomes surrounded by an increasingly dense liquid 
mixture, and it finally stops sinking when the density of the surrounding 
médium is equal to that of the polymer. The position of the sample can be 
measured exactly by a cathetometer, and the density of the liquid column is 
calibrated point-by-point using standardized glass spheres. The density 
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gradient column, must, of course be held at constant temperature, since the 
density gradient is very sensitive even to minor changes in temperature.

The liquids to be used must meet a number of requirements. They must 
be miscible, bút must nőt act as swelling-agents fór the polymer to be studied, 
and their densities must be different (remaining within the density rangé to be 
studied). Using this method densities can be determined to four significant

Polymer 
sample

Fig. 7.96. Schematic of the density gradient column.

figures. Density gradient columns are extremely stable, and can frequently be 
used fór a year or more. The samples studied can be retrieved with a small net, 
and the original density gradient is restored within a short time automatically 
(Tang 1956; Wiley 1962).

The principle of electromagnetic density measurements is based on 
Archimedes’ principle. The weight of the sample is measured in air and in a 
liquid. In the liquid the sample weight is reduced by the weight of the liquid 
which is displaced by the volume of the sample, thus its volume can be 
accurately measured. The ratio of weight and volume gives the density. The 
name of the method stems from the fact that the weight of the polymer in the 
liquid is determined by electromagnetic means. The sample to be studied is 
placed in a small glass basket which is attached to a glass float. The glass rod 
of the float contains a Steel wire and is surrounded by a solenoid at the outer 
surface of the véssél. The float, together with the rod and the basket exhibits 
lower density than that of the liquid used in the measurement. If, however, 
current flows through the solenoid, it attracts the Steel wire in the rod, and the 
float sinks. The current needed to move the Steel wire depends on the weight of 
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the sample. This sensitive “balance” can be calibrated by plotting the weight 
versus the current, and so the weight of the sample placed intő the glass basket 
can be determined. The scheme of the apparátus is shown in Fig. 7.97. This 
method determines densities up to five significant figures.

The density of the totally amorphous polymer, needed fór crystallinity 
calculations, can be measured directly fór somé polymers, bút many others

Fig. 7.97. Schetnatic of the electromagnetic density measurement. 1 sample, 2 sample holder 
basket, 3 Steel wire, 4 float, 5 solenoid, 6 glass tűbe.

cannot be obtained in a totally amorphous form (examples are polyethylene 
and cellulose). In these cases the amorphous density is obtained by 
extrapolating the melt density, or by measuring the densities of model 
compounds. According to Kargin et al. (1957), fully amorphous polymers 
show a bundle-like structure, so that even these materials cannot be regarded 
as totally disordered.

The densities of fully crystalline polymers can be obtained from X-ray 
diffraction measurements, and are calculated from the the number and atomié 
mass of the atoms being present in the unit cell, and its dimensions:

_ ^Kuomicmassun.tX 1.660 X 10 24

Pcr v-lO’21 (7-96)

where pcr is the density of the totally crystalline sample in g/cm3 units, N the 
number of molecules present in the unit cell, M the molecular mass, and v the 
volume of the unit cell in nm3 (Buerger 1960). Fór polymers M is taken as the 
molecular mass of the monomer (the repeat unit of the chain). Amorphous
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Table 7.8

Crystalline and amorphous densities of somé important polymers

Polymer Qcr Qam Reference

Polyethylene 1.000 0.855 Matsuoka (1961)
Polypropylene 0.937 0.854 Miller (1961)
Polystyrene (isotactic) 1.111 0.947 Miller (1961)
Poly(vinyl alcohol) 1.345 1.269 Onogi (1962)
Poly(ethylene terephthalate) 1.455 1.335 Farrow and Ward (1960)
Polycarbonate (Bisphenol-A) 1.300 1.200 Prietschk (1958)
Polyamide-6 1.230 1.097 Bodor et. al. (1959)
Polyamide-6/6 1.220 1.069 Starkweather (1956)

and crystalline densities fór the more important polymers are summarized in 
Table 7.8.

Crystallinity determination by density measurements knowing pam and 
p^, is a relatively simple and rapid method. Its main disadvantages are that if 
more than two phases are present, and the densities of any crystalline 
modifications are different, it cannot be used; it does nőt give any information 
about crystalline size distribution, or orientation; and bubbles adhered to the 
surface or air inclusions, can easily lead to false density values. This latter 
effect can be avoided only by careful sample preparation and duplicate 
measurements.

When performing density measurements it is necessary to take intő 
account the possibility of the formation of crystalline modifications with 
different densities, since this effect can substantially altér the calculated 
crystallinity values. If, fór example, polyamide-6 is crystallized, a hexagonal, fi, 
form can appear with pcr= 1.15 g/cm3. If, under the action of heat this 
transforms intő the monoclinic a form, then the crystalline density changes to 
p„ = 1.23 g/cm3. As a result, annealing increases the density of polyamide-6. 
The question arises as to whether this change is simply a consequence of 
transcrystallization, or it is accompanied by an increase in the crystallinity.

Characteristic X-ray and density data fór the hexagonal, monoclinic and 
amorphous phases are summarized in Table 7.9.

When measuring the density of such a three-phase system, the specific 
volume of the sample is the sum of three terms:

’z=(l-x)Km + xhk'h + xmCm (7.97)

where Kh and Km are specific volumes of the hexagonal and monoclinic 
crystalline phases respectively, whereas kam refers to the specific volume of the



Sect. 7.13 Determination of crystallinity in polymers 327

Table 7.9

Characteristic X-ray and density data fór 
polyamide-6

Modification
Characteristic X-ray 

interference lines
Density 
g/cm3

Hexagonal (/i) d = 4.10 Á 1.150
Monoclinic (a) d = 4.40 Á and 3.70 Á 1.230
Amorphous d=4.2 Á (vague) 1.097

Bodor 1967.

amorphous phase, and xh and xm are the mass fractions of the hexagonal and 
monoclinic phases. By introducing z = xh/xm and rearranging Eq (7.97):

x =______ am - ---------- (7.98)m y _ y + z(y _ y ) 'am 'mTZ,\'am rm/

where z is unknown. Its value can be determined by spectrum analysis of 
the X-ray diffraction curve to be treated later. The X-ray diagram fór the two 
crystalline forms can be easily distinguished (Fig. 7.98).

From the diffraction curve, and assuming that the area under the 
diffractogram is proportional to the intensity scattered by the the two 
crystalline types both z and the totál crystallinity can be determined. The 
results of a typical series of measurements are shown in Table 7.10. From the

Fig. 7.98. X-ray difTractograms of polyamide samples. a Mainly hexagonal modification; b the 
same sample after annealing, mainly monoclinic modification. (After Bodor 1967.)
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Table 7.10

Change of the hexagonal portion, specific volume and crystallinity in 
polyamide-6 on annealing

Annealing 
temperature

Hexagonal portion 
(from the totál area) 

"/ /o
V Z

Totál 
crystallinity 

°/ /o

Quenched 100 0.8917
90 65 0.8865 1.9 41.3

140 47 0.8818 0.89 42.2
170 36.4 0.8804 0.576 40.9
190 21.8 0.8782 0.280 39.8
210 3.4 0.8730 0.0356 40.2

data it can be concluded that, although the density increases on annealing, 
this change is mainly due to the hexagonal to monoclinic transformation 
process, and the totál crystallinity remains effectively constant (Bodor 1967).

7.13.5. Survey of other methods fór crystallinity 
determination

Of the other methods fór crystallinity determination the study of infrared 
spectra is the most important. According to accumulated experience there are 
certain absorption bands on the infrared spectra of polymers which appear on 
crystallization and disappear on melting, these are known as crystalline 
bands. In somé other cases amorphous bands appear, the intensity of these 
bands is greatest in the amorphous state and decreases with increasing 
crystallinity. The appearance of crystalline bands is probably due to the 
intermolecular interactions between atoms in the crystalline unit cell (Ni- 
kitin and Pokrovsky 1954). Crystalline bands can be used in relatíve, and 
amorphous bands in absolute crystallinity determinations. Crystalline peaks 
frequently show strong polarization under the effects of orientation, so that 
crystallinity determination in oriented samples using this method requires 
extreme care (Elliot 1959).

Crystallinity determination from amorphous bands is by simple 
proportionality. If the transmission in the amorphous sample is E1; and that 
in the studied sample is E2, then:

1:(1-x)=E,:E2. (7.99)
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Absorption bands sensitive to changes in 
crystallinity

Table 7.11

Polymer
“Amorphous” 

bánd 
cm-1

“Crystalline” 
bánd 
cm-1

Polyethylene 1,300 731, 1,894
Polyfethylene terephthalate) 790, 898 1,120, 1,350

1,125 972, 848
Poly(tetrafluoro ethylene) 780 —
Polypropylene — 1,170, 900
Polystyrene — 1,980, 1,302
PVC — 1,428, 1,290
Polyamide-6 — 930
Polyamide-6/6 1,136 935
Polyamide-6/10 1,136 853
Poly(vinyl alcohol) — 1,146
Cellulose 910 1,430

After Kocskina 1968.

The crystallinity-sensitive absorption bands of somé important polymers are 
listed in Table 7,11. It has to be stressed, however, that fór IR spectroscopic 
crystallinity determinations calibration data are needed which have been 
obtained by independent methods (such as X-ray diffraction or density mea- 
surements). Other problems may alsó arise, fór example, the “crystalline” 
bands can be due to the helical configuration of the chain. Fór these reasons 
this is nőt a direct measure of crystallinity.

The calorimetry method of crystallinity determination has been referred 
to earlier in connection with Eq. (5.9). The determination of the heat of 
melting fór the fully crystalline sample is a serious problem here, as such 
polymers are always only partially crystalline. Such data can be obtained by 
extrapolating the melting heats of low molecular mass crystalline homo- 
logues fór polyethylene (Dole 1952) and alsó fór polyamides (Wilheit 1953). 
The melting points and melting heats of the totally crystalline parts of several 
polymers are now known and Table 7.12 lists these data fór somé important 
polymers. Thermodynamically unequivocal evaluation of calorimetry 
measurements is, however, complicated by the structural transformations 
caused by heating.
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Table 7.12

Melting points and corresponding melting heats of 
somé important polymers

Polymer r„”C
J/g

Polyethylene 140 293
Polypropylene (isotactic) 180 138
Polypropylene (syndiotactic) 138 50
Poly(vinyl chloride) (syndiotactic) 273 180
Poly(vinylidene chloride) 190 —
Poly(ethylene oxide) 72 222
Poly(ethylene adipate) 65 121
Poly(decamethylene adipate) 79.5 151
Poly(ethylene sebacate) 83 138
Poly(decamethylene sebacate) 80 147
Poly(ethylene terephthalate) 270 126
Poly(tetramethylene terephthalate) 230 126
Poly(decamethylene terephthalate) 138 151
Polyamide-6 228 188
Polyamide-l 1 198 226
Polyamide-6/6 268 197
Polyamide-6/10 225 201
Polyamide-lÖ/10 216 103
Poly(vinyl alcohol) 265 163
Poly(acrylonitrile) 317 96
Cellulose triacetate 315 —

After Fatou 1979.

Crystallinity can alsó be determined by NMR (nuclear magnetic 
resonance) spectroscopy, where atoms of the crystalline lattice exhibit broad, 
resonance peaks while those of the mobile (“liquid-like”) phase are narrow.

This method will be treated in more detail in Chapter 8.
Another interesting method is based on Chemical reactivity differences. 

In this method it is assumed that the amorphous areas will react with certain 
reagents, while the functional groups of the crystalline phase are resistant.

The results of such measurements depend, of course, on the amount of 
the reagent. During the reaction structural changes may occur in the 
crystalline phase (such as swelling) which can altér the crystallinity values. 
Such studies have been performed fór example on cellulose (Goldfinger 1943; 
Nelson 1948).
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There have been attempts to measure crystallinity from mechanical data. 
Wildschut (1946) determined the crystallinity of somé rubbers from the 
temperature dependence of their elasticity.

Comparing all the different methods it can be concluded that those based 
on X-ray diffraction and density measurements are most widespread, in 
practice these (or their combination) prove to be most suitable fór 
measurement of crystallinity in polymers.

7.13.6. Mathematical description of X-ray interference 
profiles

Study of crystallinity and crystalline partiele size distribution is an important 
area fór investigating polymer structure and properties. Fór example, Com- 
postella et al. (1963) found that the properties of polypropylene fibres and 
films depend to a great extent on crystallinity, and on the relatíve amount of 
crystalline and smectic liquid crystalline phases. The smectic modification of

a)

------- 1—i____ i_____ ।
5° 10’ 15’ 20’ 25’30’ 

20
Fig. 7.99. X-ray diffractograms of monoclinic a, smectic b and atactic, amorphous c 

polypropylene samples. (After Natta 1959.)
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polypropylene can be obtained from the melt by quenching. Fig. 7.99 shows 
the X-ray interference profiles fór:

— isotactic crystalline;
— isotactic smectic liquid-crystalline;
— atactic polypropylene.
Better processing of X-ray interference profiles is made possible by the 

mathematical modelling of diffraction curves. Fór example, Bodor et al. 
approximated the diffraction lines by Gaussian curves and correlated the 
parameters of these with the properties studied. The basic notions of 
mathematical modelling of interference lines are discussed briefly, below.

As mentioned earlier in connection with Eq. (7.49), line broadening is 
characterized by the half-width of the bell-shaped curve (the line width 
relating to half of the maximum intensity), see Fig. 7.73.

Another possible width paraméter is the integrál linewidth. This 
paraméter refers to the quotient of the area of the interference line and its 
height. This is shown in Fig. 7.74.

It is usual to write the integrál linewidth as:
T

P=T (7.100)
‘o

where Tis the area of the interference line, and f0 the maximum intensity. 
The half-width paraméter is written as 2w or ő:

2w = B. (7.101)

The difference between these two parameters is characteristic of the shape 
of the curve. Therefore, the division of the halfwidth by the integrál line­
width is called the shape factor.

The two curve types generally used are the Gauss and Cauchy (or 
Lorentz) functions. The analytical form of the Gauss function is:

- n(* - xp)2
G(x) = Ioe P = l0e~4^2^2 (7.102)

where G(x) is the function value at point x; Io the maximum value of the 
function at x = x0, so that:

z =
X — x0

2w (7.103)

Fór Gauss curves the relationship between halfwidth and integrál linewidth 
can be expressed as:

W2G=^

7C
(7.104)
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The functional form of the Cauchy curve is:

(7.105)

where z is given by Eq. (7.103), bút in this case the halfwidth and integrál width 
have the relationship:

Pc = nwc. (7.106)

The value of the shape factor in the case of Gaussian curves is:

1^1 =0.93944, (7.107)

Pg \ 71

while fór Cauchy curves it is given by:

^2 = 2 = 0.63662. (7-108)
/?c 71

The area under the Gaussian curve can be given by:

TG = IopG = Io £^-2Wg=1.9788wg/0- (7-109)
\ 4 In 2

whereas the same paraméter fór the Cauchy curve is:

Tc = nwcI0. (7-H0)

In experimental work a convolution of the two types is often observed, 
which can be given by:

V(x)= | C(u)G(x — u)du. (7.1H)

This can be solved quite easily using a computer, and is known as the Voigt 
function, which can be approximated by the analytical function (it will be 
referred to as the Voigt approximation function):

W(x 1 =________ __________ (7.112)
l+a4z2 + (l-a)-16z2

where /0 and z have been defined previously, a is the line-shape factor, its 
value varies between 0.743 and 1; the first value corresponds to the Gaussian 
limit, whereas the second refers to the Cauchy limit (Shirane and Cox 1962;
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Fig. 7.100. Lineshapes of the Gauss, Gauchy, and Voigt approximation functions. Normalized 
to equal height.

Meisel 1971). The shape-factor of the Voigt approximation function is given 
by:

2w
— =0.7792 (7.113)

(Langford 1978).
Fig. 7.100 shows the functional form of these four curves calculated with 

normalized peak height (70 = 100) and the same linewidth paraméter. It can be 
seen that the Voigt function is broader than the other three because of the 
convolution.

a, the line-shape factor of the Voigt approximation function was chosen 
to be 0.85. The effect of this paraméter on the lineshape is demonstrated in 
Fig. 7.101. The upper curve refers to the pure Cauchy function, whereas the 
lower to the pure Gaussian function (a = 0.743).

In practice the lineshape varies between wider limits than the Cauchy 
and Gaussian types. These limits can be described by the Pearson VII 
function which can be given by:

^-rn-^-Dr ,7"4'
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Fig. 7.101. The effect of the lineshape paraméter on the form of the Voigt approximation function.

where m is a lirte-shape factor, m — 1 refers to the Cauchy, and co to the 
Gauss function (Fig. 7.102).

The mathematical modelling of distribution of scattered X-ray intensity 
has the advantage that if the intensity profile is approximated by an analytical 
function and its parameters are known, the crystalline partiele size can be 
calculated quite easily.

This is especially important if, because of the superposition of the lines, 
only the envelope curve is known, so that the width of the component curves 
cannot be measured direetly.

Under these circumstances the shape of individual curves can be 
calculated if the x0 parameters are known. Fór example take the envelope 
curve of a sample exhibiting seven interference lines, so that:

G(x) = f G<W= í /O,iexp[-4(ln2)z?] (7-115)
i=l i=l

where G(x) is the intensity of the envelope curve at point x, G|(x) is that of the 
i-th component curve at the same point, and /0,| the intensity of the i-th 
component curve at point x = xOii:

. x-x0|l, (7.H6)
' 2W|
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Fig. 7.102. Lineshape of the Pearson VII function.

where x0 { is the maximum position of the i-th component, and 2vVj the 
halfwidth of the corresponding line. Eq. (7.115) can frequently be used to 
describe X-ray interference profiles.

The mathematical description of interference lines is an interesting 
problem in itself. It has become particularly important since it became 
possible to simulate the diffraction profiles of samples with different 
crystallinities and varying crystalline partiele size. Somé examples of such 
simulation, and its application, are given in the subsequent sections.

7.13.7. The effect of crystalline partiele size on X-ray 
interference profiles

This section considers the study of crystalline partiele size by mathematical 
modelling. Other parameters (such as crystallinity, sample volume, and 
exposure time) must be kept constant. Two assumptions are made, these are:

l. The integrated intensity of the X-ray scattering fór a given amount of 
matéria! is independent of the phase composition, that is, independent of the 
amorphous or crystalline State. This assumption is usually accepted when 
evaluating X-ray crystallinity of polymers.
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2. The line broadening effect of the crystalline partiele size does nőt 
influence the area under the interference lines. If the interference line is 
described by the Gauss function, then the area under the line is given by:

^G — (7.109)

This area is constant, if line broadening occurs due to the decreased crys­
talline partiele size, then:

I0)8G = const (7.117)

and as a result, the height of the broadened line is lower.
Using these assumptions the X-ray diffraction profilé of any sample with 

any partiele size can be calculated. Fig. 7.103 shows the results of such 

20 29 29
Fig. 7.103. Modelling the X-ray diffractogram of polypropylene. Dependence of the diffrac- 
togram as a function of crystalline partiele size in three samples of different crystallinities.

calculations fór polypropylene samples with different crystallinities (a, b and 
c) and crystalline partiele sizes (2, 3, 4, 5, 10. 15, 20 and 25 nm respectively) 
assuming a Müller Mikro 111 diffractometer (with a síit ol 1 ).

7.13.8. The effect of crystallinity on X-ray 
interference profiles

According to assumption 1. of the previous section, the integrated scattered 
intensity is a constant from a given amount of matéria!. Thus changes in the 
scattered intensity originating from differing proportions of amorphous 
component are compensated by changes of the crystalline scattered in­
tensity. Assuming identical exposure conditions, and constant mass of the 
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sample, the totál darkening of the film is constant. Using this condition, Bo­
dor et al. have determined the shape of the interference curves assuming 
various crystallinity values.

Such calculations should be performed over the full rangé of scattering 
angles, as mentioned earlier. Fór polypropylene the 20 = 6 30° rangé is, 
however, sufficient, since it appears that the totál scattered intensity within 
this rangé remains constant on annealing.

This model takes intő account the presence of a (monoclinic) modifi- 
cation only, bút comparing Figs 7.103 and 7.99 it seems that there is no 
smectic liquid crystalline modification at all. Depending on the thermal 
history of the sample and on the resulting crystalline partiele size the original 
5 interference lines merge intő 3, and finally 2 separately discernible lines. 
Below the 3 nm partiele size an amorphous scattering curve is obtained. In 
practice, by quenching from the melt diffraction profiles fór the 3 nm partiele 
size can be obtained.

Based on the present model it seems probable that no distinct smectic 
phase exists, and that it is the crystalline partiele size that plays a pivotal role 
in the polymer’s properties. This interpretation is corroborated by the fact 
that the infrared spectra of the two “modifications” are identical, and ther­
mal analysis shows no phase transition. It does nőt mean, however, that 
polypropylene has no other crystalline forms. It is well known from the work 
of Turner-Jones that when polypropylene is cooled from 190-230°C to 100 
120°C, a /i-phase appears.

A hotter melt quenched to below 90 °C or above 130°C, results 
predominantly in crystals of the a-phase. Cooling slightly crystalline samples 
other than the a-form allows development of the y-modification.

Using this model, it is clear that, fór polypropylene, it is impossible to 
determine the height of the amorphous curve from the minima between the 
crystalline interference lines, and the error introduced by this procedure is 
inversely proportional to the crystalline partiele size.

The essence of these conclusions is that the amorphous curve cannot be 
drawn, and the X-ray crystallinity analysis cannot be performed, if the 
crystalline partiele size is nőt known.

Fór a realistic estimation of the amorphous scattering it is necessary to 
know the extent of the smearing of interference lines. These principles can be 
demonstrated on crystallinity measurements performed by other authors. 
Fór example, the data published by Kuribayashi and Nakai (1962) include 
measured densities and X-ray crystallinities, as well as crystalline partiele 
sizes, determined from well-separated interference lines. if crystallinities are 
calculated from density data, and compared to those determined from X-ray 
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scattering, a systematic difference is observed, which increases with 
decreasing crystalline partiele size. The data calculated from the measure- 
ments of these Japanese authors are shown in Fig. 7.104.

If the diffraction profiles are analysed taking intő account the eftect of 
partiele size, much better agreement is found between the crystallinities 
calculated from density values and X-ray data. Results from Bodor et al. on 
polypropylene samples with different crystallinities are plotted in Fig. 7.105.
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50 55 50 65 7.0 75 80 8.5 9.0 nm 
x samples annealed in wet non-stretchedState 
O samples annealed in dry non-stretched State 
• samples annealed in wet stretched State 
V samples annealed in dry stretched State

Fig. 7.104. Difference between crystallinity values calculated from density and X-ray data as a 
function of crystalline partiele size. (After Kuribayashi and Nakai 1962.)

Crystallinity (density) •/,

Fig. 7.105. Correlation ofcrystallinity values of polypropylene obtained honi density and X-ray 
measurements. (After Bodor et al. 1964.)
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Comparing these results with those shown in Fig. 7.87 it can be 
concluded that the differences observed by Farrow are probably due to the 
line-broadening effect, and to the superposition of interference lines, caused 
by the decreasing crystalline partiele size.

7.13.9. Structural changes during the annealing 
of polypropylene

The analysis of experimentally observed X-ray diffraction profiles has led to 
somé very interesting results. Probably the most important is that the 
crystallinity of unoriented polypropylene samples is nőt altered by annealing. 
Detailed analysis shows that totál scattered intensity remains constant on 
annealing. The true amorphous content does nőt change, and the effect of the 
annealing process manifests itself in a continuous increase of the crystalline 
partiele size. This is shown in Fig. 7.106 fór an actual annealing process. It can 

Fig. 7.106. Dependence of crystallinity and crystalline partiele sizeon the annealing temperature.
The sample was originally “smectic”. (After Bodor et al. 1964.)

be seen from the Figure that while the crystallinity changes are only very 
slight, the crystalline partiele size increases from 5.8 nm to 20 nm. During the 
annealing of polypropylene it is predominantly the crystalline partiele size 
that changes, and this is the factor responsible fór the changes observed in 
properties.
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7.14. SMALL ANGLE X-RAY SCATTERING (SAXS)

There has already been discussion in the section on optical characterization of 
supermolecular structure, indicating that small angle X-ray scattering is a 
powerful tool in the study of such structures. At this stage, having become 
acquainted with X-ray methods, it is possible to take a cioser look at the small 
angle X-ray diffraction technique.

According to the Bragg equation, the product of sin 0, the Bragg angle 
and d, the interplanar spacing, is a constant, which is equal to half the wave- 
length of the radiation, so that:

- = ű?sin0. (7-106)
2

It follows that, if d is large, the interference appears at small angles. So that 
fór d equal to 10 nm the diffraction appears at 0.5°, while fór d = 100 nm, 
the diffraction angle is about 0.03°.

7.14.1. Various types of small angle X-ray scattering

Polymers produce two kinds of small angle X-ray scattering, known as diffuse 
and diserete.

Diffuse scattering appears in both solid and liquid phase polymers, 
including Solutions and melts. This kind of scattering shows a maximum 
intensity at 0° and decreases practically to zero at between 1-2°.

Diserete scattering, however, can be obtained only from crystalline 
polymers. It is characterized by the presence of one or more peaks in the small 
angle scattering rangé. Usually one or more maxima appear at angles relevant 
to the 7.5-20 nm interplanar spacings.

Both kinds of scattering vary with any mechanical deformation of the 
polymer sample. Diserete scattering transforms from a ring intő interference 
lines on the meridián which refer to a periodic structuring along the molecular 
chain axis.

7.14.2. Interpretation and evaluation of diffuse small angle 
scattering data

Diffuse scattering is due to inhomogeneities in electron distribution, the 
phenomenon being essentially similar to light scattering, which is alsó a 
consequence of inhomogeneity in the sample. Small angle scattering is 
proportional to the electron density differences of inhomogeneities.
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The spatial distribution of the inhomogeneities is reflected by the 
scattering. Diffuse small angle scattering depends on the shape of the 
inhomogeneity of electron distribution, and alsó on its size and distribution. 
A homogeneous sample shows no small angle scattering.

The inhomogeneity of electron distribution can be detected and 
measured by small angle X-ray scattering, bút the method cannot determine 
whether the scattering is due to systems with higher or lower electron 
densities than the average. This is the Babinet reciprocity relationship which 
States that, as far as the scattering pattern is concerned, it is nőt important 
whether it is the result of a particular structure, or of a complementary one 
(complementary from the point of view of electron densities). The natúré of 
inhomogeneities cannot therefore be decided simply from the scattering 
diagrams. Fór this information from other sources is required.

Small angle scattering patterns are nőt so characteristic as the wide angle 
variety. Often very similar curves can be obtained from non-identical samples.

The angular rangé of small angle diffuse scattering is inversely 
proportional to the size of the inhomogeneities (such as inclusions or holes).

With respect to the quantitative evaluation of diffuse scattering it is 
necessary to distinguish between dilute and concentrated systems.

Inhomogeneities in dilute systems are distant from one another, and 
spatially disordered. Their interference therefore normally cancels out, and 
the resulting scattered intensity is the sum of that scattered by discrete 
individual particles.

Guinier (1927) has shown that the scattered intensity in this case varies 
with the scattering angle according to a Gaussian function:

/(0) = /oexp[ —KS202] (7.118)

where K = 16 tc2/3á 2, Io the intensity at 0 = 0°, S = (s2)0'5, the scattering mass 
radius. This value fór a given body can be obtained if the distances of the mass 
elements from the centre of gravity are raised to the second power and 
averaged. The square root of this average is the scattering mass radius. (This 
expression is equivalent to the radius of gyration discussed earlier with 
respect to the conformational properties of polymer chains.) If the logarithmic 
form of Eq. (7.118) is taken, then:

ln/(0) = lnZo-XS202 (7.119)

and it is clear that from the slope of the In /(0) versus 02 plot (the Guinier 
plot) KS 2 can be obtained.

Fig. 7.107 shows the angular dependence of diffuse scattering, while Fig. 
7.108 shows the Guinier plot. In this way the scattering mass radius, S, of
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Fig. 7.107. Small angle diffuse pure partiele scattering as a function of scattering angle. The 
sample is an aqueous solution containing glass spheres of 14.6 nm (Ludox HS 30). (Sample: 
courtesy of Du Pont de Nemours.)

Fig. 7.108. Guinier plot of scattering data obtained from the Ludox HS 30 sample.

the scattering centres can be determined. The scattering function is relatively 
insensitive to the shape of the scattering centres, fór example, there are only 
slight differences fór a sphere and cube.

The intensity of diffuse scattering cannot be measured at 0 = 0°, bút it 
can be calculated from the extrapolation of the Guinier plot. The Io intensity 
is proportional to the volume of the scattering particles, or, if the scattering 
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centres are molecules, to the volume of the molecules. This method gives the 
possibility of molecular mass determination if absolute intensities can be 
measured. Standard polyethylene samples can be obtained from several fór 
absolute intensity measurements.

If the system is polydisperse, that is, it contains particles of identical 
shape bút different size, then the scattering curve will be the superposition of 
the component curves. It is normál to process the Guinier plot by drawing 
successive straight tangential lines, and thus to determine the size distribution 
function by successive approximation. This approach is shown in Fig. 7.109.

Fig. 7.109. Analysis of small angle X-ray scattering data obtained from a polymeric solution. 
(After Jelűnek et al. 1946.)

Firstly the tangent with the smallest slope is determined with intercept Kj on 
axis A, this is subtracted from the envelope curve. A new tangent is then 
drawn to the resulting curve with intercept K2, and so on. The intercepts Ki, 
K2, ... K„ are proportional to the mass fraction and the scattering radii, 
such that:

Kn~mn(s)^. (7.120)

Dividing the Kn intercepts by S* gives an approximate value fór m„, which 
reflects the polydispersity of the sample inhomogeneities.

Several attempts have been made in the pást to determine the distribution of 
inhomogeneities. One example is the work of Brill et al. (1968). They déri ved an 
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expression fór spherical colloidal particles with diameters smaller than 100 
nm:

p(a) = Aa-2l[h*I(h)-C4]a(ha)dh (7.121)
0

where p^a) is the distribution function of the diameter, a, A is a normaliza- 
tion constant, and h the scattering vector of the reciprocal space:

, An sin 0/2 
h= —?----- = 2ns;

/(/t) being the measured intensity, and:

C4 = lim [A*7(A)]» 
h-» oo

a(x) = [(l—8x 2)cosx]-
, sinx

4 —8x2-----

(7.122)

(7.123)

where x = ha. (7.124)

This equation was originally derived fór spherical particles exhibiting no 
interactions. It can, however, with certain limitations be applied to inhomo- 
geneous polymer systems as well.

Inhomogeneities in polymer systems include impact modifying 
elastomers, crazes in polymers exposed to mechanical fatigue, and polymer 
blocks in block-copolymers. Fig. 7.110 shows the Guinier plot of an impact 

Fig. 7.110. Guinier plot of SAXS data obtained from a polypropylene sample containing 5% 
EPDM rubber.
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polypropylene sample containing 5% elastomer. In this case the elastomer 
was EPDM rubber (ethylene-propylene-diene monomer copolymer). From 
the Guinier plot the radius of gyration is determined to be 3.7 nm. This, 
however, is only the lower limit of the partiele size. According to the 
distribution analysis, inhomogeneities appear within a very narrow size 
rangé. The distribution function exhibits a sharp maximum around 7.5 to 
8.0 nm (Fig. 7.111) (Bodor and Füzes 1979).

EPDM content 5%

DIAMETER DISTRIBUTION

Fig. 7.111. Inhomogeneity distribution calculated from the SAXS curve of the PP sample 
containing 5% EPDM rubber.

Fór the quantitative evaluation of small angle X-ray scattering in 
lamellar semicrystalline polymers Vonk and Kortleve (1967) and Stróbl 
(1970) have introduced new methods. They calculated the scattering inten- 
sity function of stratified amorphous-crystalline structures. The autocorre- 
lation of the eleetron density function has been determined directly from the 
intensity data. This function is the correlation of small angle scattering which 
can be calculated from the one dimensional intensity by Fourier 
transformation:

00 00

7i(x) = í Ii(s) cos (2nxs)ds/ í I^sjds. (7.125)
0 0

Fig. 7.112 shows a calculated correlation function of this kind. Curve a shows 
the correlation function of an ideál periodic lamellar structure with crystalline 
fraction x = 0.2 and two other correlation functions belonging to non-ideal 
models assuming a non-perfect periodicity (curves b and c). Curve d is fór the 
case when transition layers appear between the two phases (Vonk 1982).
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It is important to note that between points U and Y the function shows a

negative value, which is equal to
x \ /1 — X \

------ when x < 1/2 and — (------ I if x 
1—x/ \ x /

> 1/2. This value can only be obtained from the correlation function if the 
structure is close to ideál lamellar, which is reflected by the UY section being a 
horizontal straight line. If this is nőt the case, and the experimental curve is 
similar to curve c, then the base line is equal to the minimum value below ymin. 
Vonk wrote a computer program to calculate the correlation function from 
experimental data and the software is freely available.

Stróbl developed the method further, and calculated several other 
molecular parameters from experimental data. His method uses the 
correlation function to calculate the invariant, Q, the thicknesses of 

Fig. 7.112. Electron density correlation function of a lamellar model. (After Vonk 1982.)

MARLEX 6050
ELECTRON DENSITY CORRELATION FUNCTION 
(MÓL ELECTRON /CM i3) i2

-SL

Fig. 7.113. Electron density correlation function of a PE.
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amorphous and crystalline layers, Da and respectively, the long period, L, 
and the spéciik interfacial area S/V. Fig. 7.113 gives a short overview of these 
calculated parameters.

Vonk (1987) proposed a method fór the determination of the lamellar 
thickness in semicrystalline polymers by SAXS, from S/V, the specific surface 
area:

S/V=2x/DCI (7.126)

where Ocr is the lamellar thickness of the polymer.

7.14.2.1. Scattering in concentrated systems

Diffuse scattering in solid polymers is due to the presence of microvoids. As 
mentioned earlier, this cannot be directly proven by scattering measurements. 
The presence of voids rather than high electron density inhomogeneities has 
nevertheless been demonstrated by gradually filling the void with a substance 
of higher electron density, such as iodine. In the course of such experiments it 
has been observed that the small angle diffuse scattering weakens initially, bút 
at higher levels of iodine concentration it increases again. The period of 
weakening demonstrates that the electron density difference between the 
scattering area and the búik at First decreases, arising the conclusion that 
inhomogeneities really are voids. When the iodine concentration is increased 
further, the electron-density difference increases, bút at this stage the voids 
are filled with a matéria! of higher electron density, and the small angle 
scattering is the result of an inverted inhomogeneous structure.

Voids are empty areas in the polymer (usually smaller than 10 nm) which 
are nőt filled by the polymer molecules. The volume fraction of these 
microvoids in viscose fibre fór example is about 0.75%, and similar values 
have alsó been measured fór other polymers. No connection has been found 
between crystallinity and the presence of microvoids.

The diffuse scattering pattern fór drawn fibres shows a typical 
“diamond” shape, the apices appear on the meridián and the equator. Further 
stretching leads to increased scattered intensity on the equator, the scattering 
angular rangé extending in this direction. The scattering area in the direction 
of the meridián and the equator changes in parallel with the elongation of 
the microvoids under the effect of drawing. The extension ratio of the fibre 
is directly related to the elongation of the microvoids. A typical diamond 
shaped small angle X-ray diffractogram is shown in Fig. 7.114. The left hand 
diagram was obtained from a poly (acrylo nitrile) fibre, drawn in water at
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Fig. 7.114. Small angle X-ray scattering of poly(acrylonitrile) ftbre. a 8 fold stretching in water at 
100°C; b 8 fold stretching on an iron edge at 121 °C.

Extension ratio

Fig. 7.115. Dependence of WAXS X-ray orientation 1, IR-orientation 2 SAXS orientation (S 
ratio, see Eq. (7.127)) on the drawing ratio.

100°C, while the right hand diagram is from another poly (acrylo nitrile) 
sample drawn on a hot iron edge. The draw ratio was 8 in both cases. The 
intensity ratio, S, in the direction of the equator and the meridián is:

q__ ^cqualor

1 meridián

(7.127)

and S changes with draw ratio as shown in Fig. 7.115. The Figure shows the 
orientation parameters obtained from wide angle X-ray scattering (WAXS) 
and infrared spectroscopic, ÍR measurements fór comparison.
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7.14.3. Discrete maxima in small angle X-ray scattering

Marked interference spots are frequently observed in the small angle 
scattering rangé fór both natural and synthetic polymers. Fig. 7.116 shows as 
an example, the small angle X-ray diffraction photograph of collagen, where d 
= 62.7 nm. Synthetic polymers do nőt usually exhibit so numerous and well- 
defined interference maxima, bút one or more discrete reflections frequently 
appear on diffraction photographs of semicrystalline polymers. These 
maxima demonstrate the presence of what is termed the “long period” in these 
polymers. Such reflections were noted on small angle X-ray scattering 
photographs fór the meridián as early as 1944. According to current 
knowledge all fibrous polymers exhibit discrete small angle X-ray reflections, 
with three exceptions. These exceptions are poly(tetrafluoroethylene), iso- 
tactic polystyrene and poly(acrylo-nitrile).

Owing to second order distortions of the crystalline lattice in polymers, 
these small angle interference maxima are nőt very sharp, higher order 
reflections broaden and merge intő the background scattering. If the 
statistical deviation is higher than 25%, only the first maximum can be 
detected. The line broadening effect of finite crystallite size alsó plays an 
important role in the resulting line broadening.

Fig. 7.116. SAXS diffraction pattern of a collagen fibre.



Sect. 7.14 Small angle X-ray scattering 351

Many theories have been proposed to explain the presence of discrete 
interference lines at small angles.

It is now clear that the long period is nőt related to the Chemical identity 
period. This is shown by the fact that the long period can be changed by 
annealing. The long period is alsó independent of the molecular mass, and 
cannot therefore be due to chain-end imperfections. The long period must be 
related to the crystalline State, since it has never been observed in amorphous 
polymers. Processing conditions, such as temperature, pressure and time, 
influence the long period substantially. These parameters influence the long 
period itself, the shape of the reflection, and its sharpness.

Hess and Kiessig (1944) assumed that long periods are the result of the 
regular periodic sequence of ordered and disordered areas, the long period 
corresponding to one crystalline + amorphous structural unit (Fig. 7.117).

Fig. 7.117. The Hess-Kiessig model of the long period.

Statton (1967) found a direct relationship between the crystallite size 
determined by WAXS measurements and the long period fór polyethylene 
fibres (Fig. 7.118) thus giving support to the Hess-Kiessig model. Subtraction 
of the crystallite size from the long period is proposed to give the thickness of 
the amorphous zone.
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In the case of polymeric single crystals chain folding occurs, and the long 
period here is equal to the chain length between the folds. In fact, the thick- 
ness of these crystals is equal to the value calculated from the line broadening 
of the WAXS interference lines and to the long period. The other two 
dimensions of the single crystals, cannot, however, be detected by either of 
these methods.

Long period, nm

Fig. 7.118. Relationship between the crystalline partiele size obtained from WAXS data and the 
long period in polyethylene. (After Statton 1967.)

Chain folding alsó occurs in búik crystallized samples and fibres. In these 
cases small angle interference lines can be explained nőt only by the Hess- 
Kiessig model, bút alsó by the presence of chain folding. The long period 
increases on annealing, as does the lamellar thickness of single crystals. An 
excessively long anneal produces a predominantly lamellar, chain földed 
structure leading to a lower strength, and brittle polymer.

7.14.4. Experimental technique fór small angle X-ray scattering

Small angle X-ray scattering measurements are technically very complicated, 
since the intensity of the direct radiation is orders of magnitude higher than 
that of the scattered one. A very finely adjusted síit system is needed to obtain 
scattering curves of acceptable quality (Fig. 7.119). Fór collimation, elon- 
gated síit or circular hole systems are used. Fig. 7.120 shows the Kiessig 
system, while Fig. 7.121 gives that applied in the Kratky camera.
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X-ray 
source

CuK^

____ Wide angle
scattering (WAXS)

Thickness of polymer sample 
0.5 mm in WAXS, 1 mm in SAXS

_  X-ray film

Coll imator
Ni filter síit 0.4--0.6 mm T, 5 WAXS

u
Absorbent fór direct 

radiation
Small angle

scattering (SAXS)

7.5 cm _ t _ 50 cm _J
WAXS WAXS

15 cm r ,_____________
SAXS

320 cm 
SAXS

Fig. 7.119. Schematic view of the small angle X-ray scattering camera.

SHts

Holes
Fig. 7.120. Süt and hole systems used in small angle X-ray scattering measurements.

A specific feature of the Kratky camera is that, instead of slits, prisms of 
equal size are positioned close to one another determining the path of the 
radiation beam. Since these prisms can be machined with high precision, 
cameras of high resolution can be produced by this method.

The intensity of the scattered radiation at small angles is orders of 
magnitude weaker than that of the interference spots in the WAXS tech­
nique. Therefore the use of films fór detection is relatively slow, with exposure 
times in the order of 100 hours. Cameras with proportional counters are, 
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however, available, and these make a great contribution to faster data 
collection and processing. Scattering measurements are strongly disturbed 
by scattering caused by air, cameras are therefore built so that the path 
between the sample and the detector, at least, can be evacuated. Figs 7.107, 
7.108, 7.110 and 7.111 were obtained using the step scanning method. This

Fig. 7.121. Schematic view of the Kratky camera.

means that the detector measures the scattered intensity at a given position 
fór a certain time (say, fór 100 seconds) it is then stepped by a predetermined 
angular value (say, 1 minute), the measurement is afterwards repeated. 
Intensity data are stored in this case on a punched tape, and processed by 
a programmable calculator, or computer.

Statton (1964) presented a very good review of the SAXS method, and a 
detailed review of the WAXS and SAXS investigations, and light diffraction 
studies on polymer mixtures was published (Bodor 1981).



CHAPTER 8

SPECTROSCOPIC STUDIES 
ON POLYMERS

Spectroscopy is the study of the interaction of electromagnetic radiation with 
matter. The most important types of interaction are absorption and emission 
of energy quanta. If the frequency üf absorbed or emitted radiation is 
measured, then energy changes can be determined. These energy changes can 
be used to reconstruct the discrete energy levels of the particular substance, 
these transitions yield several pieces of information about, fór example, 
Chemical composition, branching, crystallinity, orientation and crosslinking. 
Polymer spectroscopy is a branch of generál spectroscopy, which will nőt be 
dealt with here, bút somé basic notions are discussed to make further 
treatment easier.

It is well known that electromagnetic radiation can be characterized by 
its frequency and velocity. The unit of frequency, v, in the Sí System is the 
Hertz (Hz), its dimension is (s '). Frequency does nőt usually change even 
when the radiation, fór example, light passes from one substance to another.

The velocity of light in a vacuum is 3 x 1010 cm/s, and if the refractive 
index of the médium is n, then:

Cn=£. (8.1)
n

The division of velocity by frequency gives the wavelength:

2--. (8.2)
V

The wavelength is the minimum distance between wave fronts vibrating in the 
same phase. In spectroscopy electromagnetic radiation, or light, is frequent- 
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ly characterized by the wavenumber, v*, which is the reciprocal of the 
wavelength:

v* = i = - cm “1. (8.3)
2 c

The frequency rangé used in practical spectroscopic measurements is limited 
to between 108 and 1014 Hz.

In polymer spectroscopy absorption methods are normally used, as 
emission spectroscopy requires such high temperatures that most polymers 
would decompose.

When light is transmitted through the matéria!, those components are 
absorbed which correspond to the energy difference between two States, 
and E2:

hv = AE = E2-E1 (8.4)

where h is Planck’s constant (h = 6.6254 x 10” 34 Js).
Energy scales. Various spectroscopic techniques are related to such 

energy differences. These energy differences are usually expressed in 
erg/molecule or J/mole units. Another energy unit is the electron volt (eV), 
which is the energy of a single electron accelerated by 1 V potential difference 
(1 eV = 1.602x 10”19J, 1 eV/molecule= 96.4 kJ/mole). Different types of 
radiation used in spectroscopy, together with their characteristic data, are 
listed in Table 8.1.

Spectrum lines fór the generated polymer molecules are due to 
transitions between electronic vibrational or rotational States. The highest 
energy difference corresponds to changes in the electronic state, these 
frequencies appear in the visible or ultraviolet (UV) spectrum rangé. Energy

Table 8.1

Various kinds of electromagnetic radiation used in different branches of 
spectroscopy

Type of 
radiation

Mean 
wavelength

Mean 
wavenumber

Mean 
frequency

Energy
E=hv

Unit cm v* = - cm ”1 Hertz, s”1 J eV

Infrared 10”3 103 3 - 1013 2-10”20 1.24 10”1
Visible 5-10”5 2 - 10* 6- 1014 4 -10”15 2.48
Ultraviolet 10”5 10’ 3 - 1015 2 • 10”18 1.24- 10
X-ray 10”7 107 3 -1017 2 ■ 10”16 1.24 ■ 103
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differences between vibrational States are much lower. Transition frequencies 
in this case can be found in the near infrared (IR) spectrum rangé. Energy 
differences between the rotational changes are even lower, these transitions 
appear in the far infrared and microwave rangé.

If /0 is the intensity of the incident light, and I that of the transmitted 
light, then the optical density (absorbance) is expressed as:

D = logy. (7-15)

Plotting absorption versus the wavelength or wavenumber, should identify 
absorption maxima so long as Eq. (8.4) is fulfilled. The degree of absorption 
(or extinction) is characterized by the optical density, D, which, according to 
the Lambert-Beer law, is proportional to the concentration of the absorbing 
units and sample thickness:

D = acd (8-5)

where c is the concentration (g/100 cm3), d the thickness of the sample (cm), 
and a is the specific absorbance (an earlier term was extinction coefficient).

The frequency positions of the absorption maxima yield information 
about the chromophore, that is, the absorbing group. Fór example, aromatic 
unsaturated double bonds exhibit absorption maxima in the UV frequency 
rangé. The concentration of these chromophore groups in the polymer can be 
determined using Eq. 8.5. UV spectroscopy can be used in somé polymers 
which react with UV-absorbing substituents. In this case the degree of 
substitution can be inferred from the UV spectrum. UV spectroscopy is useful 
in the qualitative and quantitative analysis of aromatic stabilizers in 
polymers.

8.1. INFRARED SPECTROSCOPY OF POLYMERS

Rapid developments in IR absorption spectroscopy began after World War 
II, when reliable electronic amplificrs and radiation detectors became 
available. Nowadays IR spectroscopy is one of the most important and 
widespread structural characterization methods used in polymer Science, 
mainly because of the simplicity of polymer identification. If the spectrum (or 
the absorbed intensity) is plotted versus the wavelength or wave number, the 
functional groups of the molecule give characteristic absorption bands with 
frequencies lying within a relatively narrow rangé, almost independent of the 
composition of the rest of the molecule. The relatíve constancy of these group 
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frequencies makes possible the determination of characteristic functional 
groups in the molecule. The exact frequency values give further information 
about the neighbourhood of these functional groups. Thus details of the 
probable structure can be determined.

In most molecules several independent vibrational modes exist, and 
in practice, there are no two polymers which give identical vibrational- 
rotational spectra, the IR spectrum can then be regarded as kind of 
“fingerprint” of the molecule. In a similar way, fór crystalline materials, the X- 
ray diffraction pattern can be regarded as a fingerprint.

Besides qualitative and quantitative analysis, IR spectroscopy can be 
used to monitor Chemical changes in polymer molecules, fór crystallinity and 
orientation measurements.

Absorption bands. It has been mentioned with regard to energy scales 
(see Table 8.1) that IR absorption bands belong to rotational-vibrational 
transitions. These transitions are analysed by quantum mechanics.

A molecule consisting of N atoms has 3N degrees of freedom and 3N 
wavenumbers ascribable from the equations of motion fór the individual 
atoms. Three of these belong to the translation of the molecule, 3 to the 
rotation, whereas the corresponding wave numbers are zero. The number of 
independent normál vibrations is 3N-6. As an example, Table 8.2 shows the 
normál vibrations of the methylene group. Here the motion of 3 atoms is 
studied, and there are 9 degrees of freedom. The translational modes are nőt 
independent degrees of freedom with respect to the rest of the molecule, the 
rotational modes must, however, be taken intő account as vibrational modes, 
as the C atom of the CH2 group is regarded as fixed. These modes are 
methylene wagging, rocking and twisting. The totál number of vibrational 
degrees of freedom is 3N —3 = 6, so that the methylene group can be 
vibrationally excited at 6 frequencies.

Nőt all of the possible vibrations appear in the infrared spectrum, and 
one cannot be sure that all vibrations are non-degenerate. With increasing 
symmetry the number of observable bands decreases because of degeneracies. 
In simpler cases the vibrational frequencies can be calculated by quantum 
mechanics methods.

Polymer molecules contain a very high number of atoms, bút their IR 
spectra are relatively simple. This can be explained by the fact that the 
polymer (with the exception of end-groups) consists of identical monomeric 
units. To a first approximation it is assumed that the characteristic 
frequencies of the repeat unit are independent of the rest of the macro- 
molecule. These group frequencies can be conveniently used in the evaluation 
of infrared spectra. The main absorption lines originate from the vibrations of
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Table 8.2

Stretching and bending type vibration modes of the methylene
(—CH2—) group________________________

Direction of
Vibration mode the transition Description

dipólé moment

f Symmetric stretching

Asymmetric stretching

f Scissoring

0 Wagging

Nőne Twisting

Rocking

+ and - denote the axis 
perpendicular to the pláne of the paper

the atoms and groups of the repeat unit. The unit cell of polyethylene, fór 
example, contains 4 -CH2- groups. The maximum number oí normál 
vibrations of the atoms in the unit cell is 36, of these, only 15 appear in 
practice, in the infrared spectral rangé.

Vibrational frequencies are nőt normally calculated fór each group of 
atoms. Empirical rules and tables are used instead fór the identification of
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Fig. 8.1. Main vibration frequency regions of polymers as a function of wavelength and wave 
number (str = valence stretching).

absorption bands (Bellamy 1958; Nakanishi 1964; Szymansky 1963; Hen- 
niker 1967; Hűmmel 1978,1984). As an example Fig. 8.1 shows the frequency 
ranges fór somé recurring vibrations in polymers as a function of wavelength 
(upper scale) or wavenumber (lower scale). Figures of this type can be used fór 
a rough, first interpretation of absorption bands.

Before a more detailed discussion of spectra, a short review is given 
below on sample preparation and spectrometers.

8.1.1. Sample preparation fór IR measurement

Both soluble and insoluble materials can be studied by this method. Soluble 
polymers are frequently studied in solution, the absorption of the solvent is 
compensated fór. (The reference beam is passed through pure solvent.) 
Soluble or insoluble samples can be in film, powder, thin section, fibre or búik 
forms.

Films can be transilluminated directly. The simplest method is to fix a 
film of suitable thickness using a magnetic plate in the path of the infrared 
beam.

The illuminated area is about 2 cm2. The optimum film thickness 
depends on the Chemical composition of the film and on the wavenumber 
used, usually ranging between 5 and 20 pm.

Powders are generally studied after mixing with an IR transparent 
powder and pelletization. Pellets are formed by pressing. Mátrix matéria! is 
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usually KBr. The amount of sample needed fór the measurement is 5-20 
mg, the pellet is normally referred to as a KBr disc. Powders can alsó be 
studied in the form of a suspension, in, fór example, paraffin oil.

Thin sections can be prepared by standard techniques used in 
microscopy. These can be studied in a similar way to powders.

Special microtechniques have been developed fór studying fibres, bút 
parallel winding is alsó used. Short cut fibres can be studied as with powders.

Búik samples can be investigated using reflection or the attenuated totál 
reflectance (ATR) technique. Fig. 8.2 shows schematic diagrams fór the 
transillumination (a), reflection (b) and the ATR (c) methods.

In the case of the ATR technique the radiation penetrates a few microns 
intő the sample at the interface of the sample and the optical element, it is then

Fig. 8.2. Main methods fór infrared investigation.

reflected back intő the optical element. If the incident angle and the refractive 
indices are chosen correctly, the same beam is repeatedly reflected from the 
surface of the sample, and the sample absorbs somé of the radiation at the 
corresponding wavelengths. Spectra obtained this way are, as a rule, weaker 
than absorption spectra, bút they can be used successlully in the study of 
coatings. The optical matéria! is usually silver chloride or KRS-5 (which is 42 
wt% thallium bromide and 58 wt% thallium iodide).
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8.1.2. Equipment

Various IR spectrometers are commercially available. The usual wavenum- 
ber rangé is 3000 to 250 cm “1 (3-40 //m). Better spectrometers can be used 
from 4000 to 200 cm-1.

Double-beam spectrometers are normál. The main elements being the 
radiation source, monochromator and radiation detector, together with the 
recording unit. A schematic of such a spectrometer is shown in Fig. 8.3.

Fig. 8.3. Schematic view of a double beam infrared spectrometer. S—radiation source, M— 
mirror, SC—beam passing through the sample, RC—reference beam, Sí—síit, A—optical wedge, 
RM—monochromator, G—optical grating, D—detector, El—electronic amplifier, Re 
recorder.

The radiation source is a Globar lamp, which is a silicone-carbide rod 
heated to 1200-2000°C. Another popular radiation source is the Nernst 
lamp, which consists of rare earth metál oxides, the operating temperature 
being around 2000°C.

The radiation is split intő two beams, one passes through the sample, the 
other is used as a reference. In the case of solution studies the reference beam is 
passed through the pure solvent. The monochromator selects the correct 
wavelength. Earlier spectrometers used prisms fór this purpose made of 
lithium fluoride, sodium chloride, potassium bromide, caesium bromide or 
caesium iodide.

Nowadays diffraction gratings are used more and more frequently. In 
both cases several prisms or gratings are needed to cover the totál frequency 
rangé. The measurement and reference beams reach the monochromator and 
detector alternately.

The detector can be a thermocouple, bolometer or Golay detector. The 
latter is a metál box filled with gas, heated by the radiation. The gas changes 
volume under the effect of radiation which is recorded optically, using a
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mirror and photodetector. The signal from the photodetector is amplified 
electronically. The recorder unit can record the relatíve intensity of the two 
component beams, I/Iq, which is proportional to the transmission.

T%=Z//0 - 100, (8.6)

or the absorption percentage:

4%=(100-T%) <8-7)

or the optical density, D, as given by Eq. (7.15), alsó known as the absor- 
bance, as a function of the wavenumber (v*, cm ) or the wavelength (A, /tm).

D = log/o// = logy. (7.15)

It is important to note that comparisons can be made only between optical 
densities, since T% or A% values are unsuited fór this purpose.

Normál coordinate scales are compared in Fig. 8.4. In scientific pub- 
lications somé authors denote totál absorption (zero transmission) at the 
bottom of the scale (Fig. 8.4a), where absorption bands appear as minima. 
Others piacé totál absorption at the top of the diagram, so that absorption 
bands appear as maxima.

Absorption is the opposite of transmission, both expressed in percen- 
tages. Absorption is nőt identical with absorbance which is equal to lóg 1/T In 
order to avoid confusion absorbance is better known as optical density. The 
optical density relating to totál absorption is infinite. Owing to practical, 
numerical reasons this absorbance is taken to be 3.2.
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Fig. 8.4. Comparison of various coordinate scales used in infrared spectroscopy.
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In modern publications abscissae are usually given in cm-1 (wavenum- 
ber) units. If, however, wavelengths are used, expressed in ^m units, the data 
can be converted by using the formula:

* 10,000 v* —--------
A (8.8)

Fór orientation studies polarized infrared radiation is used. Polarized 
beams are produced using transmission polarizers made of silver chloride or 
metallic selenium.

8.1.3. Qualitative structural analysis with the aid 
of IR absorption spectroscopy

Several atomic groups (such as —CH, —CO, —C=N or —CH3) can be 
identifíed relatively easily based on a single absorption line. The presence of 
other groups can be detected by the simultaneous appearance of several 
absorption bands. Fór example, the presence of vynilidene (H2C=C^) 
groups is indicated by the simultaneous appearance of C—H, C=C and 
=CH2 frequencies.

Identification of unknown polymers is facilitated by IR handbooks. The 
type of the polymer can be identifíed using small compilations (Nygist 1960; 
Hasiam and Willis 1965), fór closer identification, spectrum data banks 
consisting of 1900 spectra are available (Hűmmel 1984). The qualitative 
identification of polymers from IR spectra is discussed in detail in the book by 
Henniker (Henniker 1967).

Small bút important differences between similar, bút non-identical 
polymer samples can be studied by differential IR spectroscopy.

Additives (such as stabilizers and lubricants) are usually added in small 
amounts to the polymers. They have therefore to be concentrated (by 
extraction or selective dissolution) prior to spectroscopic investigation.

8.13 .1. Polyethylene

Polyethylene is one of the most frequently studied polymers (Fig. 8.5). 
Assignment of the individual absorption bands is given in books and articles 
(Krimm 1960; Wood and Luongo 1961).

The concentration of methyl groups in polyethylene has been studied by 
several authors. Methyl groups can appear as end-groups of chain molecules 
or branchings. Determination of methyl group concentration thus gives



Fig. 8.6. Determináljon of chain branching from the analysis of infrared absorption spectrum in 

the neighbourhood of 1370 cm"1.
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information about the degree of branching, especially if the number average 
molecular mass is known. Physical properties of polyethylene highly depend 
on the linearity of the molecular chain.

The scissoring vibration of the methyl group in polyethylene appears at 
1377 cm-1 (7.25 /zm). (It is disturbed by the 1367 cm -1 peak of the methylene 
group, which has to be compensated fór.)

Fig. 8.6 shows the IR spectrum of two polyethylene samples in the 
neighbourhood of 1370 cm-1. The continuous line denotes 1.6, and the 
dashed line 34 methyl groups/1000 C atoms respectively. D is the optical 
density of the 1377 cm 1 bands with respect to the base line which is the dot- 
ted line on the Figure (Reding and Lövell 1956). High pressure, low density 
polyethylene (LDPE) contains 20-30 methyl groups/1000 C atoms, while low 
pressure, high density polyethylene (HDPE) contains 3-10 CH3 groups/ 
/1000 C atoms. The linear (or Phillips) polyethylene contains only 1—3 CH3 
groups/1000 C atoms (Fox and Martin 1940; Wilbourn 1959).

In polyethylene thermal or oxidative degradation can be monitored by 
measuring the absorption intensity in the 1300-2200 cm-1 rangé. At 1718 

Fig. 8.7. Study of Chemical ageing by infrared spectroscopy 
sample aged fór two weeks.

original sample, — — —
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cm '1 (5.82 ^m) a strong carbonyl C=C=O) bánd appears under the action of 
oxidtzing agents. Fig. 8.7 shows the ÍR spectrum of virgin and aged poly­
ethylene samples in the relevant frequency rangé.

Crystalline bands appear at 731 and 1894 cm” \ the amorphous bánd at 
1300 cm-1 (see alsó Table 7.11).

8.I.3.2. Polypropylene

The IR spectrum of polypropylene is shown in Fig. 8.8. The infrared spectrum 
of isotactic polypropylene was studied, among others, by Luongo (1960) and 
McDonald and Ward (1961). Atactic polypropylene was investigated by

Propylene Wavenumber, cm

Fig. 8.8. Infrared spectrum of polypropylene.

Fig. 8.9. Crystallinity of polypropylene as a function of temperature calculated from the 
Dm/Dim absorbance ratio.
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Immergut (1961). The characteristic of the syndiotactic modification is the 
appearance of the 867 cm 1 bánd (Natta 1959).

On melting polypropylene, bands disappear at 1329, 1305, 1223, 1106, 
1048, 1003, 944, 904 and 846 cm-1 wavenumbers. Bands appearing at 1450, 
1370,1171,978 and 890 cm 1 do nőt depend on temperature. The first group 
can be used in crystallinity measurements, the latter as an internál standard. 
As an example the temperature dependence of IR-crystallinity is shown 
according to Heinen (1959) (Fig. 8.9).

The 977 cm ”1 bánd is useful in measuring the isotactic helix content, 
while the 867 cm 1 bánd is characteristic of the syndiotactic helical details 
(Woodbrey and Trementozzi 1965).

Intensities of the bands appearing at 1256 and 1220 cm 1 wavenumbers 
have been used in orientation measurements (Samuels 1965).

8.1.33. Polypropylene polyethylene copolymers

Fig. 8.10 shows the infrared spectrum of a polyethylene-polypropylene block 
copolymer. Mixtures, blends and copolymers cannot usually be distinguished 
by IR spectra. This is possible only if the spectrum of stereo-regular polymers 
are studied, where the frequencies of trans and gauche isomers are different. 
This kind öf isomery is discussed later with reference to Fig. 8.37. In these 
cases crystalline structure influences intermolecular forces, and frequency 
differences become more marked (Hasiam and Willis 1965).

The similarity of the IR spectra of mixtures and copolymers can alsó 
be exploited, artifical mixtures can help in calibrating the method, and 
copolymer compositions can be determined.

Fig. 8.10. Infrared spectrum of a polyethylene-polypropylene block copolymer.
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8.1.3.4. Polystyrene

Fig. 8.11 shows the ÍR spectrum fór polystyrene. This compound has alsó 
been studied by several authors, by Liang and Krimm (1958) and by 
Kámmerer et al. (1962), amongst others.

Isotactic polystyrene was first studied by Natta and Corradini (1955). 
The D560/D543 optical density ratio was suggested by Takeda (1959,1960) to 
be a measure of isotacticity.

Fig. 8.11. Infrared spectrum of polystyrene.

100

50

2500 2000 1600 1400 1200 1000 800
cm'1

Fig. 8.12. Infrared spectra of polystyrene and styrene copolymers.
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High impact polystyrene is produced by copolymerization or by mixing 
with elastomeric additives. Acrylonitrile gives the characteristic nitrile peak 
at 2250 cm1, while polybutadiene gives a characteristic peak at 973 cm-1. 
Fig. 8.12 shows an example fór normál and toughened polystyrenes. The 
acrylonitrile content can be determined easily, as its absorption is well 
separated from the other bands. Nitrile content as low as 1% can be detected. 
The measurement of the polybutadiene content is nőt so simple, as the ab­
sorption bands of polystyrene are alsó present in the same neighbourhood.

8.I.3.5. Poly(tetrafluoro ethylene)

The infrared spectrum of poly(tetrafluoro ethylene) (PTFE, Teflon) is shown 
in Fig. 8.13. In this Figure the ordinate is 7% (transmission percentage). Fór 
comparison, the spectrum of the same matéria!, in the same frequency rangé is 
shown in Fig. 8.14, bút in this case the ordinate is optical density.

The Chemical structure of the —CF2— group is in certain aspects similar 
to that of the methylene group, so that PTFE is similar to polyethylene. 
Vibrational analysis was performed by Liang and Krimm (1956). Intermole- 
cular forces between the (—CF2—) chains are stronger than between the (— 
CH2—) chains of polyethylene. As a result, —CF2— wagging vibration 
appears át 638 cm'1 as opposed to 625 cm-1 in polyethylene.

Crystallinity determination methods fór PTFE were developed by 
Pokrovskii and Kotova (1956) and by Bro and Sperati (1959).

Infrared spectroscopy, as we have seen, is a very powerful tool in polymer 
identification, fór qualitative and quantitative group analysis. Crystallinity,

Fig. 8.13. Infrared spectrum of polyftetrafluoro ethylene) (Teflon), in transmission.
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Fig. 8.14. Infrared spectrum of Teflon in optical density representation.

thermal and oxidative degradation can be monitored by the method. With 
polarized radiation orientation measurements can be performed. Polymer 
additives can alsó be identified. In well-equipped IR laboratories various 
data-bases (such as spectral atlas, punched cards, and magnetic disk systems) 
are available.

8.2. ESR SPECTROSCOPY OF POLYMERS

Atoms, atomic groups or molecules containing unpaired electrons (fór 
example, paramagnetic materials and radicals) exhibit a nonzero electron- 
spin moment. When placed intő a magnetic field of constant strength, 
Ho, the spin moments, under the effect of radiofrequency electromagnetic 
radiation, become aligned with the field. Since the relatíve direction of the 
field and the magnetic moment are restricted by quantum mechamcs, rules 
(spatial quantization), the spin transitions are excited only by well-defined 
frequencies. These studies are referred to as electron-spin resonance (ESR) 
spectroscopic measurements. Resonance frequency and energy le vei dif- 
ferences can be calculated by the formula:

AE = hy = gpn0H0 (8'9)

where g is the spectroscopic splitting factor, the magnetic moment of the 
electron, /z0 the magnetic permeability of free space, and y the frequency.

The main application of ESR spectroscopy is in the detection of free 
radicals. It has been shown that mechanical fracture produces free radicals, 
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and chemists have succeeded in coupling low molecular mass paramagnetic 
molecules with otherwise ESR-inactive groups, this is the essence of the spin- 
labelling technique. The application of spin labels in studing the structure of 
polymers was discussed by Törmala and Lindberg (1976), and a review of the 
ESR study of synthetic spin-labelled polymers was published by Bullock and 
Cameron (1976).

8.3. NMR SPECTROSCOPY OF POLYMERS

8.3.1. The NMR phenomenon

Nuclear magnetic resonance (NMR) spectroscopy is a relatively new and 
powerful tool in the structural research of polymers.

The fact that certain nuclei exhibit different net magnetic moments (and, 
consequently spin) has been known fór a long time (1924). The spin quantum 
number, I, of the atoms is related to their mass number, A, and atomié num- 
ber, Z.

— if both A and Z are even, then Z = 0;
— if A is odd and Z is odd or even, then I is equal to 1/2, 3/2, 5/2 etc.;
— if both A and Z are odd, / is equal to 1, 2, 3 etc.
Somé frequently occurring isotopes, such as 12C, 16O or 32S have no 

magnetic moment and cannot therefore be studied by NMR. Other nuclei, fór 
example lH, 13C, 17O, 19F do have magnetic moments, and are NMR active.

Somé important characteristics of nuclei studied by NMR spectroscopy

Table 8.3

Isotope -

NMR frequency Natural 
-abundance 

°/ zo

Relatíve sensi- 
tivity if equal 

number of nuclei 
are present

Magnetic 
moment

Spin 
(multiples 
of h/2n)

U)
MHz at

14.092 kG
at 23.487 kG

■H 60.00 100.00 99.985 1.00 2.7927 1/2
2H (D) 9.210 15.351 0.015 9.65 10”3 0.8574 1
“B 19,250 32.084 80.42 0.165 1.8006 3/2
13C 15.087 25.144 1.108 1.59 ■ 10“2 0.7022 1/2
14N 4.334 7.2238 99.63 1.01 • 10“3 0.4036 1
17O 8.134 13.56 0.037 2.91 • 10~2 — 5/2
19p 56.446 94.077 100.0 0.833 2.6273 1/2
31 p 24.288 40.481 100.0 0.066 1.1305 1/2

After Bovey, 1972.
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Somé important data of nuclei frequently studied by NMR are summarized in 
Table 8.3.

If nuclei having magnetic moments are placed in a strong magnetic field, 
the magnetic moment, [i, of the nucleus tends to align with the field. This 
ordering is, however, accompanied by energy changes, so that orientation is 
limited to certain directions determined by energy quanta. This phenomenon 
is known as spatial quantization.

Fig. 8.15. Nuclear magnetic moment in an outer magnetic field.
After Bovey 1972.

The nuclei, as small elementary magnets, do nőt become totally parallel 
with the field, bút perform a precessing motion (like tops in a gravitational 
field) (Fig. 8.15). This is Larmor precession, where the radial frequency is 
coo (radian/sec), frequency is v0 (Hertz), and the two quantities are related:

coo = 2irvo. (8.10)

The interaction energy between the external field, Ho, and the magnetic 
moment is described by:

h
j~yHom (8.11)
2ti

where y is the gyromagnetic ratio of the nucleus, which can be calculated from:

(8J2I

where h is Planck's constant; m the magnetic quantum number with pos- 
sible values m=I, I— 1, 1— 2, ..., — I, (totál possibilities are 27+1), / the 
spin quantum number. If, forexample, / is 1/2, the possible quantum numbers 
are 1/2 and —1/2. The spin quantum number of the proton is e.g. 1/2, i.e. 
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protons can occupy two positions in the magnetic field, either parallel with or 
perpendicular to it.

This is shown in Fig. 8.16, where a schematic description of the 
orientation process due to an external field is given. If Ho is increased in an 
attempt to influence the degree of orientation, the reál effect is to accelerate 
the precession of the nuclei. Orientational excitation can be facilitated by a

Without magnetic field

Fig. 8.16. Ordering of protons in a magnetic field.

secondary magnetic field, which is perpendicular to the Ho field, and rotates 
at a frequency of v0- This second field is marked as 7/i in Fig. 8.15. Such a 
rotating magnetic field can be produced by electromagnetic radiation.

If the frequency of the field is close to the precession frequency, v0, 
bút is nőt equal to it, /z, the magnetic moment, remains unchanged. If, how- 
ever, the rotational frequency of Hí is exactly equal to vo, a strong oscillation 
is observed in the angle between Ho and /z. A resonance phenomenon is 
observed, and energy is absorbed. The condition necessary fór this quantum 
transition is, in radial frequency terms: 

or, expressing it using rotational frequency and Eq. 8.12:

«v0=-p

(8.13)

(8.14)

If the frequency of the electromagnetic radiation is swept, transitions appear 
at well-defined frequencies as resonances. Such resonances can alsó be 
obtained by changing Ho. The energy difference between the two States can be 
expressed by the quantum conditions:

AE — hv0 = 2iiH0. (8.15)
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Table 8.4
Relation between Ho (kG) and v0 (MHz) values fór various 
magnetic nuclei ________  

no ____________

Isotope 10 14.1 23.4 52 70.5__ 100

vo value __

‘H 42.6 60 100 220 300 426

2H (D) 6.5 9 15 34 46 65

13C 10.7 15 25 56 75 107
19p 40.0 56 94 208 282 400

As one can see from Eq. 8.15, vo is proportional to Ho and fi. /z, the 
magnetic moment fór the proton is 2.79, and fór 13C it is 0.702. The 
interrelation of Ho and v0 values fór somé important nuclei are given in Table 
8.4. It can be seen that if the magnetic field strength is 14,100 G, v0 fór protons 
is 60 MHz. If the field strength is 23,400 G, the frequency is 100 MHz.

These are the most widespread field strength values. Newer spec- 
trometers equipped with superconducting magnets can produce 52 kG field 
strength with a corresponding resonance frequency fór protons of 220 MHz. 
Table 8.4 alsó includes 100 kG field strength, bút such spectrometers are quite 
rare.

The frequency dependence of energy absorption can be detected as a 
spectrum line. Its position, intensity and shape depends on the intermolecular 
interactions, it can therefore be used in the study of such interactions.

8.3.2. The importance of NMR spectroscopy in the 
structural investigation of polymers

Nuclear magnetic resonance was first observed in solids in 1945. The first 
observation in polymers dates back to 1946, and in 1958 a comprehensive 
review was published on NMR studies of polymers (Slichter 1958). NMR has 
been used fór stereochemical studies in vinyl polymers since 1960.

NMR studies on polymers can be roughly divided intő two classes.
i) Nuclear relaxation measurements use the broad line NMR technique 

(usually proton relaxation). Solid samples are studied to clarify morpholog- 
ical details or mobilities. Amorphous content and chain orientation can alsó 
be determined in semicrystalline polymers.
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In Solutions temperature dependent relaxation times can be determined 
from the time dependence of the magnetization, which gives information 
about molecular motions in the polymer.

n) By studying high resolution NMR spectra the sequential distribution 
of polymers can be determined. This is the only method which gives infor­
mation about the sequence of consecutive structural units, and is the most 
important method in tacticity analysis and in submolecular structure deter- 
mination of copolymers. NMR techniques have developed rapidly. The resolv- 
ing power of the instrument has increased dramatically. New methods in- 
clude cross polarization, and high power resonant proton decoupling tech­
niques. Solid State studies by the magic angle spinning method make possible 
the solution of stereochemical problems, even if the polymer is insoluble.

Areas most important from the point of view of structural character- 
ization are summarized in Table 8.5.

Table 8.5

Applications of NMR spectroscopy in the structural analysis of polymers

Structure ,

Structure of the repetition unit;
Structure and analysis of end groups and branchings, polymer tacticity (configuration);
Copolymer composition;
Order and sequence of monomeric units in the polymer;
Head-to-head and head-to-tail structures in polymers;
Crystallinity;
Őrien tation

Chemical information

Details of chain intitiation and propagation, including stereochemical mechanism;
Direct estimation of activity ratios fór monomers;
Conditional probabilities of chain growth;
Identification of chemically active sites;
Kinetics

Physical information

Chain conformation;
Conformation transitions in Solutions;
Equilibria;
Transition temperatures (Ta, Tm) in solid polymers (linewidth measurements)
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8.3.3. The NMR spectrometer. Detection of resonance

Fig. 8.17 shows a schematic view of an NMR spectrometer. The sample is 
placed intő tűbe A (diameter is about 5 mm). Tűbe A is placed intő the 
magnetic field of electromagnet E (the field strength being between 14.1 and 
52 kG). The Larmor, or precession frequency, is 60 MHz when the field 
strength is 14.1 kG, bút a 52 kG it shifts to 220 MHz. The same frequency 
is produced by a rádió frequency generátor in the accelerator coil B. The axis 
of this coil is perpendicular to the direction of the static magnetic field. The

Fig. 8.17. Schematic of the NMR spectrometer. 4—sample holder tűbe, B radio-frequency coil, 
C—adjustable magnetic field, D—sensor coil.
After Bovey 1972.

magnetic field vector of the Hí rádió frequency field oscillates parallel to the 
sample tűbe, and perpendicular to the static field. To detect the resonance 
signal the magnetic field of smaller, ancillary electromagnets, C, is slowly 
varied until the resonance condition (Eq. 8.15)) is reached and resonance 
occurs. In this case the magnetic nuclear dipoles change from the lowet 
energy State to a higher energy, and induce currents in coil D. This coil is 
perpendicular to field Ho, and to the direction of coil B. The induced current 
is amplified and recordea.

8.3.4. Spin lattice relaxation

The energy difference between the magnetic levels is very small. In the case of 
protons in a field of 14.1 kG it isjust 0.08 Joule, the value of 2/zH0/kT being 
about 10 5. Expressing the distribution of spins between the States the ratio 
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fór protons can be expressed as:

(8.16)
N_ kT

where N+ and N _ denote the relatíve probability of the spins in the higher 
and lower States respectively, Tis the Boltzmann spin temperature.

At a temperature of 300 K, and 14.1 kG field strength, the ratio of parallel 
to perpendicular protons is 1,000,010 to 1,000,000, so out of 2 millión nuclei, 
only 10 excess parallel spins lead to a weak magnetic polarization of the 
sample. If the spin of the nuclei exceeds 1/2, there will be 2/ + 1 energy levels 
with equal energy spacings of nH0/I. Relatíve populations can be described 
by equations similar to Eq. (8.16).

Under the influence of the field, spins are excited from a lower to a 
higher energy State corresponding to a high Boltzmann temperature. If there 
is a relaxation in this higher energy State, this corresponds to a cooling of the 
spin system. Similarly, when the sample is First placed intő the magnetic field, 
spins are randomly oriented, and a relaxation phenomenon occurs until the 
equilibrium distribution corresponding to the Ho field is established.

Since the energy differences involved are very small, the spin temperature 
can be much higher than the actual, observable sample temperature. The heat 
capacity att’ributed to the spins is very small.

The relaxation process is always strongly influenced by the environment 
of the spin. This environment is generally termed the “lattice”, which can be

Fig. 8.18. Frequency spectrum in materials of a high, h médium and c low viscosity. 
(Courtesy of F. A. Bovey.)



Sect. 8.3 NMR spectroscopy of polymers 379

liquid or solid condensed matéria!. Each spin is sensitive to the presence and 
position of several other spins in its neighbourhood. If the fluctuating local 
field alsó has an Hí component with v0 precession frequency, the same 
transitions can occur between the magnetic States as under the effect of the 
original H, field. In solid materials and liquids of high viscosity, molecular 
motions are slower, and the frequency spectrum can be described by curve a in 
Fig. 8.18. If, on the other hand, relaxation is studied in a low viscosity fluid the 
frequency spectrum becomes flattened owing to the enhanced molecular 
mobility, as shown by curve c in Fig. 8.18. The thermal relaxation in liquids of 
médium viscosity can be described by curve b.

If the actual population difference between the States at time t is n, and 
ne u denotes the equilibrium population difference, then:

n^ud-^11)
where tr is the spin-lattice relaxation time. This is the time in which the 
equilibrium spin-population difference decreases to where e is the 

base of the natural logarithm.

Fig. 8.19. Time dependence of spin polarization. t, denotes the spin lattice relaxation time.

Fig. 8.19 shows the exponential-asymptotic increase of the polarization 
to the equilibrium value, and the position of on the time scale. is 
frequently referred to as the longitudinal relaxation time, since the process is 
accompanied by energy changes, which modify the magnitude of the nuclear 
magnetic momentum component parallel to the applied static magnetic field. 
Later í,, the transverse relaxation time, will be introduced, and Fig. 8.27 
shows the orientation dependence of the magnetic moment change related 
to the spin lattice relaxation.
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Nowadays experimental linewidths are at least 0.3 Hz, which corre- 
sponds to about 0.5 sec spin lifetime. íj usually falls in the order of 1 and 10 sec 
in liquids.

8.3.5. Chemical shift

In the case of a single nucleus (such as a proton), and a fixed vQ frequency, 
nőt all protons show the resonance phenomenon at the same Ho magnetic 
field strength. This fact renders NMR spectroscopy an important tool fór 
structural investigation. The Ho value where resonance appears is different 
fór every type of proton, depending on the Chemical bond and intramolecular 
position. In organic compounds this variation of Ho falls in the order of 10 
ppm, that is, it is 600 Hz in the case of a 14.1 kG magnetic field. This change in 
the resonance field strength can be attributed to the electronic shell around 
the nuclei. When a molecule is placed intő a magnetic field, it induces currents 
in the molecule. According to Lenz’s law this current results in a small local 
field of opposite sign to Ho, the inducing field, even when the number of 
electrons is even, and there is no net magnetic dipólé moment of the molecule.

This phenomenon explains the diamagnetic behaviour observed in all 
types of molecule. All nuclei are partially shielded by the electrons and, in 
practice, the Ho field needed fór resonance is somewhat higher than it would 
be expected fór a “bare” nucleus.

Electronegative groups such as —OR, —OH, —OCOR, or halogens, 
attract the shielding electrons and the resonance appears at lower Ho fields. 
This is the reason fór the fact that, in NMR spectroscopy, there is no natural 
zero-point or scale unit. The following two conventions are usually accepted:

- the scale unit is the relatíve change of the Ho field in ppm (parts per 
millión) units;

— an arbitary reference matéria! is chosen to fix the zero point and all 
resonance shifts are relatíve to this standard. These resonance shifts 
are alsó referred to as Chemical shifts. The advantage of this dimen- 
sionless scale is that Chemical shifts are made independent of the Ho 
value used in the actual spectrometer, which would nőt be true fór 
gauss or Hz scales.

As a reference matéria! tetramethyl silane (TMS) has been used since 
1958. This is a volatile liquid, which is chemically inért, boils at 20°C, and can 
therefore be easily removed. It contains 12 equivalent protons resulting in a 
single, strong resonance line, and there are usually no other absorption lines 
in its vicinity.
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On the so called r-scale the r-value assigned to tetramethyl-silane is 10.00, 
as its protons are usually more strongly shielded than the protons of other 
organic compounds. The Chemical shift values of protons on this scale usually 
lie between 0 and 10. On another arbitary scale the TMS value is the zero 
point. This is the ó-scale, which is related to the r-scale, such that ö = 10 — r.

Fig. 8.20 shows the Chemical shift values of somé organic protons in 
carbon-tetrachloride solvent.

Fig. 8.20. NMR signals of somé compounds which exhibit only one line with different Chemical 

shifts.

8.3.6. Intramolecular spin-spin coupling

Nuclei in the molecule interact through Chemical bonds, resulting in partial 
spin-polarization and a deformation of the valence electron orbitals. If a 
particular nucleus has n identically bound neighbours, then the resonance line 
splits intő n + 1 lines, according to the n + 1 possible spin States.

One neighbouring spin therefore causes a doublet, two spins a triplet, 
three spins a quadruplet, and so on, where the relatíve intensities are 1:1, 
1:2:1 and 1:3:3:1 respectively. The strength of the coupling is characterized 
by the distance between the split peaks. J, the spin coupling constant is 
usually given in Hertz units. It is important that the J value should be 
independent of the applied Ho magnetic field strength, so that it characterizes 
the intramolecular nuclear interactions, a molecular constant. Protons of 
saturated hydrocarbons usually exhibit 5 to 8 Hz spin-spin coupling 
constants. Coupling of more than three spins results in such weak lines that in 
polymer spectra they are usually nőt observable, the lines being smeared out.
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Fig. 8.21 shows a schematic diagram of spin-spin coupling. In the case of 
protons there are two roughly equally populated energy States. About half of 
the A spins are parallel to the Ho field, the other half being perpendicular. 
Similarly, half of the B spins are parallel, and half perpendicular to the static 
field. These two States interact differently with the electrons; in half of the mo- 
lecules the local magnetic field increases at nucleus A, in the other half of the 
molecules the local magnetic field decreases, because of the different position 
of the B spins. Thus two resonance signals are observed, and the peak splits 
intő a doublet. Exactly the same splitting phenomenon appears at nucleus B 
because of the two different positions of the A spin. The spectrum therefore 
consists of a doublet pair, with splitting constant J. If another magnetic 
nucleus is joined to the neighbouring atom, these two spins can interact with 

„-Spin-spin coupling 

u | Bonding orbitals
_

,C c.

A

B
I
i Spin-spin coupling constant^

Fig. 8.21. The effect of the spin-spin coupling of two nuclei on the spectrum.

ő

Fig. 8.22. NMR spectrum of three interacting nuclei.
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the A nucleus in 3 different ways. In half of the molecules the two spins are 
perpendicular, and have no effect on the position of the A line, thus one line of 
the triplet coincides with the Chemical shift of the unperturbed A nucleus. This 
is shown in Fig. 8.22. If further neighbouring magnetic nuclei are present in 
the molecule, the number of lines increases according to Fig. 8.23. As an
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example the NMR spectrum fór the diethyl ether molecule is shown in Fig. 
8.24, where the two ethyl groups are symmetrical. The methylene (—CH2—) 
group gives four lines, while the methyl (—CH3) group appears as a triplet. 
The Chemical shift depends on the Ho field, J does nőt. These two effects 
influence the appearance of the spectra. ff the Chemical shift difference, Jv (Hz), 
between two different nuclei is relatively high and J is relatively low, the 
spectrum consists of two well-separated doublets of almost equal intensity. 
This is known as a first order spectrum. The Chemical shift of the nuclei is 
equal to the midpoint between the corresponding doublets.

ff J/Av exceeds 0.1-0.2, in the case of two-spin systems the intensities 
become perturbed, the external lines become weaker, and the internál ones 
more intense. Here the midpoints between the doublets are no longer equal to 
the Chemical shifts, bút the difference between the doublets remains equal to J.

d)

30 20 10 0 10 20 30
Hz

Fig. 8.25. Calculated NMR spectra with J = 10and J/Ar = a 0.20, b0.25, c 0.33, d0.50 and e 1.00.
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These spectra are known as second order, or strongly perturbed. The 
computer simulated spectra of such a two-spin system at J = 10 Hz and J/Av 
= 0.20,0.25,0.33,0.50 and 1.0 are shown in Fig. 8.25. Both types of spectra are 
observed in polymers.

Second order spectra are best analyzed by means of computer. Such 
spectra can be simplified if Ho is increased, which reduces the J/Av value. 
Under the effect of stronger fields second order spectra can transform intő first 
order ones. Besides increasing the field strength other alternative methods of 
spectrum analysis can be found in the literature, such as selective deuteration

Fig. 8.26. The effect of increasing field strength on the spectrum.

or double resonance. Fig. 8.26 shows the effect of field strength on the spectra 
(greater field strengths are indicated by the increasing base frequencies). From 
this diagram it is quite clear why high-field spectrometers are so popular 

among scientists.

8.3.7. Dipolar line broadening. Broad line spectra

The local magnetic field acting on protons distant from one other is 
essentially equal to Ho, in fact it is somewhat lower, owing to electronic 
shielding. If Ho is homogeneous in the sample the linewidth of the absorption 
lines is approximately 10 4 G, 10 2 ppm or O.3-O.5 Hz.
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In most materials protons have an appreciable influence on the local 
magnetic fields of one another. Let us assume that isolated proton pairs are 
present in the system, each proton is influenced by the Ho static field and by an 
H]oc local field. The magnitude and sign of this Hloc field depends on the 
internuclear distance, r, the relatíve orientation of the nuclei and the static 
field, Ho. The latter is characterized by the angle, 0, between Ho and the 
internuclear vector. The energy of these local pairs can be expressed as.

AE = 2n(H0±H}oc) = 2n
3

Ho + -^r“3(cos2 0 — 1) (8.18)

The ± sign depends on the orientation of the neighbouring spin relatíve to the 
Ho field, it can either decrease or increase the local field.

The spectrum of such protons consists of two lines, the separation of 
which is proportional to r3 if 0 is constant. This is shown in Fig. 8.27u. If 
cos2 0 = 1/3 (0 = 54.7°), the lines coincide, and a single line is observed.

Fig. 8.27. Schematic NMR spectra fór the demonstration of spin interactions. a Isolated proton 
pair, b partially isolated proton pair, c randomly oriented proton pairs.

If the protons are slightly oriented (fór example, in compounds 
containing water of hydration), the spectrum lines broaden. Such lines are 
shown in Fig. 8.27b. In polymers, protons are usually nőt limited to the near- 
est neighbours, so both r and 0 vary within wide limits. This results in a 
multiplication of the lines, and the component peaks cannot be separated. In 
this case a"single broad line is observed, as shown in Fig. 8.27c. In practice,
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under the effect of local magnetic fields, the half-width of the absorption line 
in solid polymers can reach 10 G, or 105 Hz.

Nuclei can take part in molecular motions, fór example, certain groups of 
the polymer can rotate, and Eq. (8.18) becomes time dependent. If it is 
assumed that r, the internuclear distance, is constant and only 0 is time 
dependent (this is the case with protons of the methyl or methylene groups, 
and of the benzene ring), then the average time of the local field is:

Hloc = Mr3t2-1f(3cos20-l)dt, <819)
0

where averaging is performed fór a time interval of t2. t2 is the spin-spin or 
transverse relaxation time. It is called transverse because the spin-spin 
relaxation influences the field component perpendicular to the Ho field. If the 
direction of the field is parallel to the z axis of the xyz coordinate system, then 
the spin-spin relaxation acts in the xy pláne (Fig. 8.28). Spin-lattice 
relaxation, on the other hand, influences the magnetic moment parallel to the 
Ho field (z direction, longitudinal relaxation).

Fig. 8.28. Macroscopic nuclear moment and its x, y and z components.

In mobile systems t2 = tj. If, however, mobility is decreased, t2 decreases 
monotonically while t, exhibits a minimum. If solid lattices are formed, t2 
becomes a constant. This is shown in Fig. 8.29, which plots tl and t2 versus 
molecular mobility. Molecular mobility is characterized by tcorr, the 
correlation time. This is the time needed fór the molecule to rotate 1 radian 
around its axis.
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Fig. 8.29. Theoretical relations between the q and t2 relaxation times on correlation time, tcorr.

If 0 changes rapidly, the result of averaging can be a virtually zero Hloc 
local field. As a consequence, the linewidth decreases dramatically, it can be 
10“4-10~5 times less than in the case of slow angular change.

*

8.3.8. Magié angle spinning (MAS)

In certain spectrometers there is the possibility of rotating the sample at an 
angle of 54.7° relatíve to the static field. Rotation frequency is higher than 2 
kHz. In these experiments the linewidth of the solid specimen approximates 
that of liquids, and is close to 1 ppm. The technique is referred to as magic 
angle spinning (MAS).

The structure of crosslinked polyimides has been studied by the magic 
angle spinning technique, and it has been shown that the acetylene end groups 
undergo an aromatization reaction during heat treatment (Sefcik et al. 1979).

The development of the carbon fibre structure has alsó been studied by 
this technique. Polyacrylonitrile (PAN) fibres are transformed intő carbon 
fibres in two steps. First the fibres are pyrolized at lower temperatures in air, 
which leads to partial aromatization and oxidation. In the next step a high 
temperature carbonization is performed in an inért atmosphere, which results 
in the carbon fibre product. The first stage has a profound effect on fibre 
performance, bút it cannot be studied by conventional methods. Aromatiza­
tion proceeds in two steps:
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A 13C-MAS study of the oxidation process of PAN fibre has shown that, 
under the effect of oxidation, the number of aliphatic carbon atoms decreases, 
while that of aromatic carbons increases. This method is used in both 
laboratory investigations and in the quality control of the carbonization 
process (Stjeskal et al. 1982).

A comprehensive review of solid State NMR spectroscopy was given by 
O’Donnel (1984).

Möller et al. (1986) studied surface phenomena of lamellae in 
polyethylene and n-alkanes using the 13C-MAS technique. They succeeded in 
demonstrating that in the premelting rangé, a phase transition occurs; the 
density of the methylene groups decreases, and chain ends become mobile.

8.3.9. Spin-spin interactions

Spin-spin interactions and dipolar line broadening are closely related 
phenomena, bút nőt identical. Spin-spin coupling is an intramolecular 
phenomenon, where neighbouring molecules are nőt involved. Line broaden­
ing is the result of local fields of both intra- and intermolecular origin. Fór 
example, in a lattice containing two types of spin, direct spin -spin coupling 
is impossible owing to the widely differing precession frequencies. Dipolar 
interactions, however, are quite possible. Such an effect is frequently observed 
in 13C polymer spectra.

Lineshape analysis is complicated by overlapping. the second 
Central moment, plays an important róle in data processing. Its value can be 
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calculated using quantum mechanics methods so long as the polymer struc- 
ture is relatively simple. It can alsó be obtained from experimental data 
using the formula:

00

f (H—Hd)2 f(H)dH
AH2- , (8.20)

2 oo

f fWdH
— oo

where f(H) is the lineshape-function, that is, the signal value as a function of 
field strength. H-Ho is the deviation from the Central Ho resonance value.

Broad line spectra are frequently recorded as a derivative and nőt as 
absorption lines. Fig. 8.30 shows three different absorption lines and their 
derivatives. In the literature the recording of the absorption signal is referred 
to as an absorption mode, while that of the derivative is the dispersion mode.

Line half-width refers to the width of half the maximum absorption. The 
distance between the extremes of the derivative corresponds to that between 
the inflexión points of the original absorption spectrum. Narrow lines of high 
resolution spectra can be characterized by the Lorentz function. In this case. 
the distance between the extremes of the derivative is very close to the

Fig. 8.30. NMR lines of various width in absorption and dispersion mode.
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halfwidth, and is equal to 1/rc t2 Hz, where t2 is the spin-spin relaxation time. 
Broad line spectra lines cannot be described by the Lorentz function, the 
relatíve position of the extremes in the derivative spectrum yields only 
approximate t2 values.

8.3.10. Quantitative analysis, integrated spectra

An important feature of NMR spectroscopy is that the relatíve intensities of 
the absorption signals are proportional to the relatíve concentrations of the 
corresponding nuclei.

This is a great advantage over optical spectra where integrál absorption 
intensities are proportional nőt only to the concentration bút alsó to the 
absorption coefTicient, they must therefore be calibrated using Solutions of 
known concentration. Peak intensities themselves are nőt sufficient fór 
intensity determination, since peak widths are proportional to 1, and are 
nőt usually the same fór different protons. Absorption intensities can be 
measured by several methods, and most spectrometers are equipped with 
electronic integrators, which plot the integrál spectra as a series of steps. The

T
Fig. 8.31. 100 MHz NMR spectra of two polyfmethyl methacrylate) samples together with the 
integrated spectra (dashed lines). a Mainly isotactic, h mainly syndiotactic polymer. A more 
detailed analysis of the configurational sequences is given in Fig. 8.38.
Aftcr Bovey 1972.
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Fig. 8.32. An example of the quantitative analytical use of NMR spectra. Ethylene oxide- 
propylene oxide copolymer. Signals A and B are the methyl and methylene absorption 
respectively. The copolymer composition can be found from the integrated ratios. (After Mathas 
and Meller 1966.)

heights of these steps are proportional to the number of protons generating 
the signal. As an example Fig. 8.31 shows the spectra of two poly(methyl 
methacrylate) samples, the dashed lines representing the integrated spectra.

Fig. 8.32 shows the analysis of an ethylene oxide/propylene oxide 
copolymer. The resonance signal appearing at 1 ppm belongs to the methyl 
protons of propylene oxide. The height of the step related to this proton 
compared to the totál integrated height yields the composition after a simple 
calculation.

8.3.11. Analysis of head-to-head and head-to-tail 
structures in polymers

Fig. 8.33 shows the structure of the poly(vinylene fluoride) chain, while Fig. 
8.34 shows the 19F NMR spectrum. The 19F nucleus of the head-to-tail 
structure, A, appears at 91.6 ppm, while 5, C and D structures appear at 
94.8, 113.6 and 115.6 ppm values respectively.

The intensity of the D line related to the reversed D structure is roughly 
equal to the intensities of lines B and C, and so the reversed structure shows no 
tendency fór accumulation. Based on the relatíve intensity, the proportion of 
head-to-head structure in the sample is 7%.



Sect. 8.3 NMR spectroscopy of polymers 393

hhhfhfhfhffhhfhfhfhfhfhf 
-c-c-c-c—c-c-c-c—c-c-c-c—c—c—c—c—c-c-c—c-c-c—c-c- 
HFHFHFHFHFFHHFHFHFHFHFHF

aaacdbaaaa
Fig. 8.33. Poly(vinylidene fluoride) molecule. A, B, C and D denote various possible sequential 
structures.

Fig. 8.34. Analysis of head-to-tail and head-to-head linkages by NMR. The curve shows the 
”FNMR spectrum of poly(vinylidene fluoride). (After Wilson-Santee 1965.)

8.3.12. Analysis of chain branching

The anticipated 13C NMR signals due to methyl-, ethyl-, propyl- and butyl- 
branchings in polyethylene have been calculated. These theoretical spectra 
are shown on the right hand side of Fig. 8.35. The presence of these bands has 
been confirmed in polymers of known structure which contain such side 
groups. These reál spectra are shown of the left hand side of Fig. 8.35. 
Spectrum a is from hydrogenated polybutadiene, and spectrum b from 
ethylene/l-hexene copolymer. Curves c and d correspond to high- and low 
molecular mass branched polyethylenes respectively. It can be seen that 
polyethylenes contain mainly butyl branches, bút sample d alsó has somé 
ethyl branches (Dorman et al. 1972).
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B5 160 165 170 175 160 165
,3CS2, ppm

Fig. 8.35. Examples fór the study of chain branching in polymers. 13C NMR spectra of the 
following compounds. Left hand side, a hydrogenated polybutadiene. h ethylene-l-hexene 
copolymer, c fiigh molecular mass, branched polyethylene, d low molecular mass, branched 
polyethylene. Right hand side. Expected spectra fór various branches. The presence of ethyl 
groups is clearly evident in spectrum a, that of butyl groups in h. In polyethylene mainly butyl 
groups are present, bút in sample d a small amount of ethyl groups can alsó be found.

8.3.13. Analysis of stereoregularity

NMR spectroscopy has proven to be extremely successful in the analysis of 
stereoregularity in polymers. In order to understand the process, a brief 
discussion of the stereochemistry of polymers and related NMR results is 
necessary.

8.3.13.1. Geminal and vicinal protons

The proton-proton interactions most frequently encountered in polymers 
originate either from geminal protons (bound to the same carbon atom) or 
from vicinal ones (situated on two, neighbouring atoms). This first type of 
interaction is frequently referred to as 2J, and the latter as 3J, the superscript
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Table 8.6

Dependence of proton-proton coupling constants on the molecular geometry 
and Chemical structure

Geminal protons

Jgcm = 2J=+5-■ -30c/s (Hz)

Vicinal protons 
a) nonsaturated bond

cc. halt of the trans coupling

0— 14 c/s (Hz) 

b) saturated bond

H

H
Trans

Gauche

8—13 c/s (Hz)

H
Lower than trans coupling 
2-4 c/s (Hz) 
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gives the number of valence bonds between the coupled spins. '.I type, or 
direct coupling alsó exists in polymer NMR spectroscopy, fór example, be­
tween 13C and attached protons or the 19F nucleus.

Geminal proton-proton coupling constants rangé usually between -12 
and - 15 Hz, fór example, in methane it is - 12.4 Hz, and in the methylene 
group of poly(methyl methacrylate) -14.9 Hz. The value increases with 
increasing H-C-H valence angles. An electronegative substitution on the 
vinyl group decreases the value, fór example, in vinyl chloride to 2J= -1.3 
Hz.

In the case of vicinal coupling, geometrical parameters and substitution 
influence the strength of coupling. The vicinal coupling constants in 
unsaturated compounds fali between 0 and +20 Hz. In ethylene Jcis= 11.5 
Hz, Jtrans = 19.0 Hz, while in vinyl chloride Jcis = 7.4 Hz, Jtrans = 14.8 Hz. The 
strength of trans-coupling is usually double that of cis-coupling. In saturated 
bonds the strength of trans-coupling is alsó much higher than that of gauche- 
coupling. Typical values are Jlrans = 8 to 13 Hz, Jgauche = 2 to 4 Hz. Table 8.6 
summarizes these fmdings.

8.3.13.2. Isomerism of polymer chains

Polymer cháins from vinyl monomers can form in different ways. Head-to- 
head and head-to-tail structures ha ve already been mentioned, together with 
branching and their analysis by NMR spectroscopy. Heterotactic (iso-, 
syndio- and atactic) polymers formed from a-substituted monomers were 
discussed in the first introductory chapter. A simplified view of these 
structures is listed in Table 8.7. CH2 groups are denoted as a vertical line.

Asymmetric polymeric structures exhibit neither rotational nor trans- 
lational symmetry. Dissymmetric structures, on the other hand, have no 
mirror pláne, bút they can have rotation axes of glide planes. The isotactic 
structure is neither asymmetric, nor dissymmetric, as it has a mirror pláne and 
a translation symmetry bút no axis of symmetry.

Syndiotactic structure, on the other hand, has a translational symmetry 
bút no mirror pláne, it is therefore dissymmetric.

a, /? disubstituted vinyl monomers can lead to further steric structures, 
the most important of which are disyndiotactic (4), erythrodiisotactic (5) and 
threodiisotactic (see Table 8.7).
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Table 8.7

Isomery of polymer chains exhibiting head-to-tail structure obtained from 
vinyl monomers

a — substituted vinyl monomers

a zHC=C (Aor B may alsó be H)BZ H

1. A A A A A
. .. | । | । | । | I [ •'' isotactic

B B B B B

2. A B A B A
• • • | I | । | I | । I ' ’ ‘ syndiotactic

B A B A B

3. A A B A B B
------ 1 | | | | | | | I |-j  heterotactic or atactic

B B A B A A

a, /? — disubstituted vinyl monomers

H H H BC7 or \?“CZ
AZ \ AZ \

4. ABHHABHHABH
- 111111111111111111111--HHABHHABHHA

5 AHAHAHAHAH
- 11111111111111111-H--HBHBHBHBHB

6. ABABABABAB
- 11111111111111H l-H---HHHHHHHHHH

disyndiotactic

erytrodiisotactic

treodiisotactic
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8.3.13.3. Model compounds fór the Identification of isotacticity

The structures referred to above can be distinguished írom their NMR 
spectra. The basis of this distinction is the thorough study of model 
compounds which contain such structures in a well-defined way. The 2, 4, 6 
trisubstituted heptanes are good model compounds fór the study of isotactic, 
syndiotactic and atactic vinyl polymers. Several studies have been made 
which include trichloro, tricarboxy, tricarbmetoxy, and tricyano heptanes. 
Their generál structure is shown in Fig. 8.36. These compounds have two

Fig. 8.36. 2, 4, 6 trisubstituted heptanes as model compounds fór isotactic, syndiotactic and 
atactic polymer sequences.

ch3 CH3

H — — R u Dr\ H — R
— — w. u —_"b Hq- Rq Hb

H — ----p Dr< n H — — R
H — — Hl u unb Ha‘ Ha’ ---- Rq"
H— ----R u Dn r\ R —— H

CH} c'H3 c'"a
Isotactic meso-1 Syndiotactic meso-2 Heterotactic racemic

meso- and one racemic steric isomers. As they are closely related to the 
isotactic, syndiotactic and atactic triadic sequences in polymeric chains, these 
names are alsó applied to the isomers. In the meso-isomers there are two 
identical methylene positions, in the racemic isomer the two methylenes are in 
different positions, so all four methylene protons behave differently.

8.3.13.4. Configurational sequences

The configuration of these model compounds can be generalized fór 
polymers. Assigning meso, m, or racemic, r, configuration to the diadic se­
quences, all further configurations can be described. In triads mm corres- 
ponds to isotactic, mr to the heterotactic, rr to the syndiotactic structure. 
Table 8.8 covers tetrads and pentads as well. Further description of NMR 
spectra refers to this notation.

Methylene (—CH2—) is described as heterosteric if the two protons are 
non-equivalent. The heterosteric methylene group is alsó referred to as a
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Table 8.8

Polymeric chains built up from a-substituted vinyl monomers

Sequence Schematic view Notation Sequence Schematic view Notation

Diád:
X H X

I I I

racemic, r
(the protons of the 
^-methyl group 
are equivalent)

Meso, m 
(protons of the 
^-methyl group are 
nőt equivalent)

Triad:

isotactic 
(0, 
mm

hetero- 
tactic (A), 
mr

syndio- 
tactic (5), 
rr

mmm

mmr

Pentad:

mmm
(isotactic)

mmmr

rmmr

rmr
mmrm

mrm

rrm

rrr

mmrr

rmrm
(heterotactic)

rmrr

mrrm

‘' rrrr
4— —|-----(syndio- 

,, ,, tactic) 
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meso, m, group. The methylene group is homosteric if the two protons are 
equivalent. These groups are alsó referred to as racemic, r, groups.

Another common description of polymer chains is based on the 
generalization of the trans and gauche notation. According to the convention 
introduced by Yoshino (1966), the configuration is known as trans if the chain 
C-atoms are in the trans position. The structure is called G if the R substi- 
tuent is in the trans position with respect to the chain, and it is denoted as 
G' if both the R substituent and the chain C-atoms are in the gauche position 
with respect to the chain (Fig. 8.37).

G'

• Carbon atom

O Substituent

Fig. 8.37. Various conformations of vinyl polymer chains.

According to this convention the meso position is given as TG, and the 
racemic as TT or GG. Isotactic chains are either in TGTG or GTTG 
conformations, whereas atactic chains can be described as TTTG, TTGT or 
GGTG, and syndiotactic sequences as TTTT or GGTT. Since in the case of 2, 
4, 6 trisubstituted heptanes (trimeric model compounds) the number of 
possible TG conformations is 81, this notation is preferentially used in 
description of conformations rather than configurations.

8.3.13.5. Observation of configurational sequences in polymers.
Analysis of polyfmethyl methacrylate)

Sequences observed in model compounds, and predicted by calculations, 
can be identified in polymers. As an example, the NMR spectra of poly­
fmethyl methacrylate) is examined below at different frequencies, and the 
sequences observed at different levels of resolution are discussed.

Fig. 8.38 shows the 60 MHz spectra of two PMMA samples prepared by 
two different catalyst Systems. The peaks can be identified quite easily using



Sect. 8.3 NMR spectroscopy of polymers 401

r
Fig. 8.38. 60 MHz spectrum of poly(methyl methacrylate) in a 15% chlorobenzene solution. a 
Polymerization by free radical initiator; b polymerization by anionic initiator. Ester methyl 
proton resonance appears at 6.51; that of the /3-methylene proton at 8.0 r, the resonance of the a- 
methyl group with 3 peaks appears between 8.5 and 9.0 r.

the experience gained on low molecular model compounds. The peak 
appearing at 6.42 t can be ascribed to the ester methyl group. The a-methyl 
resonance appears between 8.7 and 8.8 r, while the methylene resonance of the 
main chain appears in the 7.3 to 8.4 r-range. The reference peak of tetramethyl 
silane appears at lO.OOr.

Three a-methyl peaks appear at 8.67 t, 8.79 r and 8.9 t respectively. The 
relatíve heights strongly depend on the preparation conditions. The peak 
appearing at 8.67 r is characteristic of the i units (mm), the 8.90 t peak 
corresponds to the syndiotactic s(rr) configuration while the 8.79 r peak can 
be assigned to methyl groups, where the Central monomeric unit is in 
heterotactic, h(mr) configuration. The relatíve intensities of the peaks 
appearing at 8.67, 8.79 and 8.90r are proportional to the number of the i, h 
and s units respectively.

The chain, /f, methylene resonance should give a single resonance in the 
syndiotactic polymer. since the two protons are in equivalent environments:
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H 'CH.I /h\ C=O
I V' ' I ; I—C-- C--- pC4-C
I । I ' >’nH C’O \H/ (CH,) 

CH,

-------- a-methyl groups

-------- /Amethylene groups

In the isotactic polymer, however, the two protons of the /i-methylene 
group are in different environments (different shielding), and owing to the 
spin-spin interaction four resonance peaks are expected. These four peaks 
correspond to two doublets, with roughly equal intensities so long as the 
shielding difference is much higher than the J coupling. If the shielding

Fig. 8.39. Details of the 220 MHz NMR spectra of the compound shown in Figs 8.31 and 8.38. 
This Figure illustrates the fine structure in the ^-methylene proton region. Spectrum lines splil 
according to tetradic structures. It can be seen that sample a consists rnainly of rrr syndiotactic, 
sample b predominantly of mmm isotactic sequences. The spectrum of the methylene group can 
be used in the analysis of dyadic and tetradic stereosequences.
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difference is close to the coupling value, the intensity of the outer peaks 
decreases.

In Fig. 8.38a, where the sample consists mainly of isotactic units, the 
latter situation can be observed, the centre being around 7.90 r. The sample 
shown in Fig. 8.38A contains mainly syndiotactic units. Here the methylene 
signal is essentially a single line showing somé fine structure. This can be 
explained by the appearance of tetrads, which can be studied more success- 
fully on high resolution spectra.

100 MHz spectrometers offer a much better resolution as shown in 
Fig. 8.31. Further resolution can be achieved at even higher frequencies. Fig. 
8.39 shows the splitting of the ^-methylene proton resonance of the same

_________ i________ i________ l________ i---------—।-----------
86 87 88 89 9.0

r
Fig. 8.40. Details of the 220 MHz NMR spectra of the compounds shown in Figs 8.31 and 8.38. 
This Figure illustrates the fine structure in the a-methyl proton resonance region. Spectrum lines 
split according to pentadic structures. The spectrum of the a-methyl group can be used in the 
analysis of triadic and pentadic stercosequcnces.
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PMMA samples at 220 MHz. The upper spectrum corresponds to a mainly 
syndiotactic polymer, while in the lower spectrum isotactic units are 
predominant. (The ssb abbreviation in the Figure corresponds to spin side 
bánd.)

Fig. 8.40 shows the a-methyl resonance region of the same polymer 
samples at 220 MHz. In this Figure the splitting of the mm, mr and rr peaks is 
due to the appearance of pentad sequences (Frisch et al. 1968).

_J________ 1____________ 1—___ ___ I____I____ I__
120 125 128 129130

PPm ppm

-ocCHj

a)

Fig. 8.41. 13C NMR spectra of poly(methyl methacrylate) (PMMA) samples. a Mainly 
syndiotactic PMMA; b stereoblock PMMA. Pentadic stereosequences can be measured by the 
carbonyl carbon resonance. (After Inoue et al. 1971.)

mr

b) |

___ I___ l___ L—
750 755 160 165 

ppm

Configurational sequences can alsó be observed on 13C NMR spectra. 
Fig. 8.41 shows the spectra of a predominantly syndiotactic PMMA (a) and of 
a stereo-block (b) PMMA polymer, in which the pentad sequence distribu- 
tion can be clearly observed. Sequence distribution can be measured on the 
resonance signals of the carbonyl C-atom.

8.3.13.6. Isotacticity in polypropylene

Deciphering the sequence distribution in PP is a fairly complex task mainly 
because of the strong coupling of the main chain and side chain protons which 
strongly influences the spectra. Useful results have been obtained on samples 
prepared from a deuterated monomer. The structure of this deuterated
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monomer can be given by:

(8.21)

Using the Ziegler-Natta polymerization technique three fractions were 
prepared by solvents. Fig. 8.42 shows the spectra of these fractions together 
with the spectrum of the unfractionated sample (Stehlin 1964). The a cry- 
stallizing fraction gives four methylene resonances, and is almost totally 
isotactic. The c fraction, which is amorphous, contains mainly syndiotactic 
units. The h block contained both isotactic and syndiotactic units, bút its 
composition cannot be determined from the NMR spectrum. A good 
quality spectrum of the nondeuterated polymer could be obtained by using 
a 220 MHz spectrometer with 52 kG tieid strength and superconductive 
solenoid magnets. This is shown in Fig. 8.43. Assignment of the main lines 
of this spectrum is given in Table 8.9.

a)

a 9 10
Chemical shift ppm

Fig. 8.42. NMR spectrum of poly(2,3,3,3 d4-propylene). Measuring frequency is 60 MHz, tem­
perature is 110 °C, solvent is 2-chloro thiophene. a Isotactic fraction; b stereo-block fraction; 
c amorphous fraction; d unfractionated sample. Internál standard is hexamethyl disiloxane 
(HMDS), which gives an absorption line at 9.94. r.
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Fig. 8.43.220 MHz NMR spectrum of polypropylene. Solvent is o-dichloro benzene. a Isotactic; b 
syndiotactic polymer. (After Ferguson 1967.)

Fig. 8.44 shows the 13C NMR spectrum of polypropylene. On this 
spectrum the methylene group appears at 146 ppm, the methylene carbon at 
166 ppm, and the methyl carbon at 173 ppm. Spectrum a corresponds to the 
isotactic, and spectrum b to the atactic polymer. The bánd of the methyl 
carbon in the atactic polymer splits intő a triplet, where the presence of mm, 
mr and rr triads can be observed.

The NMR spectra of other vinyl monomers have been analysed from the 
point of view of tacticity by several other authors using the generál principles 
discussed here. Detailed information fór these studies can be found in the 
references given at the end of this book.
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Table 8.9

Typical bands of the NMR spectrum fór polypropylene
CH3 hb CH3

I I I—c c—c—
I I I 

Hc Ha Hc
Isotactic

CH3 Ha Hb

Hb- Ha CH3 
Syndiotactic

Proton r
HA (Anti) 8.73
HB (Syn) 9.13
Hc 8.42
CH3 9.14

Proton
Ha and Ha.
Hb and HB-

8.97
8.46

9.19

After Ferguson 1967.

CH2 CH ch3

Fig. 8.44. 13C NMR spectrum of polypropylene (25 MHz), a Isotactic PP, 5% solution in o- 
dichloro-benzene at 60°C, average of 100 measurements; b atactic PP. 30% solution in o- 
dichloro-benzene at 60°C, average of 100 measurements. (After Johnson et al. 1970.)

8.3.14. Studies on vinyl copolymers

High resolution NMR is a very powerful tool in the structural analysis of 
vinyl copolymers.

First let us review the structural units to be distinguished. If the polymer 
consists of CH2=CX2 type monomers, the configurational sequences given
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Table 8.10

Configurational sequences of co-monomers of the CH2 = CX2 type (A and B)

Diads: 

m

AB
1

r

Triads: 

mm

mr

AAB (BAA)

in Table 8.10 can be distinguished. If one of the monomers is of the CXY= 
CH2 type, whereas the other is of the CX2=CH2 type, the sequences are 
limited to those given in Table 8.11. NMR can be used to measure the average 
composition of copolymers. It is faster and probably more exact than 
conventional methods, bút since this book is devoted to structural problems, 
studies of this kind do nőt belong here.

Various copolymers of monomers A and B, as block copolymers 
(.. .AAAAABBBB.. .), alternating copolymers (.. .ABABAB...) or 
random copolymers (.. .AABABBBAA...), can be described by NMR 
spectroscopy provided that A B type bonds can be distinguished from A A 
and B B type bonds, either from the Chemical shifts or coupling interactions. 
If no A-B type bond can be detected, the system is a simple mixture of two 
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Table 8.11

Configurational sequences of comonomers of the CXY = CH (A) and 
CX2 = CH2 (B) type
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a) b)

c)

I I I I I I i I > I I » I I i L—1 1—I 1
6 7 8 9

T
Fig. 8.45. 60 MHz NMR spectra. a Poly(vinylidene chloride), b polyisobutylene, c vinylidene 
chloride-isobutylene copolymer, 70 mole% vinylidene chloride content. Peaks marked by 
numbers are tetradic sequences in the following order. 1 AAAA; 2 AAAB; 3 BAAB; 4 AABA; 5 
BABA; 6 AABB; 7 BABB. (After Kinsinger et al. 1966.)

homopolymers, which might otherwise be demonstrated by somé far more 
cumbersome method, such as selective dissolution.

As an example the study of a vinylidene chloride copolymer is given 
below. One of its important copolymers is prepared with isobutylene. The 
NMR spectra of the homopolymers and of a copolymer containing 70 mole% 
vinylidene chloride is shown in Fig. 8.45. On this spectrum seven different 
methylene peaks can be distinguished. This means that the resolution gives 
information up to tetrads. If only diads and triads were distinguishable, three 
methylene groups would be observed. Interpretation of the lines is given in the 
Figure caption, a is the spectrum of vinylidene chloride, and b that of 
isobutylene. The other three peaks belong to the methyl group absorption 
rangé, around 8.6 r.

8.3.15. Crystallinity determination from NMR spectra

Crystallinity measurements by NMR are based on the fact that should the 
frequency of the group motion exceed about 104 Hz, the resonance curve 
becomes very sharp. The polymer to be studied has to be held at a 
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temperature where the correlation time of the motions relating to the 
crystalline parts is tcorr,cr> 10”4s and the time fór amorphous areas 
teorr,am«10-4S.

Under these circumstances the NMR absorption is the superposition of a 
narrow (amorphous) and a broad (crystalline) resonance. These can be 
resolved by graphical means, and from the intensity ratio the crystallinity 
can be calculated.

Slichter and McCall (1957) studied the mobilities of two polyethylene 
samples, one being a linear PE (Marlex 50), the other a crosslinked PE.

They found that in the case of Marlex 50 the ícorrcr> 104s and 
t <g104s condition is valid over a wide temperature rangé. The 
measured crystallinity was 90%. In the case of the crosslinked PE samples the 
authors were unable to find a temperature where the correlation time 
condition was fulfilled.

Farrow and Ward (1960) studied the crystallinity of poly(ethylene 
terephthalate) in both oriented and unoriented States. They could only obtain 
a curve fór the resolution of mobile and immobilé parts above the secondary 
transition point, at 110°C. Fig. 8.46 shows the derivative curve of such a

Fig. 8.46. Broad line NMR spectrum of poly(ethylene terephthalate) above the second order 
transition temperature in dispersion mode. The superposition of broad and narrow components 
can be observed.
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Table 8.12

X-ray and NMR crystallinity of poly(ethylene 
terephthalate) samples

Crystallinity, %
Sample NMR X-ray

180 °C 25 °C 180 °C

Fiake 72 52 46

Fiake obtained by slow 
cooling 72 62 44

Oriented film 80 53

superposed NMR spectrum. The result strongly differs from that obtained by 
X-ray methods, as shown in Table 8.12.

It is generally true that the correlation between crystallinities obtained 
by X-ray and NMR techniques is nőt very satisfactory. The probable reason 
fór this discrepancy may lie in the fact that, while X-ray diffraction studies the 
regularity of the scattering centres, NMR detects the mobility of the structural 
units, irrespective of the regularity of the interstructural distances.

8.3.16. Temperature dependence of molecular motions

In the study of the temperature dependence of molecular motions, we are 
concerned in the main with two characteristic quantities:

— the spin-lattice relaxation time, tj
— the linewidth and closely related second moment, or the inversely 

proportional spin-spin relaxation time, t2.
As mentioned earlier in Fig. 8.18, there is a slight, bút important, 

exchange process between the spins and the lattice. Protons excited to high 
spin temperatures transfer somé heat energy to the lattice in order to reach the 
equilibrium spin population which appears in the molecular motion of the 
lattice. If the temperature of the sample is decreased, and the viscosity 
increases, the spectral intensity of the local magnetic nőise increases, and 
passes through a maximum at the Larmor-frequency, then subsequently 
decreases.

As shown in Fig. 8.27 the protons “feel” nőt only the external Ho field, bút 
alsó the field of the neighbouring proton, which can add to, or subtract from. 
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the Ho value, so that the resonance line splits intő a doublet. If the interactions 
are nőt restricted to individual pairs, bút are a superposition of fields from 
protons at different r distances and 3 angles relatíve to the Ho field, the 
magnetic interactions exhibit a Gaussian distribution. In this case the NMR 
spectrum transforms intő a broad line as shown in Fig. 8.27c.

If molecular motion changes as a result of increasing or decreasing 
temperatures, the field strength of the magnetic interactions becomes time 
dependent. tcorr, the correlation time (the time interval under which the spin 
rotates one radian, so that the rotation time is 27ctcorr) may be so short that 
H]oc can be regarded as a constant. Under these circumstances the resonance 
lines become 104 105 times narrower, compared to the time dependent Hloc 
value. Starting from a rigid lattice, and increasing mobility by moving to 
higher temperatures, the resonance line becomes narrower when:

— ^2tcóv (8.22)
tcorr

where öv is the halfwidth of the line obtained from the rigid lattice (in Hz 
units).

Magnetic nuclei are nőt only magnetic dipoles, they alsó exhibit a 
precession motion around the magnetic field, even in the solid State. This has a 
component which is parallel to the Ho field, bút alsó has a rotating compo- 
nent. This component can excite the neighbouring spin if their Larmor fre- 
quencies are equal. During these magnetic spin-exchange processes (alsó 
known as a flip-flop process) the energy is constant, bút the phase coherence 
of the precession motion decreases. The loss of phase coherence can be 
characterized by t2, the spin-spin relaxation time.

If the coupling between the spins increases, the spin-spin relaxation time 
decreases, and t2 is inversely proportional to the linewidth:

In glassy or crystalline polymers the conformation of the polymeric 
chains (either in the ordered or non-ordered State) is frozen, and the structure 
is rigid. The side groups are, however, mobile, even in this State. In rubbers, 
chain conformations change rapidly via rotations around the <r-bonds of the 
main chain, and side groups are alsó mobile. On cooling, the mobile rubbery 
phase transforms intő glass, or intő a partially crystalline mátrix. The 
linewidth increases from 0.1 1 Gauss to 2-8 Gauss when the frequency of the 
motion of the polymeric main chain becomes comparable with the linewidth 
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(104-105 Hz). At even lower temperatures a second line-widening pheno- 
menon occurs due to the freezing of side group activity.

The rate of thermodynamic equilibration between the spin system and 
the lattice can be characterized by the fi relaxation time. The equilibration is 
faster if the frequency of the molecular motion approaches the NMR 
frequency, which is 5-100 MHz. So íj can show several minima, since on 
cooling various molecular motions pass the critical frequency rangé, tj can be 
measured in high resolution spectrometers in the liquid state by monitoring 
the signal strength when switching the Hí field on and off. When switched off 
the spin system is already saturated, that is, the relatíve population 
approximates the equilibrium value. Time dependence is studied by rapid 
consecutive measurements. This method can be used only if fi is longer than 2 
to 3 sec. t2 can be deduced from linewidth data only if it is shorter than 1 sec, 
otherwise field inhomogeneity has a greater effect on the linewidth, and t2 is 
underestimated.

In liquids t2 approximates to tj and this method cannot be applied. In 
polymer Solutions the linewidths are of the order of 5-10 Hz or higher, which 
means 1/60 sec fór í2. In this case t2 can be measured relatively accurately if 
other sources of error (such as overlapping multiplicity) are nőt present.

If t{ is shorter than 2 to 3 sec, or if t2 is longer than 1 sec, the pulse 
technique is used. The essence of this method is as follows: fór a short time 
period, r, a strong rádió frequency field is applied. During this time interval 
practically no relaxation occurs. Under the effect of this pulse, M, the mac- 
roscopic magnetic moment, turns in the direction of the xy pláne, and the 
ratio of rotation is yW,. If is chosen so that M rotates exactly to the xy 
pláne, it is called a 90° pulse. The resulting signal will decrease with t 
remaining constant, bút t2 is still influenced by the field inhomogeneity. True 
t2 values can be measured by the “spin echo” technique which compensates 
fór the effect of field inhomogeneity.

When measuring a second 90° pulse is applied to turn the net 
moment in the direction of the original axis. If the time interval between the 
pulses is shorter than the z-component of the magnetization cannot reach 
the equilibrium Mo value. By measuring Mz at different pulse sequence times, 
ti can be determined.

Fig. 8.47 shows the temperature dependence of the fi relaxation time fór 
polyisobutylene at 30 MHz and 50 MHz, and fór natural rubberat 30 MHz 
(Slichter and Davis 1964).

It can be seen that, at a given temperature, fi increases with the applied 
frequency. On both curves two minima appear. In the case of natural rubber 
the lower temperature minimum (at -150°C) is related to the methyl
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Fig. 8.47. Temperature dependence of t1( the spin-lattice relaxation time of polyisobutylene and 
natural rubber. a Hevea-rubber. 30 MHz, b polyisobutylene, 50 MHz, c polyisobutylene, 30

MHz.

rotation, while the higher temperature minimum (at about 30°C) can be 
attributed to the translation and rotation of the chain segments. In the case of 
polyisobutylene the lower temperature peak is much broader and appears at a 
temperature about 100°C higher. This is probably due to the fact that the 
methyl group rotation in this polymer is hindered, and becomes free only if 
segmental motion is enhanced.

This interpretation is borne out by the temperature dependence of the tj 
relaxation time in cis-1,4-polybutadiene (Fig. 8.48). Here there is no methyl 
group, thus the low temperature minimum is absent. The single minimum, 
however, appears at lower temperatures (at about —45 C), which corre-
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Fig. 8.48. Temperature dependence of t^ the spinlattice relaxation time of cis-1,4- 
polybutadiene.

lates well with the fact that the glass temperature of rá-polybutadiene 
( 110 C) is much lower than that of natural rubber or polyisobutylene 
( —70°C).

From studies on rigid polymers Fig. 8.49 shows the results obtained on 
poly(methyl methacrylate) (Powles et al. 1964). Both syndiotactic and 
isotactic polymers exhibit two t] minima. The lower temperature minimum is 
due to methyl group rotation, whereas the higher one to segmental 
motion. Both transitions appear at temperatures about 50°C lower in the 
isotactic polymer as compared to the commercially known (mainly 
syndiotactic) version, that is, stereochemical configuration influences both 
motions.
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Fig. 8.49. Temperature dependence of the spin-lattice relaxation time of poly(methyl methacry- 
late) at 21.5 MHz. a syndiotactic, b isotactic polymer.

Fig. 8.50 shows the temperature dependence of the second moment of the 
NMR spectra of polyisobutylene, natural rubber and atactic polypropylene. 
Moments calculated fór non-moving polymer chains are shown on the left 
hand side of the Figure. The lowest Figure relates to natural rubber. This level 
is reached by the natural rubber sample at about 50 K. At about 100 K the 
second moment suddenly decreases because of the onset of methyl rotation. 
This plateau is observed up to 220 K, where again the second moment 
decreases, now because of onset of segmental motion. This second tem­
perature value is close to the Tg of natural rubber shown on the abscissa. 
In the case of atactic polypropylene the measured value does nőt reach the 
calculated one even at 77 K, and the methyl groups are free to move even at 
this temperature. It is expected that the “freezing in” of this motion should 
begin at around 50 K. Similarly to natural rubber, a plateau is observed in 
polypropylene up to 250 K, corresponding to the much higher Tg value.

Second moments calculated from rotating methyl groups are shown on 
the right hand side of the Figure. It can be seen that in the case of natural 
rubber, the agreement between calculated and experimental values is quite 
satisfactory, while fór polypropylene the calculated value is somewhat higher 
than experiment indicates.
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Fig. 8.50. Temperaturedependence of the second moment oftheNMR spectrain polyisobutylene 
(PIB), natural rubber (NR) and atactic polypropylene (PP). (After Slichter 1961.)

In the case of polyisobutylene the temperature dependence of the second 
moment is somewhat different. It reaches the value calculated fór rotating 
methyl groups only at about 200 K, and there is no pronounced transition due 
to the onset of methyl rotation, only an inflexión is observed at 225 K. This 
agrees well with the earlier observation on the temperature dependence of 
that the rotation of the methyl group in polyisobutylene is hindered, and 
becomes free only when segmental motion begins.

The behaviour of polymers which are rigid at room temperature is 
similar to that of elastomers, bút the curves shift towards higher temperatures.

Below 150 K the spectra are the superposition of narrow and broad 
components, which can be explained by the presence of amorphous and
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Fig. 8.51. Temperature dependence of the second moment of the NMR spectrum in 

poly(tetrafluoro ethylene).

crystalline regions. As an example fór a highly crystalline, rigid polymer, Fig. 
8.51 shows the temperature dependence of the second moment of 
poly(tetrafluoro ethylene) (Teflon). The calculated static second moment (10.0 
G2) is the superposition of a dominant contribution due to the helical 
structure determined by X-ray techniques (7.5 G2), and of an estimated inter- 
chain dipólé—dipólé interaction contribution (2.5 G ). The experimentally 
observed 10.9 G2 value at low temperatures is in resonable agreement with 
the theoretical value. The Figure shows data fór three different Teflon samples 
(Schmidt 1955). Teflon 1 and Teflon 6 differ in molecular mass, the curve 
shapes being practically the same, whereas in the 240-310 K interval the 
second moment drastically decreases. In this temperature rangé it is generally 
known that the crystal structure, heat capacity and density of Teflon change. 
These effects can be explained by the onset of chain rotation. The sample 
denoted as British Teflon shows the onset of chain motion at lower 
temperatures which indicates the presence of low molecular impurities (acting 
as plasticizers) or low molecular mass fractions.
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8.4. MECHANICAL SPECTROSCOPY OF POLYMERS

8.4.1. Thermomechanical curves

Mechanical and dielectric properties of polymers change as a function of 
temperature in a similar fashion to the second moments of the NMR spectra. 
If the tensile, E, or shear, G, moduli of polymers are plotted versus tempera­
ture, the analogy is quite clear. Moduli can be determined in deformational or 
dynamic, fór example, torsional experiments. Such a thermomechanical curve 
is shown in Fig. 8.52, which plots the shear modulus, G, versus temperature.

Fig. 8.52. Schematic thermomechanical curve of an amorphous polymer.

The analogy is nőt by chance, the effects of various modes of motion mani- 
fest themselves in the mechanical properties. If a rigid amorphous polymer 
is heated from its glassy State, a secondary dispersion region is observed first, 
which is related to the onset of methyl, or other side group, rotation. 
Following a plateau region, the primary transition region is reached and 
segmental motion of the chains begins. This is the T or glass-rubber tran­
sition zone, there follows a second plateau, which is known as the rubber 
elastic region. The upper limit of this region is Tf, the flow point in linear 
polymers. In crosslinked systems there is no flowpoint, these remain at the 
plateau-level up to high temperatures, where they gradually decompose. The 
second dispersion at the flowpoint results in a viscous liquid, and elasticity 
disappears.

ít should be noted that, if the molecular mass is lower than the minimum 
value needed fór rubbery properties, meaning rubber elasticity, then the 
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thermomechanical curve shows a very short rubbery plateau, or nőne at all. 
This critical molecular mass is noted as Mc in the Figure.

The thermomechanical curve of partially crystalline polymers is 
somewhat more complicated. The generál shape is shown in Fig. 8.53. Above 
the glass transition temperature the crystalline parts are still intact, which

Fig. 8.53. Schematic thermomechanical curve of a partially crystalline polymer.

reduces the segmental mobility similarly to crosslinking. Segmental motion 
becomes possible only above the melting point, Tm. The rubbery elastic State 
can appear both below or above the melting point, depending on the crystal- 
linity level. If T{, the flow point of the amorphous parts, is higher than Tm, the 
melting point of the crystalline part, then above Tm another, rubber-elastic 
plateau appears which ends at T(, the flow zone. If T{ is lower than Tm, then the 
matéria! flows just after melting at Tm. The latter case is observed if a high 
melting temperature is accompanied by high crystallinity.

8.4.2. Mechanical spectroscopy

Mechanical spectroscopy does nőt belong to the classical branches of 
spectroscopy, as it does nőt investigate the interaction of electromagnetic 
radiation with matter. Thermomechanical curves presented before, however, 
clearly show that the temperature dependence of the mechanical properties in 
polymers are closely related to molecular mobilites at a given temperature.

Since polymers under the action of mechanical stimuli display both 
elastic and viscous properties their behaviour is termed viscoelastic. If the 
elastic behaviour can be described by Hooke’s law, and the viscosity 
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relationship is Newtonian, then the matéria! is termed linear viscoelasticity.
The relationship between stress strain and shear stress and strain rate are:

<j = eE Hooke’s law fór extension of a solid

z = yG fór shear of a solid

dy .
t = >/ — fór a Newtonian fluiddt 

(8.24)

(8.25)

(8.26)

where E is the tensile, and G the shear modulus; a is the tensile, whereas t 
the shear stress; £ is the tensile, and y the shear strain, 7 is the viscosity co- 
efficient (or simply viscosity), whereas dy/dt is the shear strain rate. Linear 
viscoelasticity in polymers is a first approximation, being valid only at small 
deformation levels.

After various external stimuli the polymer can recover its original 
equilibrium State so long as strains remain small. This is known as the rela- 
xation process. The time and temperature dependence of this process are 
very important characteristics of the polymer matéria!.

In stress relaxation experiments the stress decreases, that is, the stress 
leve! decreases to zero during the relaxation process. Elastic energy 
transforms irreversibly intő viscous energy. If the strain level is constant, the 
process can be described by the differential equation:

7 =
1 dl T
~ 3—I— = 0G dt >7 (8.27)

where y is the time derivative of the shear deformation dy/dt; G is the shear 
modulus, t is the actual shear stress value, and r] the viscosity.

Solving the differential equation with t = t0 at r = 0 as initial conditions 
gives:

Gt 
t = toe~ 1. (8.28)

The q/G value in the exponent combines elastic and viscous effects, and is 
referred to as the relaxation time, 0.

Mechanical spectroscopy is the study of the distribution of relaxation 
times under the action of various static and dynamic stimuli.

If the time dependence of the stress is studied, then the stress relaxation 
modulus, E(t), can be calculated from equation:

(8.29) 
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where <rstr is the stress component parallel to the strain direction, and e0 the 
initial strain.

Similarly fór the shear stress relaxation modulus:

TÍí)GW=^ (8.30)

where r(t) is the time dependent shear stress, and y0 the initial shear strain.
The relaxation process can be described by the stress relaxation modulus 

itself. Such that:

t=yG, (8.25)

from Eq. (8.28):

G(t)=Ge"^. (8.31)

If several relaxation processes are present, then the shear relaxation moduli 
superpose, so that fór a relaxation consisting of z components:

G(t) = É GjCxpí —t/0j). (8.32)
i= 1

In the case of dynamic measurements the stress stimulus is applied 
periodically, fór example sinusoidally, and the corresponding deformation is 
measured. Because of the viscous properties the amplitude decreases, and a 
phase lag appears between stress and strain. From such measurements a 
dynamic modulus can be obtained. Here it is assumed to be a shear process.

Am
pH

tu
de

Fig. 8.54. Stress and stain curves in dynamic mechanical experiinents.



424 Spectroscopic studies on polymers Ch. 8

This can be resolved intő two components, one being in phase with the 
original stress wave, G', the other shows a 90° phase lag, G" (Fig. 8.54). The 
components can be presented in complex form, such that:

G^G' + iG", (8.33)
or

I^hVg^Tg^. (8.34)
The ratio of the moduli components is known as tan ö or the loss factor:

G"
^^“g7 (8.35)

where ö is the phase angle between the stress and strain components. The term 
“loss factor” refers to the corresponding energy dissipation process.

Data obtained in dynamic measurements cannot be directly compared 
to quasistatic thermomechanical data, the results agree only if the dynamic 
measurements are extrapolated to very low frequencies. The exact relation­
ship between the complex and relaxation moduli can be obtained by Fourier 
tranformation.

In dynamic measurements the realization of the time-temperature 
superposition principle has been of considerable importance. The principle 
suggests that in dynamic measurements an increase in the measurement 
frequency has a similar effect as a decrease in temperature. In quasistatic 
measurements an increase in temperature corresponds to a decrease in time. 
The principle is shown in Fig. 8.55. In experimental work the time interval 
can be varied by a factor of fór example 103. If the temperature of the 
measurements is varied, a series of curves can be obtained, as shown on the left 
hand side of the Figure. If the curves are shifted horizontally a single master 
curve can be obtained from these component curves. The shift factor related

Measured

Fig. 8.55. Representation of the time-temperature superposition principle.



Sect. 8.4 Mechanical spectroscopy of polymers 425

TR 130

Fig. 8.56. Dynamic mechanical relaxation spectrum (DMA curve) of a polyethylene sample.

to temperature T, is measured on a logarithmic abscissa scale. If, fór example, 
the temperature is increased from Ti to T2, the measurement time changes 
from t to t/aj. By this method the modulus/time curve can be extended to 
long times which were nőt measurable by conventional techniques.

In practice a reference temperature, Tr, is chosen and higher and lower 
temperature curves are compared to this reference value.

Various types of equipment have been developed fór the measurement of 
the mechanical relaxation spectrum. As an example Fig. 8.56 shows the DMA 
(dynamic mechanical analysis) curve of a polyethylene sample. The curves 
identify characteristic changes in G' and G" as a function of temperature.





CHAPTER 9

Trends of development

The structural investigation of polymers is developing rapidly. Continuously 
new information is available on conventional and new materials. It is difficult 
to forecast the train of development, bút it should be expected of an author to 
refer to foreseeable tendencies.

Firstly, concerning new materials. There is at least one high-volume 
industrial product which requires new structural concepts, and this is the 
ethylene-a-olefin copolymer, which is frequently referred to as LLDPE(linear 
low density polyethylene). It is alsó used in the médium and high density 
ranges, and in these cases it is called simply LPE (linear polyethylene).

Recently, homogeneous and heterogeneous ethylene copolymers of even 
lower density have been introduced to the markét. They are nőt only 
industrially important bút are alsó interesting from a theoretical point of 
view, on account of intriguing relationships between their molecular structure 
and crystallization behaviour.

These materials are Very Low Density Polyethylenes (VLDPE) with 
densities falling well below 900 kg/mJ (Mathot and Pijpers 1987). Fig. 9.1 
shows the thermal behaviour of such a VLDPE. The most remarkable 
features of these polymers are the wide crystallization and melting 
ranges, especially compared with an ethylene-propylene copolymer with 
virtually the same density, whose heat capacity curve has been included in the 
Figure. Such ethylene-propylene copolymers can be classified as homog­
eneous, since the distribution of the propylene units is homogeneous both 
intra- and intermolecularly. By contrast, fractionation experiments have 
revealed that the heterogeneity of comonomer incorporation in VLDPE is of 
an intermolecular natúré.
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Fig. 9.1. Thermal behaviour of a very low density polyethylene, compared with an ethylene- 
propylene copolymer of the same density.

Fig. 9.2. Enthalpy and crystallinity of VLDPE versus temperature.

The relatíve width of the temperature ranges fór the VLDPE in 
comparison to the homogeneous copolymer is alsó illustrated in Fig. 9.2. Fór 
a VLDPE of even lower density the Cp hc (7) curve (he stands fór the heating 
curve) was integrated, yielding a spéciik enthalpy curve Hhe(T), which was 
compared to reference curves of 100% amorphous and 100% crystalline linear 
polyethylene (Ha(T) and HC(T) respectively). The quantity xhc(T) = [Ha(T)
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Fig. 9.3. In k values of different branching fractions from the Avrami plot of LLDPE versus 
orystallization temperature.

Fig. 9.4. Bright tieid electron micrograph of the epitaxial array of PE on PP.

- is an accurate measure of the degree to which these
extreme conditions are realized and is very sensitive to experimental 
differences.

The xhc(T) curve shows a continuous decrease from — 60°C onwards. Its 
value at 23 °C is 25%, lower than its peak value at -60°C. This illustrates 
that the melting process is in progress from — 60°C onwards, while fór this 
specific sample it is completed at the remarkably high temperature of about 
130°C.
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o

Fig. 9.5. The diffraction pattern of PE superimposed on the fibre texture of PP.

Fig. 9.6. Onented PP structure reinforced by PE lamellae.

The HDPE and LDPE types crystallize at a very high rate. The ethylene- 
° Xucf0 T are Very SenSÍtÍVe t0 branchin«in their crystallization, and 

structure showsa strong dependence on thermal history. As shown in 
g. 9.3 samples fractionated wtth respect to branching exhibit very different 

n . values on the Avrami plot dependent on crystallization temperature 
odor and Dalcolmo 1987). Such polymers must be characterized notjust by 

branZrn " m°leCU'ar a'S° WÍth to chai"
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Fig. 9.7. Young’s modulus of PP and PE blends, before and after the epitaxial structure is 
achieved.

Melting properties depend on the crystalline lamellar distribution. Two 
or more melting ranges are present in the LLDPE types. Methods fór 
describing such distributions are of technical importance.

The mechanical properties of polymers are alsó improving. It seems that 
a new way to achieve higher tenacity is to use the epitaxy in somé polymer 
pairs; Petermann et al. (1987) used the epitaxial crystallization of polyethylene 
on oriented polypropylene. Fig. 9.4 shows the bright field electron 
micrograph of the epitaxial array of PE on PP. Such structures are obtained 
when PP/PE blends are cold stretched and subsequently annealed above the 
melting point of the PE. The molecular order of this structure can be seen in 
Fig. 9.5. The [100] diffraction patterns of PE are superimposed on the fibre 
texture of PP. The physical effect is that the amorphous part of the oriented 
PP structure is reinforced by the PE lamellae, as shown in Fig. 9.6. The 
Young’s modulus of such polymer blends is shown in Fig. 9.7 and is about 
double that of the normál blend when the epitaxial structure has been achie­
ved.
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This review of the characterization of polymer molecules in Solutions 
and in solid State demonstrates the methods available fór measuremenl, 
and presents an overview of the result, summarizing information at 
present only available Írom scattered literature. The book commences 
with an introduction to the configurational (structural) Chemical build- 
up of polymers, proceeding to the thermodynamics of polymer Solutions 
and methods of determining molecular-mass and mass distribution. It 
revicws the arrangement of polymer molecules in solid phase, and the 
morphology of polymers at different structural levels. There is consider- 
able emphasis on dilatometry, light- and electron microscopy, light 
scattering, wide and small angle X-ray diffraction, thermoanalysis, and 
ESR and NMR spcctroscopy. An entirechapter is devoted to the kinetics 
of structure building. The book is recommended fór researchers working 
in the tieid of polymer physics. polymer chemistry, plastics. physics, 
thermodynamics, physical chemistry, and macromolecular science.
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